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Abstract
Transparent conductive oxides (TCOs) are key functional materials in existing and future
electro-optical devices in the fields of energy efficiency, energy generation and information
technology. The main application of TCOs is as thin films transparent electrodes where a
combination of maximum electrical conductivity and transmittance in the visible to near-
infrared spectral range is required. However, due to the interdependence of the optical prop-
erties and the free electron density and mobility, respectively, these requirements cannot be
achieved simultaneously in degenerately doped wide band-gap oxide semiconductors. There-
fore, a detailed understanding of the mechanisms governing the generation of free charge
carriers by extrinsic doping and the charge transport in these materials is essential for further
development of high performance TCOs and corresponding deposition methods.
The present work is aimed at a comprehensive investigation of the electrical, optical and
structural properties as well as the elemental composition of (Al,Ga) doped ZnO and Nb
doped TiO2 thin films prepared by pulsed DC reactive magnetron sputtering. The evolution
of the film properties is studied in dependence of various deposition parameters through a
combination of characterization techniques including Hall-effect, spectroscopic ellipsometry,
spectral photometry, X-ray diffraction, X-ray near edge absorption, Rutherford backscat-
tering spectrometry and particle induced X-ray emission.
This approach resulted in the development of an alternative process control method based
on the material specific current-voltage pressure characteristics of the reactive magnetron
discharge which allows to precisely control the oxygen deficiency of the sputter deposited
films. Based on the experimental data, models have been established that describe the room-
temperature charge transport properties and the dielectric function of the obtained ZnO and
TiO2 based transparent conductors. On the one hand, these findings allow the prediction of
material specific electron mobility limits by identifying the dominating charge carrier scat-
tering mechanisms. On the other hand, new insight is gained into the origin of the observed
transition from highly conductive to electrically insulating ZnO layers upon the incorpora-
tion of increasing concentrations of Al at elevated growth temperatures. Moreover, the Al
and Ga dopant activation in ZnO have been quantified systematically for a wide range of
Al concentrations and deposition conditions. A direct comparison of the Ga and Al doping
efficiency demonstrates that Ga is a more efficient electron donor in ZnO. Further, it has
been shown that high free electron mobilities in polycrystalline and epitaxial Nb:TiO2 layers
can be achieved by reactive magnetron sputtering of TiNb alloy targets. The suppression of
rutile phase formation and the control of the Nb dopant activation by fine tuning the oxygen
deficiency have been identified as crucial for the growth of high quality TiO2 based TCO
layers.
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1 Motivation
Transparent conductive oxides (TCOs) are a class of wide bandgap metal oxides in which high
densities of free charge carriers can be induced in such a way, that a unique combination of
high optical transmittance in the visible spectral range and metal-like electrical conductivity
is achieved. In addition, the presence of the free charge carriers causes a high reflectance in
the infrared spectral range.
Due to these properties, TCOs have become key functional materials in a variety of ap-
plications in the fields of energy efficiency, energy generation and information technology.
Nowadays, the dominant markets for the large scale production of TCO thin films are ar-
chitectural glazing, flat panel displays (FPD) and photovoltaics. An important application
utilizing the optical properties of TCOs are ’low-emittance’ coatings for energy efficient win-
dows. The TCO enables the transmission of the visible part of the solar spectrum while
radiative heat loss through the window is significantly reduced due to the high infrared re-
flectivity [1]. However, the primary function of TCOs in the majority of opto-electronic
applications is that of a transparent electrode. All FPD technologies, including liquid crystal
(LCD), organic LED and plasma based displays, require micro-patterned TCO layers to con-
tact and switch the pixels, while simultaneously allowing the emission of the generated light.
High performance TCOs are also essential to achieve highest energy conversion efficiencies in
thin film solar cells based on absorber materials like CdTe, amorphous and micro-crystalline
Si and Cu(In,Ga)(S,Se)2 (CIGS). The main application of TCOs in this area are transparent
front electrodes that transport the generated photo-current to the external load while at the
same time being transparent for photons with energies above the band-gap of the absorber.
Besides the ongoing development of these established applications, a number of emerging
technologies like electrochromic windows [2], organic LEDs for indoor lighting [3], organic
photovoltaics [4] and oxide based thin film transistors [5] further stimulate the research in the
field of TCO materials and corresponding deposition methods.
The most widely used TCO is Sn doped In2O3 (ITO) because crystalline films offer the lowest
electrical resistivity down to 1x10−4 Ωcm and very high transmittance well above 80% for vis-
ible light. Large area ITO films with high uniformity of electrical and optical properties and
low surface roughness are typically prepared by magnetron sputtering from ceramic targets.
Since even amorphous films deposited on unheated substrates show only slightly inferior elec-
trical properties but improved wet-etching behaviour during micro-pattering processes, ITO
has become the standard TCO for flat panel display applications [6]. However, the huge
demand for indium driven by the rapid growth of the FPD market during the last decade
led to an increasing indium price [7]. Together with the low natural abundance and limited
annual production of indium this is a strong motivation for the research and development of
indium-free transparent conductors for future large area TCO applications.
A more cost-efficient material is fluorine doped SnO2 (FTO), which is commercially produced
in large quantities by spray pyrolysis onto solidifying float glass during the production process.
Due to its high chemical and mechanical stability pyrolytic FTO is predominantly used for
low emittance applications. In addition, it also used as transparent front contact in CdTe and
Si based thin film solar cells [8], which benefit from the enhanced light-scattering caused by
the rough surface morphology of pyrolytic FTO. However, even highly optimized F:SnO2 films
show higher resistivity compared to ITO [9], which is a limiting factor for the cell efficiency.
Moreover, the spray pyrolysis process requires hazardous fluorine containing precursors and
1
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high substrate temperatures. Therefore, it is not feasible to integrate FTO deposition into
modern in-line coating facilities that are used for thin film solar cell production.
The search for cost-effective indium-free TCO materials has stimulated substantial research
efforts in the field of transparent conductors based on ZnO, which is non-toxic and available
in large quantities due to the high abundance of Zn. ZnO is probably one of the most versatile
materials that is used in various applications such as additive in rubber and cosmetics, pig-
ment, catalyst and as essential component of over-voltage protection devices for high power
electronics (varistors) [10]. The remarkable piezoelectric properties of ZnO are utilized in
surface acoustic wave (SAW) devices like high frequency filters and sensors [11, 12]. As a
wide-gap semiconductor with a high exciton binding energy of 60 meV ZnO is studied exten-
sively as a potential material for optoelectronic devices operating in the blue to ultraviolet
spectral region as well as for transparent electronics [13, 14]. Research in these fields is further
stimulated by the ability of ZnO to be synthesized in a large variety of nano-structures [15].
ZnO degenerately doped with Al or Ga offers high transmittance and electrical conductivity
superior to F:SnO2, making it an excellent TCO material. An important area of research
and application of ZnO based TCO films are front contacts in thin film solar cells, where re-
quirements on film properties and deposition conditions depend strongly on the cell concept.
ZnO is the standard front contact material for highly efficient CIGS solar cells [16], as low
resistivity films can be grown at temperatures as low as 200◦C onto the temperature sensi-
tive absorber [17]. Due to the possibility to modify the surface texture and hence the light
scattering properties by wet chemical etching, ZnO is highly attractive for amorphous and
micro-crystalline Si solar cells [18], where optimum light trapping is of paramount importance
to achieve best cells efficiencies. Moreover, compared to SnO2 and In2O3, ZnO shows a higher
stability against hydrogen containing plasmas [19], commonly used during plasma-enhanced
chemical vapour deposition (PE-CVD) of Si layers [20]. It has also been demonstrated that
the integration of Al doped ZnO as front contact in low-temperature magnetron sputtered
CdS/CdTe solar cells can improve their efficiency [21].
Recently it was discovered that Nb and Ta doping of the anatase phase of TiO2 results in a
transparent conductor with electrical resistivity comparable to In2O3 and ZnO based TCOs
[22, 23], which triggered scientific interest in TiO2 based TCOs as a potential alternative to
the widely used ITO. Besides the low material cost of TiO2 due to the high abundance of
Ti, the material also has a high refractive index, is chemically inert, shows photo-catalytic
activity [24, 25], and is non-toxic. Therefore, large area deposition of TiO2 based TCOs
would enable new functionalities like durable low emittance coatings for architectural glazing
or anti-reflecting transparent conductive coatings through a combination of high index TiO2
with another low index TCO. However, it was soon realized that the charge transport in TiO2
depends strongly on its crystalline structure [26]. Hence, the transfer of the results achieved
for high quality lab-scale epitaxial films into applications remains challenging.
Current TCO research pursues two main objectives: (i) development of cost-efficient, large
area, high throughput and environmentally friendly deposition processes, and (ii) synthesis
of materials with highest possible electrical conductivity and transmittance in the visible and
near-infrared spectral range. However, these two properties cannot be optimized indepen-
dently of each other because of the light absorption due to collective oscillations of the free
electron plasma. The conductivity (σ = e0µNe) can be improved by increasing the density
(Ne) and/or the mobility (µ) of the electrons. Increasing the electron density leads to a
blue-shift of the characteristic plasma frequency (ωp ∼
√
Ne) and thus results in decreasing
visible transmittance, whereas a higher electron mobility effectively reduces the magnitude of
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the free electron optical absorption. Consequently, in an optimized TCO material the elec-
tron mobility should be maximized at moderately high electron densities to achieve the best
compromise between high conductivity and transmittance.
This work addresses both of the above mentioned objectives while being guided by the cen-
tral question to which extent the electrical properties of extrinsically doped ZnO and TiO2
based TCO thin films can be improved. In order to answer this question, the present work is
aimed at a more detailed understanding of the physical mechanisms governing the electrical
dopant activation and transport of free charge carriers in these materials. For this purpose a
systematic investigation of the correlations between the electrical properties, the crystalline
structure and the growth conditions of Al and Ga doped ZnO as well as Nb doped TiO2 thin
films is performed.
Reactive magnetron sputtering (RMS) is chosen as a deposition technique since it is scalable
to large substrate areas [17] and has great potential for cost-reduction by using metal alloy
targets in conjunction with (pulsed) direct current plasma excitation. Moreover, in contrast
to sputtering of ceramic targets, RMS allows to control the metal to oxygen flux ratio, and
thus the stoichiometry of the oxide films, in a wide range without being limited by the oxygen
content of the sputter target. However, reactive magnetron discharges generally also display
non-linear or even hysteretic interdependence of process parameters [27]. Therefore, a part
of this work is dedicated to the development of a method to stabilize the reactive magnetron
discharge in the desired regime of operation in order to take advantage of the versatility of the
RMS process and enable a precise adjustment of the oxygen partial pressure. This approach
offers an excellent possibility to tailor the electrical and optical film properties because the
generation of free charge carriers in TCOs through the formation of electrically active point
defects is particularly sensitive to the availability of oxygen during film growth.
As the electron mobility is of utmost importance for the performance of TCOs as transparent
electrodes, a key aspect of this work is to find preparation routes to achieve highest possible
electron mobilities in polycrystalline (Al,Ga):ZnO and Nb:TiO2 thin films and to identify the
underlying scattering mechanisms that limit the mobility. Moreover, extrinsic doping not only
allows to control the charge carrier density but also affects the charge transport because the
impurities act as scattering centers and may also induce changes in the crystalline structure.
Therefore, it appears attractive to reduce the overall defect density in the films by decreasing
the dopant concentration to a certain minimum while simultaneously increasing the electrical
activation of the dopant atoms. However, knowledge on how to influence the dopant acti-
vation in TCOs is limited since only few reports on activation are available and the results
scatter widely depending on the deposition method and the growth conditions (see Table 14
and 15). For this reason, the present work aims at a precise quantification of the dopant
activation in correlation to the layer properties and growth conditions. This is particularly
focused on ZnO where further insight into mechanisms determining the dopant activation can
be expected from a wide range variation of the Al concentration and a comparison of Al and
Ga doping.
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With these aims in mind, the thesis is structured as follows:
In Chapter 2, the material class of transparent conductive oxides is introduced starting with a
review of the required physical properties and a comparison of the basic TCO materials. This
is followed by a description of the fundamental electrical and optical properties of TCOs and
a discussion of the charge transport limits in degenerately doped oxides. Finally, a focused
overview of the material properties of ZnO and TiO2 with respect to their applicability as
TCO is given.
The fundamental processes of reactive magnetron sputter deposition of metal oxides are de-
scribed in Chapter 3. The working principle of the reactive magnetron discharge is explained
including basic aspects of plasma physics and plasma-surface interaction. Special attention
is paid to the generation of energetic particles by sputtering, reflection and ionization with
respect to their influence on the film properties. The employed experimental setup, process
conditions and sample preparation procedures are described.
Chapter 4 gives a detailed description of the measurement and data analysis methods em-
ployed to characterize the electrical, optical and structural properties as well as the elemental
composition of the oxide thin films.
In Chapter 5, the results of the investigation of the reactive magnetron discharge current-
voltage characteristics are presented. Based on these findings a material specific method to
stabilize the discharge in the transition mode enabling a fine tuning of the oxygen partial
pressure during film deposition is introduced.
In Chapter 6, the results of the systematic characterization of the ZnO based films deposited
using the previously explained deposition method are presented in detail. In the first part the
influence of the process parameters on the electrical properties is investigated with a focus on
achieving maximum electron mobilities in Al and Ga doped ZnO. Furthermore, the effects of
extrinsic doping on the crystalline structure and the optical properties of ZnO are studied for a
wide range of Al concentrations. Emphasis is put on investigating the origin of the degradation
of electrical properties of the films grown at elevated substrate temperatures. This is followed
by a discussion of the charge scattering mechanisms that determine the electron mobility limit
in degenerately doped ZnO thin films. Finally, the results of the experimental quantification
of the electrical activation of Al and Ga in ZnO are presented and discussed with respect to
charge compensation and secondary phase formation.
The results of the investigations on the correlations between the crystalline phase forma-
tion, electrical properties and optical properties of TiO2 based TCO layers are presented in
Chapter 7. The study is focused on the stabilization of the oxygen deficient anatase phase of
TiO2 aiming at high electron mobilities. Three approaches for the preparation of such films
are discussed with respect to the suppression of rutile phase formation and effective activation
of the Nb dopant impurities. Based on the comparison of electron mobility and densities in
polycrystalline and epitaxial films the charge transport in degenerately doped anatase TiO2
is discussed in the framework of scattering at optical phonons, ionized impurities and grain
boundaries.
In Chapter 8, the work is concluded by giving a summary of the experimental results and an
outlook on potential areas of future work.
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2 Fundamentals: Transparent conductive oxides
2.1 Conditions for transparent conductivity and materials overview
Transparent conductive oxides are characterized by the presence of high densities of mobile
charge carriers. Charge carriers in TCOs can be generated either by introducing intrinsic de-
fects, i.e. metal and oxygen vacancies and interstitials, or by extrinsic anion or cation doping
in order to substitute atoms in the oxide material. The second approach is usually preferred
since intrinsic doping yields inferior conductivity and is more unstable against external influ-
ences like temperature and humidity. In the case of extrinsic doping the oxide base material
is also called the host or matrix material. In order to be a potential TCO candidate the
matrix material has to fulfill a number of physical criteria. At first, the intrinsic band-gap
has to be sufficiently large, i.e. at least 2.5 eV, in order to enable transparency in the visible
spectral range. Second, it must be possible to create high concentrations (> 5x1018 cm−3)
of shallow defects, which are readily ionized to facilitate degenerate doping and free charge
carrier behaviour. This also means that the tendency to form compensating ’killer defects’
upon doping must be low, which is a quite important demand as will be shown later. Third,
a high band dispersion around the conduction band minimum (CBM) or valence band maxi-
mum (VBM), respectively, leading to a low effective mass is preferred in order to increase the
charge carrier mobility. These requirements are fulfilled by a group of binary metal oxides
that constitute the basic TCO matrix materials. Table 1 gives a summary of their physical
properties and common dopant elements, which will serve as a reference for the calculation of
various material properties in subsequent chapters. Due to the low valence band dispersion
and intrinsic compensation effects p-type doping of these materials is challenging. P-type
TCOs suffer from low mobilities and low hole concentrations compared to their n-type coun-
terparts [28]. Therefore, in this work n-type doping is discussed primarily while acceptor
type defects are regarded as disadvantageous as they compensate electron donation. In the
following a modified Kröger-Vink notation [29] will be used as a short notation for the
description of lattice position and charge state of point defects. The general format is XCS ,
where X corresponds to the species i.e. either an atom or vacancy ’V’. The upper index ’C’
denotes the charge state of the point defect while the lower index ’S’ indicates the lattice site
i.e. either a position of a matrix atom or an interstitial ’i’. For example a double ionized Zn
vacancy in ZnO is denoted as V2−Zn , while substitution of O by F in SnO2 would be indicated
by F+O.
Although CdO was the first transparent conductor to be discovered, CdO based TCOs have
received only limited scientific attention due to their low optical band-gap and the toxicity of
Cd. Nevertheless, it is interesting to note that the highest free electron mobilities in degener-
ately doped oxides, with values well above 200 cm2/Vs, have been reported for this material
class [30], which is mainly attributed to the very low CBM effective mass.
The three classical TCO matrix materials SnO2, In2O3 and ZnO are characterized by a set
of comparable physical properties that enable transparent conductivity. Their intrinsic direct
optical band gaps are larger than 3.3 eV which is sufficient for high transmittance in the
complete visible spectral range. It is remarkable that despite several decades of research,
the controversy about the nature of the optical band gap of In2O3 was only settled recently.
Walsh et al. [31] showed that the fundamental band gap of In2O3 is actually 2.9 eV but the
corresponding transitions are parity forbidden such that optical transitions to the CBM are
5
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possible only from electronic states deeper in the valence band giving rise to a substantially
larger optical gap of 3.75 eV . However, due to local crystal imperfections a weak absorption
onset at lower energies may occur, which explains reports on an ’indirect’ band gap in In2O3.
Another similarity of the oxides of Sn, In and Zn is that high concentrations of free electrons
in the range of 1020 to 1021 cm−3 can be created by substitutional doping with cations of
higher valency, the most common ’dopant:host’ combinations being Sb:SnO2, Sn:In2O3 and
Al:ZnO. This is because the corresponding point defects, i.e. Sb+Sn, Sn
+
In and Al
+
Zn, act as ef-
ficient electron donors with ionization energies in the order of kBT with respect to the CBM
[32][33, p.51] and have low formation enthalpies under oxygen deficient growth conditions
[34]. Hence, high concentrations of these defects can be formed in the matrix material and
become ionized at room temperature. This enables degenerate n-type doping which remains
largely uncompensated since the formation enthalpies of the intrinsic acceptor defects, such
as like cation vacancies, are comparably high [34]. A peculiarity of ZnO is its high (i.e. more
positive) compound formation enthalpy (∆H f) in comparison to SnO2 and In2O3 which makes
ZnO more susceptible to secondary phase formation upon doping with reactive metals like
Al.
Furthermore, the lower conduction bands of the three classical TCOs are derived from the
unoccupied metal 4s or 5s orbitals, and they show comparable dispersion with a low effective
mass of m∗0 ≈0.3 me. Also, their (isotropically averaged) static dielectric constants, which
determine the electrostatic screening of the ionized dopant atoms, are not too different, rang-
ing from εs ≈8 for ZnO to εs ≈12 for SnO2. In addition, the Sn, In and Zn based oxides
have similar room temperature lattice mobilities between 210 and 255 cm2/Vs originating
from scattering by phonons. As will be shown later, it is due to these similarities that the
ionized impurity scattering mobility, which is proportional to (εs/m∗)2, dominates the charge
transport and explains the observed limitation of the maximum electron mobilities to 40-60
cm2/Vs in degenerately doped classical TCOs. However, exceptionally high mobilities ex-
ceeding this limit have been reported for transition metal doping of SnO2 with Ta [35] and
In2O3 with Mo and Ti [36, 37] but a conclusive explanation is lacking.
Only recently the group of binary TCO matrix materials was extended to TiO2 following
the first demonstration of highly conductive and transparent Nb doped TiO2 films by Fu-
rubayashi et al. [22]. From Table 1 it becomes clear that TiO2, when compared to the clas-
sical TCOs, is an unconventional TCO matrix material in several ways. First, high electron
mobilities can only be achieved in its metastable anatase phase, which must be stabilized
against transformation into the thermodynamically favoured rutile phase (lower ∆H f) by
choosing proper growth and processing conditions. Second, the CBM of anatase is associated
with the Ti 3d orbitals, which gives rise to a pronounced anisotropy of the effective electron
mass [38]. And third, the room temperature electron mobility is limited to ≈25 cm2/Vs due to
strong optical phonon scattering [39], whereas the contribution by ionized impurity scattering
is negligible due to the high static dielectric constant. Nevertheless, minimum resistivities
of about 3x10−4 Ωcm can be achieved because TiO2 tolerates high concentrations of shallow
Nb+Ti or Ta
+
Ti donor defects. Moreover, anatase TiO2 has the highest refractive index in the
visible spectral range (n & √ε∞ ≈2.5) of all TCOs. These properties in combination with its
high chemical inertness and the high abundance of Ti make anatase TiO2 a promising TCO
material. After this initial comparison of the TCO material properties, fundamental aspects
of the physics governing the electrical and optical properties of TCOs will be introduced in
the following two sections, while the last section is focused on the properties of ZnO and
TiO2.
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material CdO SnO2 In2O3 ZnO TiO2
first ’TCO’
publication
1907 [40] 1947 [41] 1947 [42] 1920 [43] 2005 [22]
abundance of
metal in con-
tinental crust
(ppm)
0.3 35 0.05 120 4100
crystal
structure
cubic,
rocksalt
tetragonal,
rutile
cubic,
bixbyite
hexagonal,
wurtzite
tetragonal,
anatase 
rutile }
ρ (g/cm3) 8.1 7.0 7.1 5.6 3.8 
4.2 }
Eg (eV) 2.28 [44] 3.6 [45] 3.75 [31] 3.3 [33, p.111] 3.2  [46]
3.0 }
m∗0 (me) 0.14 [47]
0.21 [48]
0.23‖ [49]
0.30⊥
0.31 [50] 0.28 [51] ≈0.6‖ 0.2⊥  [38]
≈20 }
C (1/eV) ≈0.5 [52] - - 0.29 [45] 0.32 [39]
εs 21.9 [53] 9.6‖ [54]
13.5⊥
≈9 [55] 8.5‖ [14]
7.6⊥
23‖ 45⊥  [56]
167‖ 90⊥ } [57]
ε∞ 5.3 [58] 4.2‖ [54]
3.8⊥
4.5 [59] 3.8‖ [14]
3.6⊥
5.4‖ 5.8⊥  [56]
8.4‖ 6.8⊥ } [60]
µL (cm2/Vs) 320 [33, p.51] 255 [45] 225 [61] 210 [45] ≈30⊥  [62]
TM (◦C) ≈900∗ 1630∗ 1910 1975∗ phase. trans. 
1840 }
TMmetal (◦C) 321 232 157 420 1668
∆H f (kJ/mol) -258.4 [63] -577.6 [63] -924 [64] -350.5 [63] -938.7  [65]
-944.0 } [63]
α (10−6 K−1) - 3.7‖ [45]
4.0⊥
6.7 [45] 2.9‖ [45]
4.8⊥
8.4‖; 4.5⊥ 
9.4‖; 7.0⊥ } [66]
donor defects In+Cd, Sn
2+
Cd F
+
O, Sb
+
Sn Sn
+
In (B,Al,Ga,In)
+
Zn (Nb,Ta)
+
Ti
Table 1: Properties of binary TCOs: bulk mass density ρ, intrinsic direct band gap Eg, effective mass
at the bottom of the conduction band m∗0, non-parabolicity parameter C, static dielectric constant εs,
high frequency dielectric constant ε∞, lattice mobility of electrons at RT µL, melting temperature of
oxide TM (∗ indicates decomposition) and corresponding metal TMmetal, enthalpy of formation ∆H f,
linear thermal expansion coefficient α at RT, and common n-type dopants with corresponding donor
defects. Indices ‖ and ⊥ denote directions parallel and perpendicular to the crystallographic c-axis,
respectively.
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2.2 Electrical and optical properties
In order to introduce the fundamental optical and electrical properties of TCOs a simplified
picture of a direct band-gap semiconductor, as depicted in Figure 1, will be discussed. Without
doping the intrinsic optical band gap, Eg, is given by the energy difference of the conduction
band minimum, ECBM , and valence band maximum, EV BM . The material is transparent
for all photons with ~ω<Eg, while strong inter-band absorption sets in for higher photon
energies. In this idealized case TCO materials with Eg  kBT would be strong insulators at
room temperature. In reality, n-type conductivity is observed typically due to the presence
of intrinsic defects. These form donor levels at ED close to the conduction band bottom.
If ∆ED=(ECBM -ED) is of the order of kBT the defects are called ’shallow’. These will
become thermally ionized with increasing temperature and release electrons, with a density
Ne, into the conduction band. Therefore, the conductivity of the semiconductor increases
strongly with temperature. Since the thermally exited electrons populate only the bottom of
the conduction band their effective mass m∗0 is determined by the CBM dispersion (k) near
k = 0:
1
m∗0
= 1
~2
d2(k)
dk2
∣∣∣∣∣
k=0
(1)
Eg
a)
ED
E
ϵ(k)
Eg*
b) E
EF
ECBM
EVBM
k
kF
EF
Figure 1: Schematic band
structure diagram for: a) non-
degenerate and b) degenerate
semiconductor. The increase of
the optical band-gap due to the
Burstein-Moss shift and the
shift of the band edges into the
band-gap due to many body ef-
fects is depicted.
In order to further improve the conductivity, shallow extrinsic donor impurities are introduced
into the TCO host material. In the ideal case they replace atoms in the host lattice and
generate free electrons. An example would be the substitution of Zn2+ by trivalent Ga3+
in the form of the single charged defect Ga+Zn. If the concentration of shallow donors is
further increased, the wave functions of the localized point defects will begin to overlap
to form an impurity band. At a certain critical donor concentration this band eventually
merges with the conduction band bottom. This is equivalent to a decreasing and finally
vanishing donor activation energy ∆ED, which was experimentally shown for ZnO single
crystals by Hagemark [67]. The semiconductor is now ’degenerate’ and exhibits metal-like
conductivity with a temperature independent electron concentration, because the conduction
band is partially filled with electrons up to the Fermi energy, EF .
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A simple criterion for the critical concentration of dopants, NMott, depending on the effective
Bohr radius a∗0 was given by Mott [68]:
a∗0N
1/3
Mott ≈ 0.26 with a∗0 =
εsε0h2
pie20m
∗
0
(2)
The universality of this expression was verified by its successful application to a wide range
of different materials [69]. A summary of critical densities for the binary TCO materials as
calculated from Eq. 2 is given in Table 2. The strong variation of NMott over roughly two
orders of magnitude due to the variation in static dielectric constants and effective masses is
remarkable. In particular, the calculated value for ZnO is also in good agreement with ex-
periments yielding NMott ≈ 4×1018 cm−3 [67]. Altogether, the critical Mott concentrations
are well below the typical TCO doping concentrations of at least 1x1019 cm−3 and therefore
these materials must be treated as degenerate semiconductors in general.
CdO SnO2 In2O3 ZnO TiO2 (anatase)
NMott (cm−3) 3.1x1016 1.4x1018 4.8x1018 5.1x1018 2.4x1017
Table 2: Critical Mott densities for TCOs calculated using Eq. (2) together with the material
properties from Table 1.
The occupation of the states at the bottom of the conduction band also leads to a widening of
the optical band-gap because, on the one hand, electrons can be excited only to empty states
above EF and, on the other, hand the corresponding momentum ~kF must be conserved in
the transition [70]. This effect is called the Burstein-Moss shift and increases the optical
gap by
∆EBM =
~2
2 (3pi
2Ne)2/3
( 1
m∗c
+ 1
m∗v
)
(3)
where m∗c and m∗v are the effective masses in the conduction and the valence band at k = kF ,
respectively. From this, it also becomes clear that in case of non-parabolic band edges and
very high doping levels, the effective masses will become a function of Ne, which leads to a
deviation from the N2/3e dependence of EBM . Further analysis of this problem reveals that
degenerate doping is also accompanied by a shrinking of the band-gap by ∆ES due to many
body effects like electron-electron interaction (see Appendix A). This causes a shift of the
valence band and the conduction band edges into the gap as schematically shown in Fig. 1.
Therefore, the new effective band-gap E∗g is given by:
E∗g = Eg + ∆EBM + ∆ES with ∆ES < 0 (4)
Experimentally, one observes an effective band-gap increase in degenerately doped TCOs,
since the second term in Eq. (4) is dominating. However, the effect is usually less than
predicted by Eq. (3), and sufficient agreement is only achieved if the different contributions
to ∆ES are included in the theory [70].
In addition to the discussed inter-band transitions, in a degenerate semiconductor light is
also absorbed by the free electrons within the conduction band. Since the characteristic
9
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electrical and optical properties of TCOs are mainly determined by these free electrons, the
corresponding dielectric function will be derived here. Starting from the classical picture of
an electron moving under the influence of a time dependent electric field ~E, the equation of
forced motion can be written as:
m∗~¨x+ m
∗
τ
~˙x = −e0 ~E (5)
where the second term on the left describes the ’friction’ due to scattering of the electron with
a mean time constant of τ . This can also be understood as a relaxation time, after which the
system returns to equilibrium when the external force is removed. The oscillating electron
will follow the time dependence of ~E, which can be arbitrary but in the particular case of a
harmonic time dependence it is of the form:
~E = ~E0e−iωt ~x = ~x0e−iωt (6)
one can substitute ∂t → −iω and directly obtain the solution of Eq. (5) as:
~x = 1
ω2 + iω/τ
e0 ~E
m∗
; (7)
while the velocity of the electron is given by
~˙x = −iω
ω2 + iω/τ
e0 ~E
m∗
. (8)
The macroscopic current density ~j transported by the free electrons with a concentration Ne
is then
~j = −e0Ne~˙x = iω
ω2 + iω/τ
e20Ne ~E
m∗
. (9)
From comparison with the generalized Ohm’s law,
~j = σ(ω) ~E , (10)
one finds the introduced complex conductivity σ(ω) to be:
σ(ω) = iω
ω2 + iω/τ
e20Ne
m∗
. (11)
The relation between σ(ω) and the complex dielectric function ε(ω) can be found by using
Maxwells equations. For a linear isotropic medium, the displacement, ~D, is defined as
~D ≡ ε0ε(ω) ~E = ε0 ~E + ~P with ~P = ε0χ(ω) ~E (12)
where the frequency dependent susceptibility χ(ω) is defined as the proportionality constant
between the polarization ~P and the electric field, ~E. It follows that ε(ω) = 1 + χ(ω) and
therefore ~P can be expressed as:
~P = ε0 [ε(ω)− 1] ~E . (13)
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The macroscopic polarization due to the harmonically oscillating free electrons, described by
Eq. (7,) is the sum of their dipole moments:
~P = −e0Ne~x . (14)
This expression can be combined with the Eqs. (9) and (10) to give:
~j ≡ σ(ω) ~E = −e0Ne~˙x = iωe0Ne~x = −iω ~P = −iωε0 [ε(ω)− 1] ~E (15)
and a comparison finally yields:
σ(ω) = −iωε0 [ε(ω)− 1] =⇒ ε(ω) = 1 + iσ(ω)
ε0ω
(16)
Interestingly, this important result is found to be valid in the general case, since any arbitrary
time dependence of the fields can be described by a superposition of the harmonic time
dependence, which was the only assumption for the derivation of Eq. (16). Since the free
electrons in a TCO are moving in the dielectric background of the ionic cores, the vacuum
permittivity of ’1’ in Eq. (16) must be replaced by the high frequency dielectric constant ε∞
of the matrix material [71, p. 50]. It is important to note that ε∞ means the real part of the
dielectric function at frequencies above the phonon resonances but still below the electronic
interband transitions. Including this and inserting Eq. (11) results in the dielectric function
of the free charge carriers:
ε(ω) = ∞ +
iσ(ω)
ε0ω
= ε∞
(
1− ω
2
p
ω2 + iω/τ
)
, (17)
where the introduced plasma frequency, ωp, is given by:
ωp =
√
e20Ne
ε0ε∞m∗
. (18)
The importance of this quantity becomes clear if the dielectric function is split into real and
imaginary part according to ε = ε1 + iε2, which yields
ε1 = ε∞
(
1− ω
2
p
ω2 + 1/τ2
)
, ε2 =
ε∞ω2p
τω(ω2 + 1/τ2) . (19)
Now, considering that the approximation ω2τ2  1 is valid for TCOs to within a few percent
in the visible and near infrared spectral range of interest here [72], one obtains
ε1 = ε∞
(
1− ω
2
p
ω2
)
and ε2 =
ε∞ω2p
τω3
(20)
This shows that the real part of the dielectric function becomes zero in the vicinity of ωp,
which means that electromagnetic waves with frequencies below ωp cannot propagate into the
medium, while the material becomes transparent for ω > ωp.
Historically the electrical properties of free-charge carriers in metals were described first by
Drude [73], who proposed that the acceleration due to an the electric field and the directed
momentum loss by scattering should equilibrate after a sufficient time. This means that in the
11
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stationary case of the equation of motion (5) the electrons will have a constant drift velocity,
~vD, which directly leads to:
~vD =
−e0 τ
m∗
~E , (21)
where the absolute value of the proportionality constant between velocity and electric field
is defined as the mobility, µ, which increases with larger relaxation time, τ , and is inversely
proportional to the effective mass:
µ = e0 τ
m∗
. (22)
From the current density carried by the drifting electrons the DC conductivity σ0 is obtained
again from comparison to Ohm’s law
~j = −eoNe~vD = e
2
0Ne τ
m∗
~E = e0Neµ~E =⇒ σ0 = e0Neµ . (23)
Actually, this conductivity can also be understood as the low frequency limit of the real part
of the complex conductivity, σ(ω), given by Eq. (11). However, for most TCO applications
the frequency dependence of the electrical properties is unimportant. Therefore, from here on
only the DC case will be discussed and the subscript ’0’ is suppressed. In scientific literature
often the resistivity, ρ, which is the inverse of the conductivity, is used to compare TCO
materials:
ρ = 1
σ
= 1
e0Neµ
(24)
Interestingly, Drude developed his model even before the introduction of the band theory of
solids, which revealed that only the electrons close the Fermi energy can contribute to the
current flow. However, it can be shown that Eqs. (21) to (23) remain formally the same if
one replaces the free electron mass with the effective band mass m∗, as it was already done
here, and identifies τ with the relaxation time at the Fermi level τ(EF ) [74, p. 246]. A more
detailed analysis shows that the description of electron scattering mechanisms in TCOs by a
constant relaxation time is also an approximation in itself, that might become invalid for very
high doping concentrations, as it was discussed in publications by the group of Granqvist et
al. [75]. They argued that the exact modelling of the optical and electrical properties of ITO
requires a frequency dependent relaxation time to include correctly the energy dependence of
the scattering mechanisms determining τ . However, it will be shown later that the classical
free-electron description introduced above is sufficient to model the dielectric function of the
TCO films investigated in this work.
The concepts discussed above demonstrate the interdependence of electrical and optical prop-
erties of TCO materials. This is shown in Figure 2, where the contribution of free charge
carriers to the optical properties of a 500 nm thick degenerately doped ZnO layer on fused sil-
ica is illustrated. Optical transmittance (T ) and reflectance (R) spectra are calculated based
on a parametrization of the dielectric function of real Al doped ZnO (AZO) samples obtained
in the course of this work. In addition, the absorptance is calculated as A = 1− T −R.1 All
spectra have in common that in the UV spectral range, light is strongly absorbed by band
1Optical modelling of TCOs is discussed in detail in Chapter 4.2. The model parameters used for the
calculations shown in Fig. 2 are given here for reference: surface roughness BEMA (dS= 15nm), bulk
film thickness (dB=500 nm), PSEMI-M0 (AP=2.0, E0=3.4 eV, BP=0.2 eV, WR=6 eV); Sellmeier pole
(AS=225 eV2, ES=11 eV), Drude (m∗=0.3 me).
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to band transitions, while the maximum of the free carrier absorption occurs close to the
plasma frequency, which in the case of TCOs is situated in the near infrared region due elec-
tron densities in the order of ≈5x1020cm−3. For photon energies below ~ωp, the reflectance
becomes very high, so that, despite the finite absorptance, the transmittance drops to almost
zero. Hence, the ’window’ of high transmittance in the visible spectral range is defined by
the optical band-gap and the position of the plasma frequency. The oscillations in T and R
in this spectral range are caused by interference effects.
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Figure 2: Calculated transmittance, reflectance and absorptance spectra for a degenerately doped 500
nm thick ZnO layer on fused silica substrate. a)-c) Variation of electron density at constant mobility
and d)-f) vice versa. The plasma energy EP=~ωP is marked by the green arrow. Black arrows indicate
systematic changes in the spectra. The band-gap energy of crystalline silicon Eg(c-Si)=1.1 eV and
the visible spectral range are highlighted for ease of orientation. The Burstein-Moss shift and CBM
non-parabolicity effects have been neglected.
The results shown in Figure 2 demonstrate that both the position and the shape of the free
carrier absorption peak (plasma resonance) play a decisive role for the TCO quality because
its tail may extend far into the visible range. Increasing the electron density at constant
mobility (Fig. 2a), causes a blue shift of the plasma frequency, which results in a corre-
sponding blue shift and increase in amplitude of the free electron related absorption peak.
Consequently, the transmittance in the visible spectral range is reduced. On the other hand,
for a fixed Ne, the plasma resonance energy position remains constant, whereas both the am-
plitude and the half width of the absorptance peak decrease with increasing electron mobility
as shown in Figure 2b. It is important to note that generally there is no direct way to obtain
13
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the plasma frequency, ωP , from the T and R spectra. In particular, it does not correspond
to the wavelength of the maximum in A or the T=R crossover point. While the latter may
serve as a rough estimate, accurate ωP values can only be obtained by comprehensive optical
modelling [72].
From these considerations of the impact of free electrons on the optical and electrical proper-
ties of TCOs it becomes obvious that lowest resistivity and highest transmittance cannot be
achieved simultaneously. Ideally, the resistivity should be reduced by maximizing the carrier
mobility at moderate electron densities, since according to Eq. (18) a too strong increase in
Ne would cause a shift of the free carrier absorption peak to lower wavelengths. Therefore, a
major part of this work is devoted to the investigation of the physical limitations of µ in ZnO
and TiO2 based TCO thin films.
2.3 Theoretical limitations of charge transport in TCOs
An important question relevant for basic TCO research and also for practical applications is to
which extent the charge transport properties of TCO materials can be ultimately improved. In
particular, achieving highest electron mobilities at electron concentrations above 1x1020 cm−3
is crucial to combine low resistivity and high optical transmittance. In order to discuss
the limits of charge transport in TCOs, a brief introduction into the state-of-the-art theory
for charge carrier scattering mechanisms in degenerate semiconductors will be given. This
will serve as a basis to estimate a theoretical upper limit of the electron mobility at room
temperature (RT) using the physical properties of the different binary n-type TCO materials
summarized in Table 1.
A comprehensive review on the relevant scattering mechanisms in doped semiconductors with
a focus on ZnO was given by Ellmer [33, p. 36]. They can be roughly distinguished into
interactions with the:
• host lattice: optical and acoustical phonon scattering, piezoelectric scattering (ZnO)
• point defects: ionized and neutral impurity scattering,
• extended defects: grain boundary scattering and dislocation scattering.
If these scattering processes described by the individual mobilities, µk, can be treated as statis-
tically independent, then the total electron mobility, µ, can be approximated byMatthiesen’s
rule:
1
µ
=
∑
k
1
µk
(25)
In order to calculate an upper limit of the charge carrier mobility of TCOs, the discussion of
charge transport will be limited to the idealized case of degenerately n-type doped materials
with homogeneously dispersed donor type point defects. In general, the different scattering
mechanisms show characteristic temperature dependencies which can be used to distinguish
them. However, due to the weak temperature dependence of µ in degenerate semiconductors
only the case of charge transport at room temperature, which is also of practical importance
for TCO applications, will be treated here. The restriction to room temperature leads to two
additional implications for the discussion of charge transport.
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First, the strongly temperature dependent lattice scattering mechanisms can be combined
into a total lattice mobility, µL, that includes all phonon related contributions to the total
mobility at room temperature. Reasonable values of the lattice mobility must be obtained
from Hall-effect data of high quality stoichiometric single crystals with lowest possible im-
purity concentrations. A summary is given in Table 1. The lattice contribution to µ is
quite important since the maximum reported room temperature values of µL in conventional
TCO matrix materials are low (210-320 cm2/Vs) compared to classical semiconductors like Si
(≈1400 cm2/Vs). In the case of ZnO, for example, this is due to strong polar optical phonon
scattering [33, p.50]. Albeit the lattice scattering mobility, µL, in degenerate semiconductors
may depend indirectly on the electron density, this effect is typically weak and thus often
neglected because ionized impurity scattering dominates the total electron mobility at high
electron densities in conventional TCOs. An exception is observed in TiO2 which will be
discussed in more detail in Section 7.4.
Second, given that the ionization energies of shallow donors in TCOs are in the order of only a
few 10 meV (see Table 4) and are further reduced when approaching degenerate doping levels
[67], the concentration of neutral donors at room temperature is very low [76]. Therefore,
neutral impurity scattering is neglected in the following.
2.3.1 Ionized impurity scattering
It is generally accepted that, besides µL, the scattering at ionized point defects dominates the
charge transport in degenerate semiconductors. Although this also includes charged intrinsic
defects like oxygen vacancies, the effect is usually referred to as ionized impurity scattering
(IIS). Taking these two major contributions into account the total mobility is obtained from
Eq. (25) as
1
µ
= 1
µL
+ 1
µii
(26)
and the remaining task is to calculate the IIS mobility denoted by µii. The theory of ionized
impurity scattering in semiconductors dates back to the 1950s and a concise overview of the
analytical expressions for µii used in literature was given by Ellmer [45]. It is important
to note here, that the often used expression derived by Brooks and Herring [77] already
includes the screening of the Coulomb potential of the ionized impurities by the mobile
charge carriers but is not valid for degenerate free electron systems [78, p.166]. Instead, for
the description of degenerately doped TCOs the adequate IIS theory developed by Dingle
[79] must be used where Ne is temperature independent and only electrons near the Fermi
energy contribute to charge transport. Based on Dingles approach, an analytical expression
for µii describing scattering in a spherical band of a degenerate semiconductor was derived
by Zawadszki [80, p. 728]:
µii =
3(εsε0)2h3
Z2ii m
∗2 e30
Ne
Nii
1
Fii(εs,m∗, Ne)
, (27)
where εs is the static dielectric constant and Zii and Nii are the charge state and the den-
sity of ionized impurities, respectively. Clearly, the degenerate IIS mobility is temperature
independent but a dependence on the electron density arises for several reasons. Due to the
distinction between the electron density Ne and Nii, effects like partial compensation and
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the release of multiple electrons per donor are formally included in Eq. (27). Furthermore,
the screening term Fii is a slowly increasing function of Ne and its form depends on the as-
sumptions made with regard to the details of the screening theory involved. Additionally, the
experimental observation of an increase of m∗ with Ne in highly doped TCOs [81] requires the
introduction of a Ne dependent effective mass due to the non-parabolicity of the conduction
band. An analytical expression for Fii describing conduction in a non-parabolic band was
calculated by Zawadszki. This was later refined by Pisarkiewizc [82], who proposed an
approximation of the shape of the conduction band dispersion E(k) of the form:
~2k2
2m∗0
= E + CE2 (28)
where m∗0 is the effective mass at the CBM and C is the non-parabolicity constant. For the
effective mass m∗ at the Fermi energy finally the following expression was derived:
m∗ = m∗0
[
1 + 2C ~
2
m∗0
(3pi2Ne)2/3
]1/2
. (29)
The modified screening function F (ζ0, ζ1) is then parameterized as:
Fii(ζ0, ζ1) =
[
1 + 4ζ1
ζ0
(
1− ζ18
)]
ln(1 + ζ0)− ζ01 + ζ0 − 2ζ1
(
1− 5ζ116
)
(30)
where the parameters ζ0 and ζ1, which are again functions of Ne and the two material pro-
perties, effective mass m∗(Ne) and static dielectric constant εs, are given by:
ζ0 = (3pi2)1/3
εsε0h2N
1/3
e
m∗ e20
and ζ1 = 1− m
∗
0
m∗
(31)
In the parabolic band approximation, where ζ1=0, Eq. (30) reduces exactly to the original
screening function given by Dingle [79]. In order to evaluate Eqs. (27) to (31) as a func-
tion of Ne for the TCO materials of interest some simplifications are necessary. First, it is
assumed that the only type of charged defects are single charged (Zii=1) and fully ionized
(Ne = Nii) donors. This is justified at room temperature considering the low activation en-
ergies for shallow donor impurities in TCOs (e.g. Al+Zn in ZnO). Second, the non-parabolicity
parameters C are taken from literature (see Table 1) or calculated according to the empirical
rule C = 1/Eg (compare [80, p. 718]). Finally, the total mobility µ(Ne) is calculated by
combining the lattice mobility with the IIS mobility using Eq. (26). The results are shown
in Figure 3 together with a non-exhaustive selection of published record mobility values.
The comparison of the calculated mobilities reveals that the differences in the total mobility
between the TCO materials are mainly caused by a combination of three key material proper-
ties. While the value of µ towards lower carrier concentrations is given by the lattice mobility
µL, the pre-factor (εs/m∗)2 in µii determines the strength of the ionized impurity scattering
contribution to the total mobility. The overall decrease of µ with Ne is due to the influence of
the screening term Fii and, for electron densities above ≈3x1020 cm−3, the non-parabolicity
of the CBM which leads to an additional drop of µ as a result of the increasing effective mass.
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Figure 3: Combined lattice and ionized impurity mobility (solid lines) as a function of carrier con-
centration for binary TCOs at room temperature calculated according to Eqs. (25)-(31) using data
from Table 1. For anisotropic materials m∗0 and εs were isotropically averaged. The arrows indicate
the critical Mott densities, while the dash-dotted lines are contours of constant resistivity. The filled
data points taken from literature, correspond to the highest mobilities reported for CdO [83, 84], SnO2
[35, 9], In2O3 [36, 37], ZnO [85, 86, 87] and TiO2 [62, 22] based TCOs. Open symbols denote maximum
mobilities achieved in this work.
Since CdO exhibits the highest lattice mobility of the binary TCOs and also has a high static
dielectric constant together with a low m∗0, the theory predicts the highest mobilities in this
material. This is in good agreement with literature, where mobilities above 200 cm2/Vs have
been reported for CdO based thin films [83]. Interestingly, according to the calculations it
should be possible to reach higher µ in SnO2 compared to ZnO and In2O3. This has not been
observed for the conventional dopants Sb and F, where the maximum mobilities are below
40 cm2/Vs [88, 9]. However, recently degenerate doping with Ta was reported to result in
mobilities up to ≈80 cm2/Vs in epitaxial SnO2 thin films [35]. These values are approaching
the mobility limit predicted in Fig. 3 and suggest that SnO2 may be a candidate for a high
mobility TCO.
Due to their nominally similar material properties, the calculated total mobility in In2O3 is
only slightly higher than in ZnO. A peculiarity of In2O3 are reports of high mobilities ex-
ceeding 90 cm2/Vs obtained by transition metal doping e.g. with Mo and Ti, which lie above
the theoretical limit discussed here [36, 37]. The reason for this is not fully understood so
far, but there are indications that the charge transport is mediated by magnetic interactions
involving the d-states of the doping impurities [89]. Nevertheless, the obtained theoretical
maximum µ value of 60-70 cm2/Vs for carrier densities in the mid 1020 cm−3 range holds as
an upper limit for both materials considering the reported experimental data for conventional
dopants like Sn:In2O3 and Al:ZnO [76]. In practice though, electrical properties approaching
this theoretical limit are published only rarely. For highly doped ZnO, the maximum reported
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mobility values in the range of ≈60 cm2/Vs, were achieved in epitaxial pulsed laser deposited
films [85] or very thick polycrystalline films grown by filtered cathodic vacuum arc [87]. In
the case of large area compatible deposition methods like magnetron sputtering, mobilities
above 40 cm2/Vs at Ne above ≈1x1020 cm−3 are already considered ’high’ for ZnO based thin
films. From Figure 3 it becomes clear that anatase TiO2 is an exception among the other
TCOs. Its high static dielectric constant would result in a much higher IIS mobility compared
to, for instance, ZnO, but due to the strong phonon scattering the lattice mobility limits the
combined µ to values below about 30 cm2/Vs across the whole Ne range. This is consistent
with the experimental observation of similar maximum mobilities both in nominally undoped
anatase single crystals and highly doped epitaxial anatase thin films [62, 22].
In summary, the theoretical approach discussed here provides an analytical method to calcu-
late upper limits of charge carrier mobility as a function of carrier density for degenerately
doped TCOs. However, despite considerable theoretical efforts the interpretation of experi-
mental µ(Ne) values for TCOs remains challenging and often the agreement between experi-
ment and theory is poor. This is caused by several uncertainties involved in the calculation,
which will be discussed here briefly. In particular the combined lattice and IIS mobility tends
to overestimate the achievable mobility values in the Ne range below 1x1020 cm−3 and for
electron concentrations above ≈1x1021 cm−3 [45]. The first effect is probably due to the
neglect of acceptor type defects, NA, which may become charged when trapping electrons
originating from doping with donor impurities, ND. Due to the predicted low formation
enthalpy of host cation vacancies in degenerately doped TCOs, e.g. VIn in In2O3 and VZn
in ZnO, it seems plausible that a certain concentration of these acceptor defects is always
present [34]. Considering the example that fully ionized doubly charged V2−Zn , together with
shallow donor impurities ND like Al+Zn, are present in ZnO, the charge neutrality condition
reads:
Ne + 2N2−A = N
+
D (32)
Furthermore, by adding the contributions of the two groups of ionized scatterers according
to Matthiesen’s rule, Eq.(25), the effective number of ionized impurities is given by [90]:
Z2iiNii = N+D + 4N
2−
A = Ne + 6N
2−
A (33)
Inserting this into Eq. (27) leads to a significant decrease of µii, which is dominant for
low electron concentrations (see also [80]). As an example, assuming a comparably low V2−Zn
acceptor concentration ofNA=3x1018 cm−3 would reduce the mobility of from 90 to 70 cm2/Vs
at Ne ≈ 4x1019 cm−3 in ZnO (see Appendix C). This is in good agreement with Hall-effect
data of high mobility epitaxial AZO and GZO films reported by Lorenz et al. [85]. Thus,
the existence of a low acceptor concentration might explain the discrepancy between the
calculated and the experimental mobility values for this range of electron densities, which
was observed for example in the review of Ellmer on ZnO [45].
Moreover, it was initially assumed that the ionized impurities are only singly charged and
dispersed in the host lattice, thus acting as independent scatterers. This is questionable,
especially for very high doping concentrations, where clustering of point defects becomes more
likely from a statistical point of view. This ionized impurity clustering effect, as discussed by
Klaassen for the case of highly doped Si [91], leads to an increasing effective charge state Zii
with increasing Ne, which was not included in the calculation of theoretical µii in Eq.(27). In
fact, the calculated decrease of the combined µ in Figure 3 at very high dopant concentrations
caused by the increase of m∗ with Ne in the non-parabolic band approximation according to
18
2 Fundamentals: Transparent conductive oxides 19
Eq. (29) is not sufficient to explain the experimental results. An even steeper decrease of
mobility with Ne above 8x1020 cm−3 is observed for instance in ZnO, which is ascribed to the
increasing tendency of point defects to form charged clusters with an effective charge state
Zii > 1 [45, 76].
Altogether, a purely analytical description of these effects is difficult due to the complexity
of the mechanisms governing the formation of point defects in degenerately doped TCOs.
Therefore, the use of empirical models for the charge transport in these materials is justified. A
semi-empirical model, originally developed byMasetti [92] to describe the µ(Ne) dependence
in highly doped Si, is introduced here. It describes charge carrier scattering due to lattice
vibrations, ionized impurities and ionized impurity clusters in terms of the expression:
µMa = µmin +
µL − µmin
1 + (Ne/Nα)α
− µ11 + (Nβ/Ne)β (34)
These three scattering mechanisms are dominant in different regions of electron concentrations
and lead to a decrease of mobility with increasing Ne. The transitions between the scattering
regimes are described by the parameters Nα, α, Nβ and β. While α and β are mainly
determining the shape of the µ(Ne) curve, the Nα and Nβ values can be interpreted as
characteristic electron densities. For very low carrier concentrations Ne  Nα the mobility
is given by the lattice mobility µL, which includes scattering due to acoustic and optical
phonons. If Ne exceeds Nα the mobility is reduced to the value µmin due to scattering
at ionized impurities. For very high carrier densities above Nβ the clustering of ionized
impurities leads to an increase in the effective charge of the scattering centers resulting in
further reduction of the mobility to the value µmin − µ1.
parameter unit ZnO In2O3 SnO2 Si:P Si:As
µL cm2/Vs 210 210 250 1414 1417
µmin cm2/Vs 55 55 50 68.5 52.2
µmin-µ1 cm2/Vs 10 5 10 12.4 8.8
Nα 1017 cm−3 4 15 20 0.92 0.97
α 1 1 1 0.71 0.68
Nβ 1020 cm−3 6 20 6 3.41 3.43
β 2 2 2 1.98 2.0
Table 3: Overview of parameters for µMa(Ne) according to Eq. (34) for different TCOs and Si taken
from [76, 33, 92].
Due to the universality of the involved scattering processes this model can be applied to
semiconductors other than Si if a sufficient amount of mobility data for high quality single
crystals over a wide range of carrier densities is available. A parameterization according to
Eq. (34) was performed by Ellmer et al. for the TCO materials ZnO, In2O3 and SnO2 based
on an extensive literature survey of experimental Hall-effect data. His results together with
the original data from Masetti for Si are summarized in Table 3. A remarkable finding is
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that the ionized impurity mobility given by µmin shows similar values between 50-70 cm2/Vs
for TCOs and Si. This points to the fact that for highly doped semiconductors the differences
in the lattice mobility play only a minor role. Also the clustering mobilities µmin-µ1 for Ne
above ≈1x1021 cm−3 are similar for the different materials implying that ionized impurity
clustering in TCOs follows similar mechanisms as described by Klaassen for the case of Si
[91].
2.3.2 Grain boundary limited transport
Furthermore, in TCO thin films additional electron scattering mechanisms, as a result of line
defects and planar defects like grain boundaries, must be taken into account to describe the
experimental µ(Ne) data. Often a characteristic decrease or dip of electron mobility towards
lower electron densities is observed [93, 94, 86]. This effect can be explained by the model for
grain boundary limited transport developed by Seto [95]. It is based on the idea that the
crystallographically disturbed regions between the grains in a polycrystalline semiconductor
contain a high areal density of defects, NT , which lead to electronic states within band gap
that can trap charge carriers from the bulk of the grain. As a result a part of the bulk
of the grain is depleted and the trap defects become charged forming a potential barrier of
height φB and width wB, which impedes charge transport across the grain boundary. In the
following the case of a n-type semiconductor is discussed, where φB is counted relative to the
conduction band edge in the bulk and the traps are monovalent acceptor type defects. It is
further assumed that the grain boundary width is negligible compared to the characteristic
lateral size L‖ of the grains and that only one type of fully ionized donor impurity with density
Nii = Ne is present in the grain. Then, the expression for the barrier height depends on the
densities of traps and electrons for a given crystallite size. If L‖Ne < NT the crystallite is
completely depleted of charge carriers and the traps can only be partially filled such that the
barrier height increases proportional to Ne:
φB =
e20L
2
‖Ne
8εsε0
for L‖Ne < NT (35)
and reaches a maximum value of φB=e2NTL‖/8εsε0 when L‖Ne = NT resulting in a minimum
of the electron mobility. For higher electron concentrations the traps are saturated and the
barrier height decreases as 1/Ne because the total trapped space charge is constant, but the
width of the depleted zones is decreasing. This case typically applies to polycrystalline TCOs
because of their high doping levels and leads to an increase of µ with carrier density.
φB =
e20N
2
T
8εsε0Ne
for L‖Ne > NT (36)
The current flow across the barrier is carried by electrons that either surmount the potential
barrier by thermionic emission (TE) or tunnel through it. The tunneling current may become
significant compared to TE when the barrier is narrow and high. The width of the barrier,
i.e. the width of the depleted zone near the grain boundary, decreases as wB = NT /2Ne
at high electron concentrations. However, under these conditions also the barrier height φB
decreases strongly (Eq. 36) such that TE is believed to be the dominant process [95]. Seto
calculated the current flow across the grain boundary using Maxwell-Boltzmann statistics
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for the electron energy distribution and considering that under bias the voltage drop per grain
boundary is small compared to kT because of the large number of grain boundaries. This
gives rise to an exponential dependence of the effective mobility on the barrier height:
µSeto = µG exp
(
−φB
kT
)
(37)
where the coefficient µG can be interpreted as the mobility inside the grain, which is given
within the Seto model by:
µG =
e0 L‖√
2pim∗kT
(38)
Figure 4 shows total electron mobility curves in dependence of the electron density (colored
dashed lines) as calculated for the case of ZnO from a combination of the grain boundary scat-
tering model according to Eqs. (35)-(38) and the previously discussed Dingle-Zawadszki-
Pisarkiewizc (DZP) model for ionized impurity scattering. It is observed that towards
lower electron densities the total mobility in polycrystalline TCOs deviates significantly from
the idealized single-crystalline material characterized by µDZP (solid black line). At an as-
sumed trap defect density of NT=1×1013 cm−2 the total mobility drops to zero at Ne about
2×1019 cm−3 and goes through a pronounced minimum in the range of electron densities
where the barrier height is largest (Fig. 4a). With increasing grain size the mobility mini-
mum increases in width and the maximum total mobility in the L‖Ne>NT regime approaches
the ISS scattering material limit given by µDZP . Figure 4b demonstrates that the decrease of
the mobility towards low electron densities is very sensitive to the defect density NT resulting
in a shift of the ’mobility edge’ by several orders of magnitude in Ne. Therefore, both trap de-
fect density and grain size of TCO thin films may be obtained from a set of room-temperature
Hall-effect data that covers a sufficient range of electron densities.
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Figure 4: Total electron mobility for ZnO (colored dashed lines) calculated including a combination
of the Seto model for grain boundary scattering and Dingle-Zawadszki-Pisarkiewizc model for
ionized impurity scattering (solid line). a) Variation of grain size at constant trap defect density NT
and b) vice versa. Thin dash-dotted lines are contours of constant resistivity.
Several extensions of the Seto model were discussed in literature to incorporate additional
effects (see [33, p. 59]). Baccarani et al. argued that the traps may be partially filled even
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if the grain is not fully depleted in case the energy position of the traps ET lies above the
Fermi level EF [96]. However, this effect is neglected here because ET is unknown for ZnO and
more importantly EF>EC>ET for degenerately n-type doped semiconductors. Bruneaux et
al. proposed an expression for the conductivity of polycrystalline degenerate semiconductors
based on Richardsons law for thermionic electron emission from metals [97]. A compari-
son shows that the resulting expression for the effective mobility has the same exponential
form as in Eq. (37) where the prefactor µ∗G is still proportional to L‖ but involves other
constants and has a different temperature dependence of µ∗G ∼ T . Moreover, the effective
energy barrier at the grain boundary φ∗B is reduced according to φ∗B=φB-EF because of the
shift of the Fermi level into the conduction band with increasing Ne. However, the approach
of Bruneaux requires that φ∗B  kT (see [74, p. 154]) , whereas especially in the case of
highly doped films the effective barrier height can be in the order of kT . Moreover, the quan-
tum mechanical reflection probability of the electrons at the energy barrier is not taken into
account. A complete mathematical treatment of this problem including Fermi-Dirac statis-
tics for the degenerate electron gas as well as quantum mechanical reflection and tunneling
was performed by Garcia-Cuenca and co-workers [98, 99]. Unfortunately their results are
of limited practical use for data analysis because the film conductivity σ(Ne, NT , ET , ...) is
given in terms of an integral equation with self-consistent boundary conditions that can only
be solved numerically. Based on these considerations it appears to be sufficient to apply the
basic Seto model given by Eq. (35)-(38) to the analysis of the room temperature Hall-effect
data of the degenerately doped ZnO films prepared in this work. In this way trap densities
NT and grain sizes L‖ can be estimated keeping in mind that at high Ne values the grain
boundary potential barrier height is significantly reduced. Hence, in this regime the effective
charge carrier mobility is dominated by the bulk of the grain and should approach the value
for single crystalline material.
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2.4 Structure, properties and doping of ZnO
Zinc oxide (ZnO) was discovered already in 1810 by Bruce in Franklin (New Jersey, USA) and
research on ZnO intensified starting in the 1930s. Recently, comprehensive review articles [14,
100, 101] and books [33, 102, 103] on the fundamental properties, film growth and applications
of ZnO were published. In the following a brief literature summary will be given, while the
key material properties of ZnO where included in Table 1.
Under ambient conditions, ZnO crystallizes in the hexagonal wurtzite structure which belongs
to the space group P63mc and is found in the naturally occurring mineral zincite. The ideal
wurtzite can be described as a dense hexagonal packing of oxygen atoms, with an ABAB
sequence in direction of the c-axis, where half of the tetrahedral positions are filled with Zn
atoms. In reality, the hexagonal ZnO unit cell is slightly distorted from the ideal wurtzite
ratio of c/a=
√
8/3=1.633 [102]. However, this is compensated by a slight distortion of the
tetrahedral angles such that the coordination of the Zn and O atoms stays almost ideally
tetrahedral with nearly equal bond lengths of ∼0.198 nm to the four nearest neighbours. (see
Figure 5). Due to the lack of an inversion center in the unit cell, wurtzite ZnO is piezoelectric,
which is exploited in surface-acoustic wave devices.
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Figure 5: Crystal structure of wurtzite ZnO. The coordination of zinc (grey) and oxygen (yellow)
to their nearest neighbours is indicated by shaded (distorted) tetrahedrons. The primitive unit cell is
indicated by bold lines and contains two Zn and two O atoms. Unit cell dimensions were taken from
JCPD file number 36-1451.
Zinc oxide is a direct semiconductor with an intrinsic band gap of about 3.3 eV [33], making
it highly transparent in the visible spectral range. The conduction band minimum is formed
by unoccupied Zn-4s states [100] with a high dispersion leading to a low effective electron
mass of 0.28 me at the CBM. For very high electron concentrations the non-parabolicity of
the conduction band causes an increase of the effective mass. The valence band maximum is
composed of O-2p bonding states and exhibits a weak dispersion. Thus, the electronic band
structure enables high electron mobilities even at degenerate doping levels, while the hole
mobility is comparably low.
Nominally undoped ZnO usually shows n-type conductivity, where the electron concentration
can be increased by substoichiometric growth [33, p. 38] or annealing in reducing atmosphere
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[104]. Despite substantial experimental and theoretical efforts the origin of the this residual
n-type conduction in ZnO remains controversial. From early annealing experiments of ZnO
single crystals in Zn vapour Hagemark and Chacka concluded that the zinc interstitial
Zni is the main intrinsic donor type defect in ZnO [67]. This interpretation was brought into
question by the recent progress in the theoretical description of the thermodynamics of point
defect formation in oxides. On the one hand, it was shown from first principle calculations
by Lany and Zunger that the Zni in ZnO has a low ionization energy making it a shallow
donor, while the oxygen vacancy VO is in fact a deep donor [34]. On the other hand, the
formation enthalpy of VO is much lower than that of Zni under zinc rich growth conditions.
This means that under the experimental conditions mentioned above oxygen vacancies should
be abundant but are unlikely to be ionized, while zinc interstitials are hard to form but will
become readily ionized. This dilemma was solved by the same authors, who proposed that
photo-excitation of neutral oxygen vacancies leads to a shallow metastable defect state that
is responsible for the coexistence of colouration and persistent n-type conductivity in ZnO
[105].
dopant defect type ∆ED; ∆EA phase ∆H f
(meV) (kJ/mol);
(eV/metal atom)
intrinsic Zni donor 46 ZnO -350.5; -3.6
VO donor deep ∗)
VZn acceptor deep
Oi acceptor deep
hydrogen Hi donor 46
aluminium Al+Zn donor 53 Al2O3 -1676; -8.7
ZnAl2O4 -2071; -7.2
gallium Ga+Zn donor 55 Ga2O3 -1089; -5.6
ZnGa2O4 -1486; -5.1
Table 4: Summary of intrinsic and extrinsic point defects, and possible secondary phases in undoped
and Al or Ga doped ZnO. Numerical values of the respective ionization energies ∆ED or ∆EA for
shallow defects were taken from Ref. [33, p. 41][67], while defects situated more than ≈ 500 meV away
from the corresponding CB or VB edges are indicated as ’deep’ [105]. ∗) The special behaviour of the
oxygen vacancy in ZnO is discussed in the text. Formation enthalpies ∆H f of ZnO and the secondary
phases were mainly taken from [106] and partly calculated using additional published data on solid
state reactions [107, 108].
Another important candidate for a shallow donor in ZnO is hydrogen, which is nearly always
present as an impurity during the growth process. van der Walle could show by density
functional theory calculations that under all circumstances hydrogen acts as a donor in ZnO
[109]. The results of Zunger and co-workers also explain the commonly accepted experi-
mental finding that p-type conductivity in ZnO is very hard to achieve. First, the dominant
intrinsic acceptor type defect in ZnO is the zinc vacancy, VZn, while the oxygen interstitial is
not relevant due to its comparably high formation enthalpy. However, the ionization energy
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of VZn is rather high, such that the intrinsic hole concentration remains very low. Secondly,
p-type doping of ZnO is counteracted by the decrease of the formation enthalpy of the oxygen
vacancy when the Fermi level moves towards the valence band [110]. Thus, even holes intro-
duced by potentially shallow extrinsic defects will be strongly compensated by the formation
of large concentrations of ionized VO.
For practical TCO applications, the substoichiometric undoped n-type ZnO films are not well
suited. This is because the minimum resistivity is limited to only about 1×10−3 Ωcm and
also due to the onset of optical absorption in the visible spectral range as a result of the
zinc excess. Moreover, the electrical properties of these films are not stable under ambient
conditions and annealing in air leads to a pronounced decrease of the conductivity [104]. In
order to overcome these limitations, extrinsic doping of ZnO is required. The most common
form of n-type doping of ZnO is the substitution of Zn by group III elements like B, Al,
Ga and In which act as shallow donors when built in onto zinc lattice sites [103]. Boron is
typically used as a dopant during chemical vapour deposition (CVD) of ZnO films and leads
to maximum Ne values of about 5×1020 cm−3, while the minimum resistivity is only slightly
below 1×10−3 Ωcm [111]. The most frequently studied dopant for ZnO is the inexpensive alu-
minium, followed by gallium as the more costly alternative. Highest electron concentrations
above 1×1021 cm−3 and minimum resistivities of about 2×10−4 Ωcm were reported both for
Al doped ZnO (AZO) and Ga doped ZnO (GZO) films [112, 103]. Indium doping of ZnO
thin films is not very well investigated and reported resistivity values are inferior compared
to AZO and GZO films [113].
One fundamental problem of substitutional doping of oxides are the differences of the forma-
tion enthalpies between the host oxide and undesired secondary phases containing the dopant
element X (see Table 4). In the particular case of cationic doping of zinc oxide all the X2O3
oxides of the group III elements (X) have lower formation enthalpy than the ZnO matrix
[45]. For Al and Ga doped ZnO it was also reported that the solid state reactions of ZnO
with M2O3 to the corresponding ZnX2O4 spinel phases have a negative reaction enthalpy
[107, 108]. This means that dopant incorporation into these electrically insulating phases is
thermodynamically favoured against the intended substitution of Zn. Thus, in order to sup-
press the formation of these secondary phases the deposition conditions, especially the growth
temperature and the dopant concentration, have to be chosen carefully. From a comparison
of the formation enthalpies of the Ga and Al containing secondary phases it is expected that
Ga should be a more efficient dopant in ZnO than Al.
A second mechanism acting against degenerate n-type doping of ZnO is the decreasing forma-
tion enthalpy of the intrinsic acceptor VZn when the Fermi level moves into the conduction
band [34]. Since the VZn defect level is energetically close to the valence band, these defects
act as efficient electron traps in n-type ZnO. This suggests that, even under metal rich growth
conditions, a partial compensation by zinc vacancies is plausible, which is further enhanced
with increasing oxygen partial pressure.
Experimentally, these effects are reflected in the observation that the electron density in ZnO
is generally significantly lower than expected from the dopant concentration [114], which will
be discussed in more detail in Chapter 6.5.
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2.5 Structure, properties and doping of TiO2
Titanium dioxide crystallizes in three major different structural modifications: rutile, anatase
and brookite. However, only rutile and anatase play a role for TiO2 applications and are of
interest for this work. Their crystal structures are shown in Fig. 6 and are both of tetragonal
symmetry with distorted TiO6 octahedrons as basic building blocks.2 The difference between
both structures lies mainly in the spatial arrangement of the octahedra with 2 edge sharing in
anatase and a more compact 4 edge sharing connectivity in rutile as well as slightly different
Ti-O bond angles [25, 117]. Rutile is the thermodynamically most stable TiO2 phase with
the lowest formation enthalpy, whereas anatase is metastable against transformation into
rutile (compare Tab. 1). The anatase to rutile phase transformation kinetics depend on a
large number of factors including particle size, impurities and atmosphere. Pure bulk anatase
converts irreversibly into rutile at temperatures above ∼600◦C in air by a nucleation and
growth process [117]. Therefore, anatase TiO2 is sufficiently stable at room temperature to
be used in TCO applications.
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Figure 6: Unit cell crystal structure of the anatase (left) and rutile (right) polymorphs of TiO2. Both
structures have tetragonal symmetry where the Ti atoms (blue) are octahedrally coordinated to six
oxygen atoms (yellow). The basic (distorted) octahedra building blocks are indicated. Oxygen atoms
are in planar trigonal coordination to three neighbouring Ti atoms. Unit cell dimensions were taken
from JCPD file number 21-1276 for rutile and 21-1272 for anatase TiO2, respectively.
It is generally accepted that anatase TiO2 is an indirect semiconductor with a fundamental
bandgap energy of 3.2 eV, whereas rutile TiO2 has a direct fundamental optical gap of 3.0
eV. However, due to the existence of polarization dependent shifts (dichroism) and Urbach
tailing of the absorption edges in both materials an unambiguous assignment of exact en-
ergy and nature of the fundamental optical transitions is experimentally challenging at room
temperature [46, 118]. In both structures the conduction band minimum is predominantly
composed of Ti-3d states while the valence band maximum is derived from O-2p states [119].
The d-type nature of the conduction band is a unique feature of TiO2 compared to the con-
2Images created with Diamond 3.2i software [115] using CIF files from the American Mineralogist Crystal
Structure Database [116].
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ventional TCOs having CBMs derived from isotropic metal s-states. The conduction band
dispersion and consequently the effective electron mass in anatase TiO2 is strongly anisotropic
due to the directionality of the d-orbitals together with the tetragonal symmetry of the unit
cell. In anatase the effective electron mass at the CBM is about m∗0,⊥=0.2 me perpendicular
to the c-axis while it is roughly three times higher parallel to the c-axis, m∗0,‖=0.6 me [38].
Moreover, it is observed experimentally that these effective masses increase by a factor of 2
to 3 when anatase TiO2 is n-type doped with electron concentrations above ∼5x1020 cm−3
[39, 38]. Recent band structure calculations show that this effect is not only due to the
non-parabolicity of the conduction band bottom alone, but in addition more than one band
contributes to the electron conduction when the Fermi level shifts above the CMB upon de-
generate n-type doping [120]. Therefore, it is expected that the electron mobility in anatase
TiO2 depends strongly on the crystallographic ordering and the direction of current transport
with respect to the c-axis. In epitaxial c-axis oriented degenerately doped anatase thin films
maximum electron mobilities of about 25 cm2/Vs were achieved, which are comparable to the
conventional TCOs [22]. In contrast, the reported maximum electron mobilities in epitaxial
rutile TiO2 thin films are below 1 cm2/Vs [121]. This significant difference in electronic prop-
erties between anatase and rutile is still not completely understood [122], but first principles
calculations indicate that the low electron mobility in the rutile TiO2 phase is attributed
to an increased effective mass resulting from strong polaron coupling [123]. Therefore, the
deposition conditions must be adapted in such a way that the anatase phase is stabilized
while formation of rutile is prevented in order to obtain high quality TiO2 based transparent
conductive layers.
It is well known that nominally undoped oxygen deficient anatase and rutile TiO2 shows
n-type conductivity which can be accompanied by a blueish colouration [25]. However, the
microscopic origin of the observed ’intrinsic’ electron densities up to ∼1x1019 cm−3 [62] is
still controversial.
dopant defect type ∆ED; ∆EA phase ∆H f
(meV) (kJ/mol);
(eV/metal atom)
intrinsic Tii donor ∼500-700 TiO2 (anatase) -938.7; -9.3
VO donor ∼700-900
VTi acceptor ∼800
O0i neutral -
niobium Nb+Ti donor ∼10 NbO -420 ; -4.4
NbO2 -795 ; -8.2
Nb2O5 -1899.5; -9.8
tantalum Ta+Ti donor ∼10 Ta2O5 -2046; -10.6
Table 5: Overview of intrinsic point defects in undoped anatase TiO2 as well as extrinsic point defects
and possible secondary phases in Nb or Ta doped anatase TiO2. The listed donor ionization energies,
∆ED, originate from first principles calculations by Osorio-Guillen et al. [124] and Morgan et. al
[125]. The oxygen interstitial is not electrically active in anatase TiO2. Formation enthalpies, ∆H f,
of anatase TiO2 and the secondary phases were taken from [106].
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It is generally believed, that the formation of intrinsic donor type defects like Ti intersti-
tials, Ti4+i , or oxygen vacancies, V2+O , under oxygen poor growth or annealing conditions
leads to generation of free electrons in TiO2. An experimentally observed shallow donor level
(∆ED= 12 meV) in oxygen deficient rutile single crystals was assigned to the Ti interstitial
[126, 127]. However, according to recent first principles calculations by Lee et al. both Ti4+i
and V2+O are deep donors introducing defect levels at ∼300 meV and ∼900 meV below the
CBM [128]. Similarly, also for undoped anatase TiO2 both intrinsic donors defects are found
to be deep donors with ionization levels between 500 and 900 meV below the CBM (see Table
5). Therefore, although intrinsic donor defects may form in large concentrations in undoped
rutile/antase TiO2 at oxygen deficient conditions (calculated formation enthalpies are below
1 eV), they are not expected to contribute significantly to the creation of electrons at room
temperature [124]. Another explanation for the intrinsic n-type conductivity of TiO2 may be
the unintentional incorporation of hydrogen which is predicted to be a shallow donor in TiO2
[129].
In order to achieve highest conductivity, extrinsic doping of anatase TiO2 is required. Fu-
rubayashi and hitosugi et al. were the first to show that cationic Nb and Ta doping of
epitaxial anatase TiO2 thin films grown by pulsed laser deposition results in a degenerately
n-type doped TCO with resistivity below 3x10−4 Ωcm and high visible transmittance [22, 23].
Moreover, both dopants were found to be highly efficient and soluble in anatase TiO2 up to
at least 15% Ti substitution. These experimental findings were later substantiated by first
principles calculations of Osorio-Guillen et al. who showed that Nb and Ta are shallow
dopants with very low formation energies under Ti rich conditions. Furthermore, it was
concluded that anatase TiO2 tolerates remarkably high electron concentrations well above
2x1021 cm−3 because the formation enthalpy of the intrinsic acceptor defect, the Ti vacancy
V4−Ti , remains high even when the Fermi level shifts into the conduction band upon degener-
ate doping. Thus, n-type doping remains uncompensated to a large extent in anatase TiO2
[124]. However, under oxygen rich conditions the formation enthalpy of V4−Ti drops rapidly
and hence strong compensation of electron doping is expected when the oxygen supply during
film growth is not optimal. Furthermore, the reported high doping efficiencies of Nb and Ta
may be attributed to the small difference in the formation enthalpies per cation between TiO2
and the secondary oxide phases of the dopant metals, Nb2O5 and Ta2O5, as shown in Table
5. Therefore, it can be expected that in contrast to ZnO based TCOs the tendency to form
secondary phases in Nb and Ta doped TiO2 is comparably low.
28
3 Experimental methods I: Material synthesis by reactive magnetron sputtering 29
3 Experimental methods I: Material synthesis by reactive
magnetron sputtering
Although magnetron sputtering (MS) is one of the oldest and currently the most widely used
physical vapour deposition (PVD) techniques for thin-films materials synthesis, the method
is constantly developing and entering new fields of applications. Modern research trends are
for example ’high power impulse magnetron sputtering’ (HIPIMS) [130, 131], where a large
fraction of the sputtered material flux is ionized and also the use of MS for the deposition
of complex materials like CuInx−1Gax(S,Se)2 and CdTe semiconductors used as photovoltaic
absorbers [132, 21].
3.1 Principles of magnetron sputtering
Magnetron sputtering sources were invented in the 1970s as an improvement over the com-
monly used thermal evaporators and glow discharges [133]. In the latter a gas discharge is
ignited between two electrodes and the cathode is bombarded by energetic ions from the
plasma which knock out (sputter) atoms from its surface. This ’vapour’ condenses on a sub-
strate surface placed in front of the cathode and forms a thin film. The discharge is sustained
by secondary electrons emitted from the cathode surface, which are accelerated towards the
anode and create new ions by electron impact ionization. Typically, voltages above 2 kV and
pressures in the range of 20 Pa are required to operate such a glow discharge. This is not
very favourable for thin film growth, since gas ions lose most of their energy by collisions
with the process gas atoms before reaching the cathode resulting in low sputtering efficiency.
Also due to gas phase scattering the flux and the energy of the sputtered particles arriving
on the substrate are reduced leading to a diminished growth rate, limited ad-atom mobility
and poor film growth.
In the magnetron configuration a magnetic field is superimposed perpendicular to the elec-
tric field at the cathode as shown in Figure 7. This leads to a confinement of the electrons
increasing the ionization efficiency and the formation of a high density plasma ring above
the cathode surface. As a result, the discharge operates at lower voltages (few 100 V) and
lower pressures (∼1 Pa) and generates higher ion current densities at the cathode, which is
preferentially eroded underneath the high density plasma ring (race track). These conditions
allow the deposition of dense thin films at higher rates (up to 9 nm/s for ZnO [134]) and with
high lateral uniformity at an optimized target substrate distance (few cm).
Despite its simple concept, the physics of magnetron sputter deposition span a wide range of
major research fields including plasma physics, ion-solid interaction, thin film growth, surface
physics and solid state physics. Although certain aspects of magnetron discharges have been
studied in great detail, until now there is no complete theoretical physical model of MS avail-
able from which predictions of film properties can be derived. The intention of this chapter
is to give an insight into the characteristic features of magnetron sputtering and how it can
be utilized for the growth of transparent conductive oxides. The next section introduces the
reactive MS concept. This is followed by a brief discussion of the fundamental processes
involved in magnetron sputtering including basic plasma physics (Section 3.3), interaction of
the plasma with the target surface (Section 3.4), transport of the energetic particles to the
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substrate (Section 3.5) and thin film formation (Section 3.6). The experimental setup and
sample preparation procedures used in this work are summarized in Section 3.7.
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Figure 7: Schematic of a planar cylindrical magnetron sputtering source, mounted in a vacuum
chamber filled with a low pressure atmosphere (∼1 Pa) of inert gas (Ar) where a fraction of reactive
gas (O2) is added. To ignite the discharge a negative voltage (UT ) of a few hundred volts is applied
to the water cooled cathode. A ring shaped outer magnet and a cylindrical central magnet create
a closed half-toroidal magnetic field configuration, where ~B is perpendicular to ~E in a ring above
the target surface. In this field configuration electrons are efficiently trapped and the probability of
ionization events increases leading to a dense ring shaped plasma (1). Positive ions from the discharge
are accelerated along ~E onto the target (cathode) and sputter target atoms (2) which are travelling
towards the substrate, where they react with reactive species present in the sputtering gas (3) and
condense to form a thin (oxide) film (4).
3.2 Reactive magnetron sputtering
There are several different concepts of magnetron sputter deposition which can be used to
synthesize thin films of compound materials like oxides. They are distinguished by the types
of target material and plasma excitation, i.e. the time dependence and polarity of UT . Con-
ductive target materials like metals or alloys can be deposited by sputtering in an inert gas
atmosphere (typically Ar) which is commonly referred to as ’non-reactive’ sputtering. In or-
der to deposit compound materials a reactive gas like O2 or N2 is added to the gas mixture
and the process is called ’reactive sputtering’. A second possibility is to use compounds e.g.
oxide or nitride ceramics as target material. In this case, the distinction between reactive
and non-reactive is not easily made, especially when one constituent of the target material is
a gas. Even if sputtered in pure Ar, reactive species are formed in the plasma and often a
small amount of reactive gas is added to the background gas to compensate losses from gas
phase scattering. Therefore, all these processes are called ’compound-sputtering’.
The main plasma excitation types are direct current (DC-), kHz pulsed medium frequency
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(pDC- or MF-) and MHz sinusoidal radio frequency (RF-) excitation. As DC operation re-
quires current flow through the target, only conductive target materials can be sputtered in
this way. In case of RF-MS, the target potential rapidly alternates between positive and
negative such that no net current is drawn from the plasma, and surface charging of highly
insulating target materials is efficiently avoided. Pulsed DC-MS is a compromise between
both cases which can be further classified by the time dependent polarity of the target bias
voltage UT . If solely negative bias is applied the discharge is called unipolar. For sputtering
of insulating compounds, especially, often bipolar pulse shapes are used, where for a short
time period UT is positive in order to attract electrons from the plasma to compensate the
built up positive charge on the target surface (Fig. 8). A common pDC configuration is
dual-MS where alternating positive and negative pulses are applied to two magnetron targets
such that one of them acts as cathode while the other one is discharged during the positive
cycle [135].
t
U(t)
0
tP=1/f
tON tOFF
-UT
+UR
tR
Figure 8: Idealized pulse shape of the target
voltage in a bi-polar pulsed DC discharge. A
positive reverse bias UR with an amplitude of
a few 10 V is applied for a short duration (tR)
after the main negative pulse (tON ) to neutralize
positively charged insulating areas on the target
surface and avoid arc events.
In this work pDC reactive magnetron sputtering of metal and metal alloy targets in an Ar-
O2 atmosphere is used exclusively for the deposition of ZnO and TiO2 based TCOs. This
technique has many advantages compared to other methods:
• A wide range of film compositions from very metal rich to fully oxidized can be achieved,
whereas in case of compound-sputtering the lower limit of oxygen content is determined
by the target composition;
• Higher sputtering yield together with higher thermal conductivity, that enables more ef-
ficient target cooling and thus high discharge power densities, result in higher deposition
rates for metallic targets in comparison to compound targets;
• Metallic and alloy targets are usually cheaper, easier to machine and do not require
bonding on Cu plates for efficient cooling in contrast to ceramic ones;
• Cost-effective pDC power supplies can be used instead of expensive RF-equipment;
• Pulsed DC technology is scalable for highly uniform and cost-effective sputter coating
of m2 sized substrates in industrial applications, in contrast to RF-MS;
• Pulsed DC excitation enables arc-free reactive sputtering of semi-conducting materials
at high growth rates.
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On the other hand, the reactive magnetron sputtering process is comparatively complex
requiring a sophisticated process control. The desired film properties can often be achieved
only in narrow window of process parameters. Moreover, the interdependence of the process
parameters is highly non-linear, and hysteresis effects can be observed. This results from the
fact that the reactive gas not only forms a compound film on the substrate and on the walls
of the vacuum system but is also incorporated into the target surface due to chemisorption
and implantation [136]. Depending on the state of the target surface, the reactive magnetron
discharge exhibits three regimes of operation, which can be characterized by the dependence
of the oxygen partial pressure pO2 on the oxygen gas flow ΦO2 at a given discharge power as
depicted in Figure 9.
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Figure 9: Schematic representation of the oxy-
gen pressure-flow hysteresis of a reactive mag-
netron discharge at constant discharge power.
The discharge can be stabilized in the transition
mode by additional closed-loop feedback control
systems leading to the S-shaped pO2(ΦO2) curve.
Without the magnetron discharge pO2 is proportional to ΦO2 with a slope corresponding to the
inverse of the pumping speed of the vacuum pumps. When the magnetron is operated at very
low oxygen flow values, the target surface stays metallic because more oxide is sputtered away
than formed. The oxygen partial pressure is nearly zero since all oxygen is gettered on the
inner surfaces of the vacuum chamber by the sputtered metal flux. When increasing ΦO2 up to
the critical point A, the sputtered metal can no longer completely getter the O2 and an oxide
film starts to form also on the target surface. Now a rapid self-amplifying surface oxidation
process sets in because the initial oxide formation leads to a sudden decrease in metal sputter
yield, reducing the oxygen getter effect even further. This gives rise to a steep increase of
pO2 which continues until point B where the target surface is saturated with oxygen and the
discharge is said to be in the ’oxidized’ mode. Further increase in ΦO2 leads to a linear increase
in the oxygen partial pressure, with a slope similar to the case of switched off discharge and a
small offset in pO2 due to the oxygen fraction consumed by the reactive process. If the oxygen
flow is again reduced from here, pO2 remains high beyond point B, because the sputter yield
and the reactive gas consumption is low for the oxidized target. Only when ΦO2 drops below
point C the target surface is sputter cleaned and returns to the metallic regime such that
pO2 decreases rapidly. Due to this hysteresis, the oxygen partial pressure shows unstable
behaviour in between metallic and oxidized mode and a certain range of pO2 is not accessible
(indicated by the horizontal arrows in Fig. 9). Consequently, the deposition rate and the film
composition as function of ΦO2 show a hysteresis corresponding to the discussed pO2-ΦO2
dependence. Generally, in the metallic mode, metal rich films are deposited at very high
rates, while in the oxide mode stoichiometric oxide films at low deposition rates are obtained.
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However, the intermediate regime, the so called ’transition mode’, is generally the desired
operation regime of reactive sputtering because it allows to grow compound materials with
a wide range of compositions at satisfactory growth rates. Especially in the case of TCOs
the electrical and optical properties are very sensitive to deviations from the stoichiometric
metal to oxygen ratio and high quality transparent and electrically conductive films can be
obtained nearly exclusively in the transition mode.
An analytical model to describe the reactive sputtering process based on a system of rate
equations for the reactive gas balance has been developed by Berg [27]. From this it follows
that the pO2-ΦO2 hysteresis will vanish if the pumping speed of the pump, SP , exceeds a
certain critical value which depends on the internal pumping speed of the gettering effect
by the sputtered metal. This has been experimentally proven for example by Okamoto for
reactive sputtering of Si in Ar-N2 atmosphere [137]. However, the required pumping speeds,
and consequently the gas consumption rates, are so high that this method works only for small
lab-scale systems. In industrial scale applications, closed-loop feedback control systems are
used to stabilize the reactive sputter process in the transition mode, corresponding to the S-
shaped curve shown in Figure 9. These systems monitor, for instance, the optical intensity of a
characteristic emission line from the plasma and adjust the reactive gas flow accordingly [138].
These feedback control systems, however, can add significantly to the cost and complexity
of the reactive magnetron sputtering process, which is a drawback for large scale production
of TCOs. This led to the development of oxygen-deficient electrically conductive ceramic
targets for TCO deposition which can be DC or pDC sputtered in Ar without hysteresis [139].
While this approach simplifies the deposition process control, it relies on the availability of
high performance ceramic target materials that can withstand, both, the high thermal and
mechanical load needed to achieve sufficiently high sputter deposition rates. Moreover, the
TCO film properties depend strongly on small variations of the oxygen-deficiency in the
target. If the latter is too low the optical absorption of the films usually increases and traces
of additional oxygen must be added to the process gas. In the opposite case, the excess oxygen
leads to an increased film resistivity, which may be compensated by the addition of reducing
hydrogen gas. Taking into account these aspects and the aforementioned advantages of pDC
reactive MS, further development of this technique remains attractive for the deposition of
TCOs. Therefore, in this work an alternative method for the stabilization of the reactive
magnetron discharge in the transition mode is investigated, which is related to the material
dependent current-voltage characteristic (see Chapter 5).
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3.3 Fundamentals of plasma physics
Plasma is a state of matter defined as a partially ionized gas, consisting of neutral atoms
or molecules, positive and negative ions and electrons, which is quasi-neutral and exhibits
collective behaviour. Interactions within the plasma are governed by collisions, most impor-
tantly electron impact ionization i.e. collisions of electrons and neutrals generating ions that
compensate particles losses at the plasma boundary. This requires kinetic electron energies
of several eV in order to overcome the ionization threshold of the gas. The energy transfer in
elastic collisions is most efficient between particles of equal mass, the particle sub-ensembles
will thermalize rather quickly and individual temperatures Te, Ti and Tn can be assigned to
electrons, ions and neutrals, respectively. However, due to the low collision rate in typical low-
pressure magnetron plasmas and the inefficient energy transfer between electrons and heavy
ions/neutrals one observes that Te » Ti ≈ Tn. These plasmas are referred to as ’non-thermal’
since the heavy particles may have temperatures close to 300 K while electron temperatures
can be comparably high in the order of kTe=1 eV which is equivalent to Te=11600 K. Quasi-
neutrality requires that the average positive and negative charge densities are equal (= plasma
density ne) and deviations may only occur on a characteristic length scale, the Debye length,
λD, which must be small compared to the linear dimension of the plasma.
λD =
√
ε0kTe
nee20
(39)
Collective behaviour requires a certain minimum plasma density, ne, in order to allow for
efficient screening of charge density deviations on the λD-scale (static) and to allow, for
example, oscillations of the electrons against the positive background of the ion ensemble
(dynamic). The frequency of this motion is given by the electron plasma frequency:
ωpe =
√
nee20
ε0me
. (40)
The plasma characteristics of the magnetron discharge used for the deposition of ZnO based
films have been investigated in an earlier work using an electrostatic Langmuir probe [140].
Typical electron density and temperature values of ne=1×1011 cm−3 and Te=2 eV were mea-
sured in a distance of 2 cm above the race track at a discharge voltage of UT=500 V, discharge
current of IT=600 mA and total pressure of 2 Pa. This results in a Debye length of about
30 µm. As this is indeed small relative to the extension of the magnetron plasma (several
cm) the latter meets the criteria for quasi-neutrality and collective static behaviour. It is
instructive to use these values in the following to calculate further characteristic parameters
of magnetron plasmas. Note that the discussion of plasma properties in this section is based
on the book by Lieberman and Lichtenberg [141] unless stated otherwise.
3.3.1 Collisions
The particles in a plasma interact with each other by means of collisions, which may lead to
a large number of different processes like elastic scattering, ionization, dissociation, charge
exchange and electron attachment. A measure for the probability of one of these processes to
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happen upon a collision event is the collision cross-section σ. The latter has the dimension of
an area and can be understood as the effective area around the target particle within which
the probability for a collision event is equal to 1. Considering a directed beam of N0 projectile
particles travelling along a thickness interval dx through a volume filled with a density n of
target particles, the fraction dN of particles removed from the beam by collisions is given by:
− dN = Nn σ dx (41)
which is solved by an exponential decrease according to:
N(x) = N0e−x/Λ with Λ =
1
nσ
(42)
where the mean free path, Λ, is defined as the distance after which the initial number of
projectiles decreased to 1/e. If more than one process is possible the total cross-section is
given by the sum of the individual cross-sections. In general σ is a function of the projectile
energy, which changes after each collision event. Consequently, Eq. (41) must be transformed
into an energy integral along the path of the projectile particle to calculate for example the
number of ionization events of an electron with a given initial energy [136].
# process description Eth (eV) Ref.
1 e− + Ar −→ Ar+ + 2e− ionization 15.8 [142],[143]
2 e− + O2 −→ O+2 + 2e− ionization 12.2 [144],[145]
3 e− + O2 −→ O+ + O + 2e− dissociative ionization - [144]
4 e− + O2 −→ O + O + e− dissociation 5.2 [146]
5 e− + O −→ O+ + 2e− ionization 13.6 [147],[148],[143]
6 e− + O2 + M −→ O−2 +M three-body attachment thermal [149],[150]
7 e− + O2 −→ O− + O dissociative attachment ≈4.3 [149],[151]
8 e− + O2 −→ O+ + O− + e− ion pair formation 17.3 [149],[145],[151]
Table 6: Electron-impact processes with argon and oxygen together with the corresponding threshold
energies, Eth, and references for experimental and/or theoretical cross-section data.
Typical low-pressure magnetron discharges are characterized mainly by collisions of electrons
with gas particles. A summary of the relevant processes for an Ar-O2 plasma is given in
Table 6. Most important is the electron impact ionization of neutrals by energetic electrons.
This generates positive ions bombarding the sputter target, highly reactive radicals and also
leads to electron multiplication compensating the loss of charged particles to the walls and
by recombination. Ionization cross-sections typically exhibit a threshold energy, Eth, followed
by a steep increase with electron energy up to a pronounced maximum. For high electron
energies the ionization probability decreases again because of the reduced interaction time
between the fast electron and the electron shell of the atom. Experimental ionization cross
sections for Ar and O2 and the respective first ionization energies are shown in Figure 10.
In case of Ar, the formation of Ar+ strongly dominates while for oxygen several processes
including direct and dissociative ionization of O2, as well as dissociation of O2 and subsequent
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ionization of O atoms, lead to positive ion formation. A more detailed treatment of collisions
in Ar-O2 plasmas for O2 fractions below 20% shows that O+ ions are the dominant oxygen
species, followed by a comparable concentration of O+2 ions [152].
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Figure 10: a) Experimental cross-section data for electron impact ionization of Ar taken from [142].
Due to their low probabilities, cross-sections for higher ionization states are not shown here. b)
Experimental partial cross-section data for electron impact ionization of O2 is taken from [144] and
total theoretical cross-section for ionization of atomic oxygen from [147].
In plasmas containing highly electronegative species like oxygen, the formation of negatively
charged oxygen ions must be taken into account. Electron interaction with oxygen molecules
in the plasma leads to formation of O− through dissociative attachment of electrons and ion
pair formation. Also O−2 can be formed by electron attachment and interaction with a third
body like O2 or Ar. These three processes have a quite distinct dependence on electron energy,
which is depicted in Fig. 11a. For thermal electrons, with kinetic energies up to ≈ 1.5 eV, the
O−2 formation dominates, then follows a strong peak of dissociative attachment at ≈ 6.7 eV
while above 17.3 eV ion pair formation sets in.
It is important to note, that although the absolute value of the cross-section for negative
ion formation is two orders of magnitude lower compared to ionization, these processes are
still significant considering the Maxwellian energy distribution f(E) of the electron sub
ensemble given by:
f(E) = 2√
pi
√
E (kT )−3/2 e−E/kT
∫
f(E)dE = 1 . (43)
Fig. 11b shows clearly that for typical electron temperatures of a few eV occurring in mag-
netron plasmas only electrons from the high energy tail of f(E) contribute to ionization
events, whereas the majority of electrons has kinetic energies below the ionization threshold,
where negative ion formation processes are dominating the ion production. Therefore, sec-
ondary electrons emitted from the sputter target which gain energies of several hundred eV
are an important source of ionization in magnetron discharges. Using Eq. (42) one finds that
the mean free path between two ionizations for an electron with a kinetic energy of 500 eV
travelling through Ar at a pressure of 2 Pa is about 15 cm. Since the average energy loss per
ionization in Ar is approximately twice the ionization threshold (≈ 30 eV) [153], the distance
after which the kinetic electron energy is fully transferred into ionizations is much larger than
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typical target-substrate distances used for magnetron sputter deposition (few cm). Thus, the
confinement of the highly energetic secondary electrons is crucial to sustain the discharge at
low pressures and achieve high degrees of ionization in magnetron plasmas.
0 . 1 1 1 00 . 0
0 . 2
0 . 4
0 . 6
0 . 8
1 . 0
1 . 2
1 . 4
1 . 6
1 . 8
cro
ss-s
ecti
on 
(10
-18
 cm
2 )
t h r e e - b o d y  a t t a c h m e n t( a . u . )
 
 
 O 2  → O -
 O 2  → O 2 -
e l e c t r o n  e n e r g y  ( e V )
d i s s o c i a t i v e  a t t a c h m e n t
i o n - p a i r  f o r m a t i o n
a )
0 5 1 0 1 5 2 0 2 5 3 00 . 0
0 . 1
0 . 2
E t h ( O - ) E t h ( O 2 + )
 
 
k T = 2 e V
ene
rgy
 dis
trib
utio
n fu
ncti
on 
 f(E
)   (
eV-
1 )
E  ( e V )
k T = 5 e V
E t h ( A r + )
b )
Figure 11: a) Experimental cross-section data on the formation of O− from O2 by electron impact
taken from [151]. The energy dependence of the cross-section for O−2 formation is depicted schemat-
ically in arbitrary units because absolute values depend on additional parameters like type of the
third body, the gas temperature and pressure [150]. b) Maxwellian energy distributions for typical
electron temperatures observed in magnetron discharges together with the threshold energies taken
from Tab. 6 for different ion production processes in Ar-O2 plasmas.
3.3.2 The plasma boundary
In practical applications the extension of a plasma is limited by the inner surfaces of the
device where it is generated. The interaction of the plasma with these surfaces, in particular
the sputter target and the substrate, is crucial for understanding the processes involved in
magnetron sputter deposition.
Let us consider a magnetron plasma in contact with a surface that is electrically floating, e.g.
the substrate, as depicted in Figure 12. Due to their higher thermal velocity the electrons
will leave the plasma preferentially compared to the ions and charge the substrate negatively
with respect to the plasma bulk. An electrostatic potential φ builds up which repels the
electrons and accelerates ions towards the substrate. In a steady state the potential adjusts
itself until the fluxes of fast electrons and slow ions are balanced and there is no net current
through the substrate surface. This leads to a deviation from quasi-neutrality where the ion
density is higher than the electron density within a boundary region, xs, at a length scale of
a few λD - the Langmuir sheath. Due to the Debye screening of the potential in the sheath
region the quasi-neutrality of the plasma bulk is not disturbed. In addition, considering the
conservation of energy and flux for the ions entering the sheath, one finds that a presheath
region must exist, where the plasma is still quasi-neutral but the electrostatic potential is not
constant and decreases towards the plasma boundary.
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Figure 12: Scheme of the potential distribution (full red line) and particle trajectories (zig-zag arrows)
in a direct current magnetron discharge. Due to the electrostatic potential difference φF between the
bulk plasma and the floating substrate the growing film is bombarded by positive ions with energies of
about 10 eV (1). On the target side positive ions are extracted from the plasma and knock out target
atoms (2) or may be reflected as neutral atoms (3). Negative ions (oxygen) ejected from the target
(4) are accelerated in the cathode sheath and impinge on the substrate with high kinetic energies of
≈ e0UT .
Assuming a collision-less sheath and employing the Poisson equation one finds that the ions
must enter the sheath with a velocity which is at least the Bohm velocity:
vB =
√
kTe
mi
(44)
Since vB is typically much larger than the ion thermal velocity an acceleration from the
plasma bulk across the presheath to the sheath boundary defined by φ(x)=0 is necessary.
From this the plasma potential φp is derived as:
miv
2
B
2 = e0φp =⇒ φp =
kTe
2 (45)
Finally, from the balance of electron and ion fluxes through the sheath one finds that the
floating potential φF , i.e. the potential difference between the plasma bulk and the floating
substrate, is given by:
φF = φP − φW = kTe2e0
(
1 + ln
(
mi
2pime
))
(46)
This means that the surface of the growing oxide thin film on the substrate, which was
kept floating in this work, is continuously bombarded by energetic plasma Ar+ ions with an
energy of ≈10 eV. The ion current density through the sheath and towards the substrate can
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be calculated using Eqs. (44),(45) and the Boltzmann relation for the plasma density ns at
the sheath boundary.
jB = e0nsvB = e0n0 exp
(−e0φp
kTe
)
vB = e0n0e−1/2
√
kTe
mi
(47)
In order to ignite a stable discharge and achieve a sufficient sputtering rate a negative voltage
UT  φW is applied to the magnetron target. As long as the biased surface is small compared
to the total plasma-wall surface, the plasma potential is not influenced by UT . The strong
negative bias will repel the electrons from the target surface while positive ions are extracted
from the plasma. As a result a new plasma boundary, the Child-Langmuir sheath, will
form. A mathematical treatment of this situation for a collision-less sheath reveals that the
stationary ion flux to the target is still given by the Bohm current density jB according to
Eq. (47) and also obeys the Child-Langmuir law of space charge limited flux of charged
particles:
jB =
4
9ε0
(2e0
mi
)1/2 U3/2T
x2s
(48)
Contrary to what is implied by Eq. (48), the ion current density cannot be further increased
by increasing UT . Instead, the width xs(UT ) of the CL-sheath increases with higher bias
voltages. Inserting jB, the CL-sheath thickness is given by:
xs(UT ) =
√
2
3 e
1/2λD
(2e0UT
kTe
)3/4
(49)
Since the voltage drop across the CL-sheath is equal to UT , the total energy gain of positive
ions impinging at the target surface is:
Ei = e0 (φP + UT ) (50)
Using Eq. (47) an ion current density of 2 mA/cm2 is obtained by inserting n0=1x1011 cm−3
and Te=2 eV as determined using a Langmuir probe. This value is about a factor of 20 lower
than the experimental average ion current density jexp ≈45 mA/cm2 which is estimated from
the corresponding discharge current of 600 mA (subtracting a secondary electron contribution
of ∼10%) and a racetrack area of about 12 cm2 for the 50 mm diameter magnetron target.
The difference can be explained by taking into account that within the high density plasma
ring the product n0
√
Te is significantly larger than in the surrounding plasma probed by
the Langmuir probe, which is in qualitative agreement with results of Rossnagel and
Kaufman [154]. Furthermore, a CL-sheath thickess of xs ≈ 80λD=2.5 mm is estimated at
UT=500 V using Eq. (49). This shows that the width of the biased CL-sheath can be much
larger than the Debye length and is comparable to the electron Larmor radius.
3.4 Interaction of plasma and sputter target
As was discussed in the previous sections energetic ions are extracted from the plasma towards
the target surface due to the negative target potential. When an energetic ion impinges on a
solid surface it interacts with the target atoms and electronic system by means of collisions.
There is a plethora of effects resulting from this interaction (Fig. 13), which depend mainly
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on the ion energy Ei, mass mi, charge state q and the ion incident angle Θ with respect to the
surface normal but also on the target composition, density, atomic mass mt of the elements
contained and the binding energies within the solid. The interaction between medium heavy
ions (Ar+, O+, O+2 ) with Ei=(200...1000) eV and the sputter target during reactive MS of
oxides can be treated in terms of a sequence of binary collisions [155].
-
(1)
(2)
(3)
(4)
(5)
(6)
+
-
-
Figure 13: Schematic representation of ion-
solid interaction at the target surface: (1) in-
cident ion, (2) reflected neutral, (3) secondary
electrons, (4) sputtered target atom, (5) im-
planted ion, (6) collision cascade with primary
and secondary recoils, vacancies and interstitials
By collisions with surface atoms the incoming ion may be reflected back into the plasma.
With a certain probability the ion will be neutralized by electron transfer from the target
resulting in the emission of an energetic neutral. These electron transfer processes are gen-
erally accompanied by the emission of secondary electrons from the target surface. If the
ion enters the solid with sufficient energy it can displace target atoms, which in turn may
displace further atoms (recoils) leading to a collision cascade. Surface atoms may be ejected
(sputtered) from the solid if they receive enough energy to surmount the attractive forces at
the surface. The cascade develops until the energy per atom drops below the displacement
energy threshold (few eV). The remaining energy is dissipated mainly into phonons until the
cascade is thermalized with the solid. As a result the ion remains implanted in the target
together with damage in the form of interstitial atoms, vacancies and antisites which have
been created by its impact. In the following, secondary electron emission, sputtering and
reflection will be discussed, since these processes are relevant for the discharge behaviour and
thin film growth during reactive MS, whereas the effects of ion bombardment on the target
material are neglected to a large extend.
3.4.1 Ion induced secondary electron emission
Due to the impact of ions on the target surface secondary electrons (SE) may be emitted
by a number of different mechanisms which can be distinguished into potential emission
and kinetic emission. Potential emission (PE) is dominated by Auger processes where an
electron in a state E1 within the solid is transferred to a deeper state E2 of the approaching
ion and a second electron absorbs the energy difference ∆E = |E2−E1| [156]. If ∆E is larger
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than the work function of the solid, Wφ, the second electron is emitted from the surface
with a maximum kinetic energy of ∆E − Wφ. Considering the case a singly charged ion
with ionization energy Eiz interacting with a metal surface, one finds that the condition for
electron emission is given by Eiz > 2Wφ. Thus, potential emission is favoured for noble gas
ions (high Eiz) or (earth)alkali metals (low Wφ) [141, p. 303]. Kinetic emission (KE) is
attributed to the collisional transfer of kinetic energy into the electronic system of the solid
when ions enter the surface. Important processes are the refilling of created core vacancies
within the target leading to Auger electron cascades, and collisions with quasi-free electrons
in metals. Investigations of SE emission from metal surfaces showed that kinetic emission
sets in above a threshold ion velocity, which depends on Wφ and is reduced with increasing
atomic number of the ion [157]. The total secondary electron emission yield (γse) is defined
as the ratio of the secondary electron flux, Γse, to the incident ion flux Γi:
γse = γPEse + γKEse =
Γse
Γi
. (51)
The average number of emitted secondary electrons per incident ion depends strongly on the
elemental composition of the target surface, e.g. the degree of oxidation, but also on the type,
energy and the charge state of the impinging ion [157]. While PE is dominant at low projectile
energies, KE begins to contribute to the total SE yield above ion energies of several hundred
eV resulting in a linear scaling of γse with increasing ion velocity. Therefore, during magnetron
sputtering the secondary electron emission from the target is governed both by PE and KE
processes. Experimental γse values of about 0.1 were determined for the case of low energy
Ar+ bombardment (Ei < 1 keV) of clean metal surfaces [158]. However, due to the unknown
state of the target surface, resulting from a balance of chemical reactions with plasma species
and ion induced processes, γse is generally not known for a given reactive magnetron sputtering
process. Nevertheless, Depla et. al established an empirical relation between the discharge
voltage and γse, which was used to determine effective secondary electron emission yields for
different metal oxides [159, 160]. Based on these results, a method for the stabilization and
fine control of the reactive magnetron discharge is developed in this work, which uses the
material specific shape of the discharge current-voltage characteristic originating from the
relative change of γse upon plasma oxidation of the target (Chapter 5).
3.4.2 Sputtering
If within the collision cascade an energy larger than the surface binding energy, U0, is trans-
ferred to a surface atom it might leave the target, which is called sputtering and leads to
an erosion of the target surface. In the case of single element or metal alloy targets U0 can
be approximated by the sublimation enthalpy of the elements, while for compounds different
models to calculate U0 are used taking into account e.g. the compound formation enthalpy
[161, 162]. The flux ratio of sputtered atoms Γs to incident ions Γi is defined as the sputtering
yield Y:
Y = ΓsΓi
= Y (Ei, U0,mi,mt,Θ) (52)
The transport theory of linear collision cascades, i.e. a series of binary collision events, for
planar surfaces results in the Sigmund formula allowing a reasonable approximation of the
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sputtering yield for most ion-target combinations [163]:
Y = 4.2 · 10
14 cm−2
U0
α(mt
mi
) Sn(Ei)
1
cos(Θ) (53)
The numerical factor α corrects for the non-isotropic velocity distribution within the colli-
sion cascade and shows a monotonous increase with increasing mt/mi mass ratio, which is
approximately described by α=0.15+0.13 (mt/mi) [161]. Sn(Ei) denotes nuclear stopping
cross-section of the target material, which effectively leads to an increase in of Y with Ei for
typical energies below 1 keV occurring in magnetron sputtering. For a discussion of universal
analytical expressions for Sn(Ei) the reader is referred to the work of Yamamura et al. [164].
It should be noted that Eq. (53) does not correctly describe Y in case of low ion energies
where a sputter threshold energy is observed experimentally and semi-empirical corrections
are needed [165]. Moreover, the Sigmund formula neglects the increase of the ion reflection
probability with increasing incidence angle such that for large Θ around 70◦ a maximum in
Y (Θ) may occur [166] instead of the monotonous increase according to the 1/cos(Θ) depen-
dence. However, in case of magnetron sputtering ion incidence angles are close to zero, since
the ions are accelerated perpendicular to the target surface in the plasma sheath. In practice
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Figure 14: TRIDYN simulation of: a) Total sputtering yield of different target materials bombarded
by Ar+ ions under normal incidence. Lines are guide to the eye only. Owing to its low surface binding
energy of U0=1.35 eV Zn exhibits one of the highest sputtering yields of all metals. The ZnO data
points correspond to the high ion fluence regime of preferential sputtering shown in b) where a constant
surface concentration profile is reached.
often computer simulations are used to obtain experimentally relevant quantities like sputter-
ing yields and implantation depth profiles. A widely spread tool is the SRIM/TRIM software
package [167] which includes a database of experimental stopping cross-sections. TRIM is
based on a Monte-Carlo description of the binary collisions within the linear cascade regime,
often resulting in very good agreement with experimental data i.e. for implantation profiles.
However, fundamentally TRIM does not take into account any changes of the target proper-
ties by implantation, sputtering, preferential sputtering and ion mixing i.e. each ion ’sees’ an
unaltered target. Also TRIM is known to produce unrealistic sputtering yields, energy and
angular distributions of sputtered particles especially in the case of compound targets. Most
of these effects and problems are addressed by the TRIDYN program [168] that is based on
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TRIM. Here, dynamic effects are simulated by subdividing the target into slices and including
routines describing the relaxation of ion induced atom displacements after certain ion fluence
intervals. For the next fluence interval the altered target used. Thus, TRIDYN can follow
the temporal and spatial development of the target composition during ion bombardment.
Using additional input data like mass densities and compound formation enthalpies important
effects like surface reduction of oxides by preferential sputtering can be simulated.
Fig. 14a shows a comparison of calculated total sputter yields for normal incidence Ar+ bom-
bardment of Zn, Ti and ZnO as target materials. It is important to note that Y is inversely
proportional to the surface binding energy. Thus, the sputter yield of Zn (U0=1.35 eV) is
higher than that of Ti (U0=4.9 eV), although the collisional energy transfer from Ar to Ti is
more efficient due to their similar atomic mass. The strong ionic bonds in oxides are also the
main reason for the typical decrease of the sputtering yield of metals upon surface oxidation
as shown in the case of Zn and ZnO. Figure 14b shows a calculated concentration profile of
a ZnO surface sputtered by 1 keV Ar+ ions - a situation which may occur during reactive
magnetron sputtering of ZnO in the oxidized mode. Due to preferential sputtering of oxygen
the Zn accumulates in the surface layer with increasing ion fluence until the partial sputter
yields of Zn and O are equal. This steady state is reached for fluences above ≈3x1016 cm−2
which takes less than one second at a typical magnetron ion current density of 45 mA/cm2.
In addition, during reactive magnetron sputtering the target surface concentration profile
is altered due to the incorporation of oxygen from the process gas by direct implantation
of oxygen ions or recoil implantation of adsorbed O2 molecules. As the state of the target
surface determines both the sputter yield and the secondary electron emission coefficient, a
self-consistent description of the reactive magnetron sputtering process is rather challenging.
For now, the properties of the sputtered particles are of interest, since they constitute the
main particle flux towards the substrate. From the transport theory for the linear cascade
regime one obtains the following expression for the differential sputtering yield [155]:
d2Y
dESdΩ
∝ ES(ES + U0)3+δ cos(ΘS) = f(ES , δ)cos(ΘS) with δ = 0 (54)
where ES and ΘS are the energy and the ejection angle of the sputtered particles, respectively,
and δ is a numeric parameter. The angular distribution of the sputtered atoms is only
approximately cosine shaped, which is the result of the assumption of an isotropic collision
cascade. Experimentally deviations depending on ion energy and incident angle are observed,
which can often be described in good approximation by a term of the form cosz(ΘS).
The energy dependence f(ES , 0) is also known as the Thompson-distribution and is indepen-
dent of the ion energy, Ei. As indicated in Fig. 15, the distribution has a maximum at half the
surface binding energy and a characteristic long tail towards higher energies. Experimentally
it is observed that energy distributions of sputtered atoms are well described by Eq. (54) with
δ=0 for the case of normal ion incidence and not too low Ei [169]. Deviations were reported
for low energy Ar+ bombardment (Ei < 2 keV) of transition metals resulting in an increase
of δ up to ≈1, which was attributed to the incomplete development of the collision cascade
[169]. The average energy of the sputtered particles 〈ES〉 can be obtained by integration of
f(ES , 0) up to a maximum energy EmaxS using the approximation EmaxS  U0, which results
in:
〈ES〉 = U0
(
2 ln
(
EmaxS
U0
)
− 3
)
(55)
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Figure 15: Energy distribution functions of
sputtered metal atoms for different surface bind-
ing energies, U0, acc. to Eq. (54). Increased U0
causes a shift of the maximum, located at U0/2,
and a broadening of the characteristic high en-
ergy tail. The y-axis has been normalized.
The determination of EmaxS is not straightforward as it depends on the ion-target combination
and the ion energy. It was reported that using EmaxS = βEi with β ranging from 0.1 to 0.25
yields a good estimate of 〈ES〉 for the case of low energy Ar+ bombardment of medium heavy
elements [170]. Furthermore, due to the logarithm in Eq. (55) the average energy of the
sputtered particles is only weakly dependent on the ion energy. This is in good agreement
with TRIDYN simulation results, where mean energies of 6-7 eV and 11-15 eV are obtained
for Zn and Ti atoms sputtered from metallic targets by 500-1000 eV Ar+ ions. Due to these
low energies nearly all sputtered particles are ejected as neutral atoms from the target surface.
If positive ions form during sputtering their kinetic energy is not sufficient to escape from
potential drop at the cathode resulting in re-capture at the target. However, in case of
reactive sputtering negative ions may form due to the presence of strongly electro-negative
species like oxygen at the target surface. These negative ions are accelerated in the cathode
sheath gaining kinetic energies of several hundred eV. There is strong experimental evidence
that bombardment by highly energetic negative ions during sputter deposition of TCO films
causes crystallographic defects that deteriorate the electrical film properties [171].
3.4.3 Reflection
Another source of energetic particles impinging on the substrate are neutral particles origi-
nating from neutralization of positive ions and back-reflection from the target surface. For ion
energies Ei ≈ e0UT < 1 keV, gained in the cathode fall of a typical magnetron discharge, the
probability for neutralization upon impact on the target is close to unity [172] [141, p.299].
Only few reports on experimental quantification of the flux and energy of reflected particles
are available. Using precise calorimetric measurements during noble gas bombardment of
elemental targets, Coufal et al. could show that the increasing difference between Ei and
the energy deposited in the target at low ion energies is explained by an increasing fraction
of energy carried away by energetic reflected neutrals [173]. Hoffman observed that during
ion beam beam sputter deposition of metals an increasing fraction of the deposited material
is resputtered by reflected noble gas neutrals when the projectile mass is reduced from Xe to
Ne [174]. Due to the lack of a general analytical theory for the description of ion reflection,
the phenomenon was mainly investigated by computer simulations, from which scaling laws
can be extracted [175]. These studies showed that the reflection coefficient, YR, increases
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with increasing mass ratio of target atom and ion, A = mt/mi, decreasing ion energy and
at oblique ion incidence [175, 170]. In contrast to sputtered particles, the shape of energy
distributions of reflected neutrals, f(ER), depends not only on the surface binding energy but
also significantly on the mass ratio (A) and the ion energy. In case of normal ion incidence,
f(ER) is broad extending from ER ≈ 0 to a characteristic cut-off energy EcR, followed by
a high energy tail [175]. A rough estimate for EcR is obtained by assuming a single elastic
collision of the incoming ion with a surface atom. In the case of normal ion incidence and
backscattering in direction of the target surface normal (scattering angle =pi) one finds [155]:
EcR =
(
A− 1
A+ 1
)2
Ei with A > 1 (56)
which indicates that EcR increases for large mass ratios and scales linearly with the ion en-
ergy. Considering the case of reactive sputtering of Zn in Ar+O2 atmosphere at a typical
discharge voltage of 500 V, Eq. (56) yields 30 eV for reflected Ar neutrals, while O neutrals
may gain up to 180 eV when reflected from Zn target atoms. It should be noted that Eq. (56)
underestimates the maximum energy of reflected neutrals since reflected energies above EcR
are possible due to binary scattering into off-normal directions (i.e. scattering angle between
pi/2 and pi) and due to an increasing contribution of multiple collisions at low mass ratios and
low ion energies [155, 175]. As these energies are larger than the average energies of sputtered
atoms, reflected neutrals may contribute significantly to the energy flux towards the substrate
during magnetron sputtering.
In order to estimate this contribution, the reflection coefficient, YR, and average energy of re-
flected neutrals, 〈ER〉, were extracted from TRIDYN simulations3 of Ar and O bombardment
of metallic and oxidized Zn and Ti surfaces (see Appendix B). The results corresponding to
the case of reactive sputtering of ZnO are summarized in Fig. 16. Each projectile-target
combination was calculated separately to simulate the extreme cases of a metallic target in
comparison to a completely oxidized target surface. Figure 16a illustrates that the reflection
coefficients depend only weakly on the ion energy, Ei, showing an increase towards lower Ei.
Due to the low mass ratio of Zn and Ar (A = 65.4/40 = 1.6) only ∼10% of Ar+ is back
reflected from the metallic target. These results confirm the findings of a TRIM.SP study on
low energy Ar+ bombardment of metals by Drüsedau et al. [170]. In contrast, the reflection
coefficient of the lighter O+ ions is already about 25%. Moreover, when the target surface
becomes fully oxidized, the reflections coefficients for both ions decrease roughly by a factor
of two due to the reduced surface concentration of heavy scatterers (Zn). Fig. 16b shows that
〈ER〉 is proportional to the ion energy, which is a consequence of the linear dependence of the
cut-off energy on Ei. Despite the low mass difference, one finds that even Ar neutrals reflected
from metallic Zn have an average energy of ∼40 eV at Ei=500 eV, which is about six times
larger than the average energy of sputtered Zn atoms. As expected from Eq. (56), reflected
O neutrals have significantly higher average energies well above 150 eV due to the high mass
ratio relative to Zn (A = 65.4/16 = 4.1). As the complete oxidation of the target surface
reduces 〈ER〉 of Ar and O only by about 15..20 %, energetic neutrals (in particular oxygen)
are present in all operation regimes of the reactive discharge. Similar TRIDYN simulation
results are obtained in the case of reactive sputtering of TiO2 (not shown). However, both YR
3TRIDYN simulations were performed including dynamic changes of the target surface during ion bombard-
ment. In order to ensure the reliability of the extracted yields and energies, their dependence on the ion
fluence was checked. Consequently, high ion fluences were used which are well above the limit where a
constant surface concentration profile has developed.
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and 〈ER〉 for reflected Ar and O from Ti and TiO2 are somewhat lower due to the lower mass
of Ti compared to Zn and the higher stoichiometric fraction of oxygen in TiO2. Nevertheless,
one finds 〈ER〉 above 20 eV for reflected Ar neutrals and 〈ER〉 above 100 eV for reflected O
neutrals in case of reactive MS of TiO2 at typical ion energies (discharge voltages) of 400 eV.
Altogether, these estimations show that although the flux of reflected neutrals may be small
compared to the sputtered flux (depending on the sputter yield), energetic neutrals should
not be neglected when considering the total energy flux and the atomistic processes at the
surface of the oxide layer being deposited on the substrate.
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Figure 16: a) Reflection coefficients and b) average reflected energies for low energy Ar+ and O+
bombardment of Zn (black) and ZnO (blue) obtained from TRIDYN simulations. In case of O+
reflection from metallic Zn, the maximum O fraction in the target was set to zero, in order to keep
the target free of surface oxidation. This simulates the effect of target ’cleaning’ by additional Ar+
bombardment. The impact of O+2 molecule ions can be approximately treated as impact of two O+
with half of the kinetic energy.
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3.5 Transport of energetic particles through the gas phase
The energetic particles, i.e. sputtered/reflected neutrals and sputtered negative ions, ejected
from the sputter target are subject to scattering by the (thermal) process gas, which causes
them to lose energy and also influences their final distribution on the substrate surface. The
statistical nature of this process can be approximately described by a sequence of binary
elastic collisions between neutrals. Taking into account that the mean velocity 〈vP 〉 of the
ejected particles, corresponding to typical kinetic energies of 10 to 100 eV (see Eqs. (55),(56)),
is generally much larger than the mean thermal velocity 〈vAr〉 of the gas particles, the latter
are assumed to be at rest. For simplicity the oxygen fraction in the sputtering atmosphere
is neglected here, since the Ar partial pressure is usually large compared to that of O2. In
analogy to Eq. (42) one obtains the expression for the mean free path ΛP of the projectiles:
ΛP =
1
nArσP
(57)
where σP denotes the elastic scattering cross-section of the particles in Ar. Obviously the
interatomic potential VAr-P(r) as a function of the separation r between the collision partners
is of great importance for the determination of σP . If VAr-P would be known, σP (E) as a
function of projectile energy E could be obtained e.g. by (numerically) solving the classical
scattering integral [176, p.58]. However, since VAr-P is usually unknown for the atom-atom
combination of interest, approximations are unavoidable, but some statements of general
importance shall be derived here. The simplest approximation is the hard sphere description,
where VAr-P=0 for r > r∗ and VAr-P −→ ∞ for r ≤ r∗. Where the critical distance, r∗,
is the sum of the radii ri of the collision partners, i.e. the atomic radius for metals or the
van-der-Waals radius for gases. Using Eq. (57) and further replacing the Ar gas density
nAr by using the ideal gas relation results in:
ΛP =
1
nArpi(rAr + rP )2
= kTAr
pArpi(rAr + rP )2
(58)
A more rigorous treatment taking into account the velocity distribution of the sputtered
particles and theMaxwellian velocity distribution f(vAr) of the gas by introducing a relative
velocity ~v∗ = ~vP − ~vAr results in a decreased mean free path Λ∗ given by [177]:
Λ∗P =
vP
nArσP 〈v∗〉 < ΛP (59)
Here 〈v∗〉 means an average of v∗ over the velocity distribution f(vAr). The correction factor
Λ∗P /ΛP introduced in this way is in the order of 1/
√
2. This correction becomes important
when 〈vP 〉 approaches 〈vAr〉 i.e. for the low energy part of the Thompson distribution
(compare Fig. 15), especially for heavy elements with low surface binding energy like Zn.
Thus the corrected hard sphere model gives an estimate of the thermal mean free path of
sputtered atoms in Ar as depicted in Figure 17. An interpretation of this result is not
straightforward because most of the sputtered atoms have kinetic energies much larger than
kTAr, such that the distance of closest approach is smaller than r∗ and the electronic shells
of the collision partners are partly overlapping. Therefore, more appropriate potentials like
screened Coulomb potentials must be used to describe the interaction of sputtered and
reflected atoms with the process gas [176, p.24].
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Figure 17: Pressure dependence of the thermal
mean free path of Zn and O atoms in Ar atmo-
sphere acc. to Eq. (58). The target to substrate
distance, dts=7 cm, used in this work, is indi-
cated by the dashed line.
Based on the well known Ar-Ar pair potential, Robinson could show that the scattering
cross section of fast noble gas atoms in their own vapour, decreases rapidly with increasing
kinetic energy of the projectile, E [178].
Consequently, the mean free path of the projectile, ΛP (E), is significantly larger than the
thermal value according to Eq. (58). For instance, it was calculated that 10 eV Ar in Ar gas
at 300 K already has ΛP (E)/ΛP ≈ 6 [179]. These findings enabled Somekh to construct an
approximate general pair potential from a linear interpolation between the known noble-gas
potentials, which he used to calculate the energy loss (thermalization) of sputtered metal
atoms travelling through the process gas [180]. Using this approach, Somekh found that
the energy loss increases exponentially with the pressure-distance product, pdts, and that
thermalization is stronger for heavy elements with low initial average energy. These results
were later confirmed by Kuwata et al. who further refined the interaction potentials using
DFT methods [181] and found that the average energy of the sputtered atoms 〈ES〉∗ as a
function of the pressure-distance product can be expressed as:
〈ES〉∗ = 2kTAr + 〈ES〉exp
(
−pArdts
β
)
(60)
where β denotes a characteristic pressure-distance product, which depends on the masses of
particle and scattering gas (Ar), determining the energy transfer per collision, and the initial
average energy, 〈ES〉, given by Eq. (55). Kuwata calculated a value of βCu-Ar=150 Pa mm at
TAr=300 K which is in good agreement with the earlier results of Somekh. As the mass of Zn
is very close to that of Cu, this value can be used to estimate the energy loss of sputtered Zn
using Eq. (60). For the typical pressure-distance products of 0.7·70 Pa mm and 1.8·70 Pa mm
used in this work, this yields 〈ES〉∗/〈ES〉= 0.7 and 0.4, respectively. It is noted, that the
process gas itself will be heated due to energy transfer by frequent collisions with the high flux
of sputtered particles, leading to a reduction of the gas density in front of the cathode [180].
Therefore, the thermalization effect due to gas scattering is probably lower than estimated
above. Even lower thermalization can also be expected for the sputtered lighter Ti and O
atoms, but a more detailed calculation is beyond the scope of this work. Recently, a Monte
Carlo based code simulating the transport of sputtered particles through the gas phase has
been developed [177, 182].
In summary one can assume that, in contrast to what is suggested by Fig. 17, even for the
highest total pressure of ∼1.8 Pa used in this work, the sputtered atoms experience only
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few collisions with gas particles while travelling to the substrate. Furthermore, for highly
energetic reflected neutrals and negative ions like O− with Ei ≈ e0UT the mean free path
becomes larger than the target-substrate distance and they bombard the growing thin film
with their full kinetic energy. Hence, increasing the total pressure ptot during magnetron
sputtering of oxides is not effective to suppress film damage by negative ion impact. On the
contrary, a strong increase in ptot results in reduced growth rates, because sputtered metal
atoms (in particular at the low energy end of the energy distribution f(ES); see Fig. 15) are
scattered away from the substrate.
3.6 Thin film growth
The formation of oxide thin films during reactive sputtering involves a large number of atom-
istic processes which are schematically summarized in Fig. 18. The evolution of the morphol-
ogy, crystalline structure and physical properties of the layers are influenced by the fluxes
and energy distributions of the incoming particles as well as the type and temperature of
the substrate. Film deposition occurs due to adsorption of sputtered metal (and oxygen)
atoms from the (partially oxidized) target and thermal oxygen molecules from the gas phase.
Adsorption processes can be distinguished into physisorption and chemisorption. Physisorp-
tion is mediated by van-der-Waals forces, where adhesion to the surface is weak leading
to very high ad-atom diffusivity. Chemisorption is due to the formation of stronger chemical
bonds between the incoming particle and the surface. In the case of molecules, chemisorption
is often accompanied by bond braking and dissociation into highly reactive radicals, which
may require multiple adsorption sites. Depending on the energetics of the adsorbate-surface
combination, physisorption and chemisorption may occur sequentially.
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Figure 18: Scheme of processes at the substrate during reactive magnetron sputter deposition of
metal oxides. The most important particle fluxes and typical energies are: O2 molecules from the
process gas (Eg ≈ kTg ∼0.05 eV), sputtered metal and oxygen atoms (〈ES〉 ≤ 15 eV), reflected Ar
neutrals (〈ER〉 ∼ 20-40 eV), Ar+ ions from the plasma (Ei = e0UF ∼ 5-20 eV) and sputtered negative
ions (Ei ≈ e0UT ∼ 300-700 eV).
49
50 3 Experimental methods I: Material synthesis by reactive magnetron sputtering
Thus, the adsorbate initially is only weakly bound and can diffuse rapidly until it is trapped
in the deeper potential well of a chemisorbed state [141, p.303]. Generally, the adsorption of
energetic particles is possible only if the particle loses energy due to collision with the surface.
The remaining kinetic energy must be sufficiently small for the particle to become trapped in
the surface potential well.
3.6.1 Particle fluxes and sticking
The probability of adsorption for a certain particle-surface combination is commonly expressed
in terms of a sticking coefficient, S, that depends on the kinetic energy of the particle, the
surface temperature and the surface coverage. Although individual sticking coefficients are
hard to quantify experimentally, effective sticking coefficients for the different species during
reactive magnetron sputtering can be estimated from the ratio of the rate of incorporation
into the layer to the arriving particle flux. Inert species like Ar+, extracted from the plasma
sheath with typical energies below 20 eV, and Ar neutrals, back-reflected from the target
with 〈ER〉 about 20 to 40 eV, are typically physisorbed. Therefore, energetic Ar particles
contribute to the collisional energy transfer to the (floating) surface but are not incorporated
into the growing layer (SeffAr=0) due to the high desorption rate. Incorporation of Ar into
sputtered films is observed only for biased substrates [183] or heavy target elements like
tungsten [184] where the kinetic energy is sufficient to implant Ar below the surface. The
effective sticking coefficients of sputtered metal atoms are typically close to unity. However,
deviations were reported for TiN deposition at low substrate-target distances due to increased
energy flux to the substrate [185] and for sputtering of Ti-W alloys due to back-reflection
of the light component (Ti) from the film surface [184]. Another exception are high vapour
pressure metals like Zn and Cd where the effective sticking coefficient reduces significantly with
increasing substrate temperature, TS . In the present work, this effect is investigated in ZnO
based TCO films, where it leads to reduced deposition rates and change of the Zn to dopant
(Al or Ga) concentration ratio at elevated TS (Chapter 6). Based on the observed variation
of growth rate with TS , typical values of SeffZn(350◦C) ≈ 0.5 and SeffTi (400◦C) ≈ 1 are estimated
for reactive MS of ZnO and TiO2 at optimized deposition conditions, assuming that all metal
atoms stick to unheated substrates. In comparison, one finds that the effective sticking
coefficients of O2, which is commonly considered as ’highly reactive’ gas, are significantly
lower. Considering for instance the growth of ZnO, SeffO2 can be estimated from the ratio of
the O incorporation rate into the film, ΓfilmO , given by:
ΓfilmO =
ρZnONA
MZnO
d˙ZnO (61)
with ρZnO=5.6 g/cm3 and d˙ZnO denoting the film growth rate in nm/s, to the kinetic flux of
thermal O2 molecules:
ΓO2 =
pO2√
2pimO2kTO2
. (62)
Inserting typical experimental values of pO2= 75 mPa and d˙ZnO= 1 nm/s determined for the
deposition of optimum Al:ZnO layers and a gas temperature of TO2= 300 K, one finds a
sticking coefficient of SeffO2(350◦C) = ΓfilmO /(2ΓO2) ≈ 0.01. This low value is consistent with an
estimation of Ellmer et al. who reported SeffO2 between 0.03 and 0.05 for reactive sputtering
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of AZO on unheated substrates [186]. In addition, for reactive sputtering of Nb:TiO2, as
discussed in Chapter 7, the same procedure yields only slightly higher effective O2 sticking
coefficients of about 0.05 at TS= 400 ◦C.4 The difference might by attributed to the higher
reactivity of Ti (∆H fTiO2= -894 kJ/mol) compared to Zn (∆H
f
ZnO= -351 kJ/mol). This sug-
gests that the effective sticking coefficient of molecular oxygen during reactive MS of oxides
is generally much lower than that of the sputtered metal atoms. In contrast, the sticking
coefficient of sputtered atomic oxygen, SeffO , is expected to be comparable to the respective
metal sticking coefficients, since otherwise sputtering of ceramic ZnO or TiO2 targets in pure
Ar would result in metallic layers which is not observed experimentally [187, 188, 189]. Alto-
gether, taking into account all sources of oxygen species, the overall film composition i.e. the
oxygen to metal ratio in a ZnO film is given by:
cO
cZn
(pO2, TS , pAr) =
SeffO ΓO + 2SeffO2ΓO2 + SeffO+ΓO+ + 2S
eff
O2+ΓO2+ + S
eff
O*ΓO*
SeffZn ΓZn
, (63)
where the indices O+, O+2 and O∗ indicate oxygen ions and atoms created in the plasma.
Obviously, a direct calculation of the film composition is very challenging since the individual
sticking coefficients and some of the particles fluxes are hard to quantify experimentally.5
Nevertheless, Eq. (63) can be used to identify ways to modify the film composition by
externally accessible parameters and thus control the electrical properties of sputtered TCO
layers: (i) the fluxes of O2 molecules and all oxygen species created in the Ar-O2 plasma are
(approximately) proportional pO2 [152, 136] (ii) the flux ratio ΓO/ΓZn of the sputtered atoms is
proportional to the ratio of the sputter yields YO/YZn which is reduced with decreasing target
surface oxidation (iii) elevated TS tends to reduce the sticking coefficients, in particular SeffZn
due to the high vapour pressure of Zn and (iv) sputtered particles are scattered away from the
substrate due to gas scattering, which is more pronounced for higher gas pressures and light
atoms [180]. Consequently, the main external parameter controlling the film composition
is the oxygen partial pressure as it determines both the oxygen flux from the plasma and
the oxygen to metal sputter yield ratio for a given discharge voltage. Moreover, taking into
account that in case of a fully oxidized target YO/YZn is close to the stoichiometric composition
and the similar sticking coefficients of sputtered O and Zn, it can be expected that slightly
oxygen deficient TCO layers can be prepared only within the transition mode of the reactive
MS discharge (partially oxidized target) but at a working point which is close to the oxidized
regime. In Chapter 5 a method to precisely control pO2 utilizing the characteristic current-
voltage relation of the reactive MS is developed. Furthermore, a wider process ’window’ in
terms of pO2 is expected for ZnO compared to TiO2 because surplus Zn may desorb at elevated
TS while the Ti sticking coefficient is nearly substrate temperature independent.
4It is noted that this simplified estimation gives an upper limit of SeffO2 because in addition to molecular O2 also
sputtered O atoms as well as atomic oxygen O∗ and O+, O+2 ions created in the plasma are incorporated
into the growing layer and are thus included in the observed ΓfilmO .
5Note that the upper limit of cO
cZn
is given by the stoichiometric limit of the compound, i.e. 1 for ZnO or 2
for TiO2, which requires a decrease of the oxygen related Seffi coefficients in the oxygen rich limit, whereas
the lower limit cO
cZn
=0 corresponds to metal rich conditions.
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3.6.2 Energy flux towards the film surface
Another important parameter determining the film properties is the total energy transported
to the substrate per incident metal atom, 〈E〉tot. This quantity controls the diffusion and
desorption of ad-atoms at the film surface and is given by the sum of the contributions of
sputtered particles, reflected neutrals, ions and electrons extracted from the plasma sheath,
the energy released due to film formation, Efilm, and the (thermal) radiation Erad originating
from the sputter target, the plasma and substrate heating (TS). In order to simplify the
estimation of the individual contributions to 〈E〉tot, gas phase scattering is neglected for now
and the angular distributions of sputtered and reflected particles are assumed to be identical.
Then, in case of sputter deposition of ZnO, one can write for the total energy per Zn atom:
〈E〉tot = 〈ES〉+ 〈ER〉 YR
YZn
+ Eion
Γion
ΓZn
+ 〈Ee〉 ΓeΓZn + Efilm + Erad (64)
where the average energy of the reflected neutrals, 〈ER〉, is normalized to the amount of
sputtered metal by the factor YR/YZn and Γion, Γe, ΓZn denote the fluxes of ions, electrons and
Zn atoms impinging on the substrate. An ion (saturation) current density at the substrate
holder of jion= 0.8 mA/cm2 was measured by applying a negative substrate bias of -50 V
at typical growth conditions (UT=500 V, IT=600 mA, p= 1.8 Pa).6 As optimum oxygen
partial pressures are only about 75 mPa, it is feasible to consider Ar+ ions only. During ZnO
deposition the substrate is kept floating and therefore Γion= Γe = jion/e0= 5.0x1015 cm−2s−1.
For a given deposition geometry the Zn flux, ΓZn, is proportional to the sputter yield, YZn,
and can be calculated using Eq. (61) and the estimated Zn sticking coefficient. This yields
ΓZn=ΓfilmZn /SeffZn = 8.3x1015 cm−2s−1 at a film growth rate of 1 nm/s. The energy per incident
Ar+ ion, Eion, is given by the sum of the kinetic energy gained in the sheath, e0φF ≈ 8 eV,
and the potential energy. The maximum potential energy which can be transferred to an
electron is the difference between the ionization energy, EAriz =15.8 eV, and the work function
of the film, WZnOφ =4.0 eV [190, 191]. Indeed, it was shown experimentally that about 90% of
the potential energy of slow Arq+ (q ≤ 3) ions is transferred to metal surfaces [192]. Thus,
the total energy per Ar+ is approximately
Eion = e0φF + EAriz −WZnOφ ≈ 20 eV . (65)
Furthermore, fast electrons from the high energy tail of the Maxwell distribution reach the
substrate with an average kinetic energy of 〈Ee〉kin= 1.2 Te after traversing the sheath [193]
and gain an energy corresponding to the work function upon recombination with the surface.
Using Eq. (46) to calculate Te from the measured φF , the energy per electron amounts to:
〈Ee〉 = 〈Ee〉kin +WZnOφ ≈ 6 eV . (66)
The heat released per Zn atom due to film formation is obtained by assuming that ZnO
is formed by condensation of sputtered Zn atoms on the substrate (release of sublimation
6Note that the ion flux through the sheath to the floating substrate is given by the Bohm flux, which is
proportional to n0
√
Te. Previous Langmuir probe studies showed that both n0 and Te are proportional
to the discharge current, IT [140]. Moreover, IT is nearly independent of the discharge voltage in case of
voltage controlled reactive MS of Zn in Ar/O2 in the transition mode employed for growth of ZnO based
TCOs in this work. Thus, the ion/electron flux and the floating potential (φF ∝ Te) depend only weakly
on UT during operation in the transition mode.
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enthalpy) and subsequent chemical reaction with molecular oxygen (release of formation en-
thalpy), which results in:
Efilm =| ∆HsubZnO | + | ∆H fZnO |= (1.35 + 3.6) eV ≈ 5 eV . (67)
Finally, the results of Section 3.4.3 are employed to calculate the first two terms in Eq. (64)
corresponding to the energy contribution of sputtered and reflected neutrals originating from
the target as a function of the ion energy (discharge voltage). For this purpose two extreme
cases, namely the metallic mode and the oxidized mode, occuring during reactive MS of
ZnO are simulated using TRIDYN. Figure 19 shows that in the metallic mode the combined
average energy per sputtered Zn atom lies between 6 and 9 eV. Due to the very high sputter
yield of metallic Zn (compare Fig. 14) this energy is mainly due to sputtered Zn while the
reflected Ar neutrals contribute only about 10%. In comparison, the combined average energy
per sputtered Zn atom is increased substantially to about 30 eV in the oxidized mode. This
is attributed to: (i) the larger surface binding energy of Zn in ZnO (6.9 eV) compared to Zn
(1.35 eV) which results in an increase of 〈ES〉 according to Eq. (55), (ii) increased average
energy of reflected particles due to backscattering of highly energetic oxygen atoms from the
target surface (compare Fig. 16) and (iii) stronger decrease of the sputter yield relative to
the reflection coefficient upon oxidation leading to a larger number of reflected particles per
sputtered Zn atom, YR/YZn. Due to these effects the contribution of the reflected particles
is comparable to the energy carried by the sputtered atoms when the target is fully oxidized.
At discharge voltages below 500 eV the reflected energy per sputtered Zn atom even begins to
dominate the overall energy flux from the target, since the reflection coefficient increases while
the sputter yield drops towards low ion energies. As will be shown in Chapter 5, it is possible
to control the oxidation state of the Zn target by adjusting the discharge voltage at constant
O2 gas flow. The reactive discharge is found to be in the oxidized mode for UT< 400 V, while
(depending on the oxygen flow value) the metallic mode is situated at UT> 700 V. Therefore,
in the transition mode, characterized by a partly oxidized target surface, it is expected that
the energy per Zn atom carried by sputtered and reflected particles decreases gradually from
∼30 eV to ∼9 eV for UT= 400 .. 700 V due to the decreasing oxide surface coverage. However,
further quantification requires detailed modelling of the particle balance at the target surface
[136] and the energy dependent gas scattering (mainly affecting the low energy sputtered
particles) as outlined in Section 3.5, which is beyond the scope of this work.
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Figure 19: Calculated contributions of sputter-
ing and neutral particle reflection to the total
average energy per sputtered Zn atom as func-
tion of ion energy for: (i) metallic Zn target in
pure Ar (black) and (ii) fully oxidized Zn (blue)
in Ar+O2 atmosphere. An O+ to Ar+ flux ratio
of 20% was assumed in the TRIDYN simulation
of the reactive case (ii).
Nevertheless, these estimations show that during reactive sputtering of ZnO in total an energy
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of 30 to 50 eV per incident Zn atom is transported to the floating substrate by energetic par-
ticles and 5 eV per ZnO unit are released during film formation. The dominant contributions
arise from to sputtered/reflected atoms and Ar+ bombardment of the floating substrate. As
the kinetic energy of most of these heavy particles is in the order of a few 10 eV they cannot
penetrate the film surface and can be treated as (hyper) thermal particles which contribute
to the heating of the film surface. From the data above, a thermal flux of 40 mW/cm2 is es-
timated, which is comparable to reported values using calorimetric probes during magnetron
sputtering [190].7 Due to this high thermal flux during sputtering the surface diffusivity of
ad-atoms is enhanced which results in compact film structure even on unheated substrates. In
practice, often additional substrate heating is applied to further improve the film crystalline
structure and properties.
3.6.3 Effects of energetic particle bombardment
Besides adsorption and diffusion of thermal particles also substantial momentum can be trans-
ferred to surface atoms due to the impact of energetic particles. This may result in damage
in the form of point defects which is detrimental for achieving optimum electronic properties
in TCO materials. During reactive sputtering of oxides, the main source of energetic parti-
cles are sputtered negative oxygen ions and reflected Ar and O originating from the target
surface. The effect of energetic particle bombardment during film growth was modelled by
Brice et al. based on the assumption that energetic bombardment should create mobile
surface defects without creating damage in the underlying ’bulk’ material [194]. Using the bi-
nary collision approximation, Brice and co-workers calculated ’mass-energy windows’ where
energetic bombardment is expected to be beneficial for film growth. Considering that the
number of nearest neighbours of surface atoms is lower than that of atoms in the bulk, it
was estimated that the displacement energy of a surface atom, EsurfD , is only half of the bulk
displacement energy EbulkD . Consequently, there is an optimum range of projectile energies
for a certain projectile-material combination where the ratio of surface to sub-surface defects
created by particle impact is large [195]. In a review of Zinkle et al. displacement energies of
EbulkD (Zn)=40..70 eV and EbulkD (O)=47..55 eV were reported for ZnO, which are in reasonable
agreement with investigations of defect formation in ZnO due to electron and ion irradiation
[196, 197]. These values are comparable to those of diamond for which calculations were made
by Brice et al. [194]. Using this analogy, the energy-window for Ar or O bombardment of
ZnO is approximately between 30 and 120 eV at room temperature. For higher projectile
energies substantial defect formation in the bulk of the layers can be expected. From com-
parison with ion-beam deposition experiments of Si, Brice et al. also concluded that the
bulk damage threshold is increased at elevated substrate temperatures which was attributed
to enhanced migration of bulk defects to the surface and subsequent annihilation. Taking this
effect into account and considering the typical particle energies during pDC-RMS discussed in
Chapter 3.4, it is expected that reflected neutral oxygen and sputtered negative oxygen ions
with energies up to few 100 eV are the main source for point defect formation during reactive
MS deposition of TCOs. It is accepted that in case of sputtered ZnO films this effect results
in reduced conductivity opposite to magnetron racetrack where the particle bombardment is
7Thermal energy flux: Pth = 〈E〉totΓZn ≈ 30 eV · 8.5 × 1015 cm−2 s−1 = 40 mW/cm2. Note that gas phase
scattering is not included in this estimation, so the actual thermal flux at the substrate may be lower.
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most intense [171]. For this reason, a non-line-of-sight deposition geometry is employed in
this work for the growth of ZnO based TCOs.
3.6.4 Evolution of micro-structure
A convenient way to describe the evolution of the micro-structure of sputtered thin films in
dependence of the growth process parameters are structure zone diagrams (SZD). In this way,
the effects of the large number of atomistic processes during film formation as outlined above,
are reduced to a few directly accessible parameters. A comprehensive review on the various
SZDs employed for sputter deposited films in literature was given recently by Mahieu et al.
[198]. The SZDs classify films into different zones according to their micro-structure. The
latter is strongly influenced by the surface mobility of the deposited atoms which depends
decisively on the surface temperature that is determined both by the substrate temperature,
TS , and the thermal energy flux from the magnetron discharge. Since it is difficult to obtain
experimental information on ad-atom mobility or the underlying diffusion energy barriers on
the growing surface, often the homologous temperature defined as the ratio of TS to the melt-
ing temperature is used as the main parameter in SZDs. Furthermore, the structure evolution
of thin films is influenced by the presence of impurities and energetic particle bombardment
which leads to extended SZDs as proposed by Barna et al. [199] and recently by Anders
[200]. At this point the classic SZD for pure elemental polycrystalline films introduced by
Thornton and depicted in Fig. 20 will be discussed to illustrate the basic principles [201].
surface temperature  (ad-atom mobility)
Zone I      Zone T            Zone II             Zone III
Figure 20: Schematic evolution of thin film structure in dependence of surface temperature after the
structure zone diagram of Thornton [201].
At low temperature the ad-atom diffusion is negligible and incoming particles ’stick’ to the
place where they arrive on the film surface, since they cannot overcome the surface diffusion
barrier. This results in Zone 1 structure which is characterized by the formation of fibrous
columns separated by voids that form due to shadowing effects. Thus, the film density is
lower than that of the bulk material. As the average energies of sputtered particles are
in the order of a few eV, the energy flux provided by the magnetron discharge is typically
sufficient to enable some surface diffusion even on unheated substrates. Therefore, during MS
deposition, Zone 1 structure is typically observed only for large pressure-distance products
where energy loss due to gas-phase scattering is significant. When the ad-atom mobility is
increased by raising the (substrate) temperature, surface diffusion is enhanced resulting in
Zone T structure. Nucleation and growth of randomly oriented grains occurs by condensation
from the vapour-flux and capture of diffusing ad-atoms. Due to surface diffusion the grains
55
56 3 Experimental methods I: Material synthesis by reactive magnetron sputtering
will become faceted reflecting the differences in surface energy density and growth rates of
the crystallographic faces. The kinetically preferred growth shape is dominated by the faces
having the lowest growth rate, since the fastest growing facets will outgrow themselves into
extinction [198]. When the crystallites make contact, a grain boundary is created, which
is immobile as long as bulk diffusion is still negligible. Further film growth is governed by
selective grain growth, where faster growing grains overgrow slower grains due to surface
inter-diffusion of ad-atoms between connected grains. This proceeds with increasing film
thickness until only the fastest growing grains remain, leading to the development of cone-
shaped columns with a preferred out-of plane crystallographic orientation above a certain film
thickness.
When the temperature is further increased, already chemisorbed atoms may become mobile.
This enables restructuring of islands during the nucleation stage, leading to a consumption
and coalescence of the initially formed nuclei. In this way, the randomly oriented nuclei will
evolve into large islands having minimum surface energy. Thus, the crystallographic plane
with the lowest surface energy density is oriented parallel to the substrate surface. Upon
contact the interface energy between grains is minimized, resulting in the Zone II structure,
which is characterized by nearly straight columns with grain boundaries perpendicular to the
substrate. Due to mass transfer from one grain to another, the grain boundaries may migrate
which leads to wider columns with increasing temperature. In this way, the total energy is
further minimized and the Zone II structure is the thermodynamically most stable one.
Furthermore, the formation of a Zone III structure consisting of globular three dimensional
grains with non-perpendicular grain boundaries is discussed in literature. This structure is
usually attributed to very high substrate temperatures, however Barna and Adamik argued
that Zone III growth is caused by repeated nucleation due to the (unavoidable) presence of
low concentrations of impurities [199]. A Zone III structure can also be obtained by nucleation
and grain growth during post-deposition annealing of amorphous or disordered layers.
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3.7 Experimental setup and procedures
3.7.1 Substrate preparation
For the growth of oxide thin films several different substrates are used in this work. The
standard substrate for optical and electrical measurements being double side optically polished
UV-grade fused silica (f-SiO2). This insulating material is chosen because of its high optical
transmission of >90% from the NIR to the near UV spectral range, high surface quality (RMS
roughness <1.5 nm), chemical purity, chemical inertness and superior temperature stability
up to 1000◦C in comparison to other glass types. For elemental composition analysis films
are grown on glassy carbon (’SigradurG’, HTW GmbH, Germany). This material is also
highly chemical inert and temperature stable. The surface of the as-delivered SigradurG
is polished with diamond paste in order to remove micro-scratches and to further reduce
its RMS roughness. Additionally epitaxial ZnO and TiO2 based films are prepared on single
crystalline c-plane sapphire (Al2O3) and (100) oriented SrTiO3 (STO) substrates, respectively.
All substrate types are subject to the same standard chemical cleaning procedure. After a
two step sonication in acetone and ethanol for 5 min each, they are rinsed in deionized water
and dried in hot air. This is supposed to remove surface contaminations from packaging and
transport. In the case of Al2O3 a previously established surface treatment in O2 plasma is
performed after the chemical cleaning in order to achieve high quality single domain epitaxial
ZnO growth [202]. All substrates and samples are stored at room temperature at a relative
humidity below 30% in an exsiccator.
3.7.2 Deposition system
The oxide thin films are grown in two almost identical sputtering systems. Both systems
share the same layout of a cylindrical vacuum chamber (h=41 cm d=65 cm) with slightly
different devices installed, as depicted in Fig. 21. The pumping system consists of an oil-
free scroll-pump (Varian TriScroll) together with a turbo-molecular pump (Pfeiffer TMU
series) behind an adaptive pressure control system (APC). The latter is used to manually
operate a butterfly valve controlling the pumping speed. This was adjusted in such a way
that the effective pumping speed during film growth in both chambers was about 100 l/s.
By baking the whole chamber for several hours at ≈90◦C a base pressure of 2×10−5 Pa is
reached before each deposition run.
In the UHV range a combined Pirani/cold cathode gauge (Pfeiffer PKR-251; working range
1000.. 5×10−9 mbar; accuracy 30%) is used. For gas type independent pressure measurement
during deposition a high precision temperature stabilized capacitance gauge (Pfeiffer CMR-
275; working range 0.1..1×10−6 mbar; accuracy 0.15%) is installed, which turned out to be
crucial for fine tuning of oxygen partial pressure in the reactive discharge. The pressure
reading of the CMR-275 gauge was monitored in-situ by the self written Labview program
”baratron.exe”. Additionally, differentially pumped quadrupole mass spectrometers (Hiden
Analytical RGA series) were installed to both chambers to follow the time evolution
of partial pressures. However, it was found from calibration against the CMR-275 that the
accuracy and reproducibility of pressure readings from the mass spectrometers are inferior
to the CMR-275 [140]. Therefore, partial pressures were obtained as differences of pressure
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readings from the capacitance gauge. The process gases Ar and O2 (purity better than 4N)
are introduced through mass flow controllers (MFCs) operated by a controller unit (MKS
Instruments 647 Series). Both gases are mixed in the gas feed line and enter the chamber
via a shower head placed between the magnetrons and the sample holder.
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Figure 21: a) Cross-sectional sketch and b)-d) photographs of the sputtering system used for ZnO
based TCO deposition: 1) magnetron sputter sources, 2) sample holder with integrated heater, 3)
gas inlet system, 4) sample shutter with aperture, 5) capacitance pressure gauge, 6) full range gauge,
7) differentially pumped mass spectrometer, 8) optional Langmuir-probe, 9) main turbo pump with
butterfly valve, 10) viewport.
The customized vertical sample holder is mounted on a rotatable x-y-z manipulator fixed to
the top cover of the vacuum chamber. The sample holder enables simultaneous mounting
of up to three samples by tungsten wire clamping on a Mo plate, which can be heated up
to 600◦C by thermal radiation from a BN coated graphite resistive heater (Boraelectric,
Tectra GmbH). The substrate temperature is measured by a type-K thermocouple with its
tip mounted directly onto the Mo plate in the vicinity of the installed substrates. By moving
the sample holder in z-direction behind the sample shutter it is possible to deposit thin films
under different deposition conditions on each of the substrates without cross-deposition. The
sample shutter aperture size is optimized such way that a substrate area of 10x10 mm2 is
homogeneously coated. Special care is taken that the sample properties were not altered by
subsequent depositions. For example the substrate temperature is changed only from high
to low values with a step of at least 100◦C in order to avoid unwanted annealing of samples
within the same deposition sequence. Moreover, the substrates are electrically floating in
the magnetron plasma because the Mo plate is insulated from the rest of the chamber by
ceramic spacers. The floating potential of the substrate holder plate was in the range of 10
to 20 V depending on the discharge conditions during deposition, confirming the estimations
in Section 3.3.
Two different deposition geometries are used to grow the TCO materials. In earlier works the
difference between these two geometries was discussed in terms of the influence of ion and
thermal flux on the properties of different oxides [203, 204]. However, within this work the
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number of free parameters is reduced by fixing the geometries for each material class. For
ZnO based TCOs a special off-axis dual magnetron setup is used with the intention to avoid
intense bombardment by energetic particles that might result in low electron mobilities. On
the other hand, a standard line of sight geometry with a single magnetron is used for TiO2
based films as shown in Fig. 22.
a) b)
d t
s17°
Figure 22: Deposition geome-
tries used for a) ZnO or b)
TiO2 based thin films. The
target to substrate distance is
dts = 70 mm in both cases.
Finally, a survey of magnetron operation conditions for each of the investigated TCO mate-
rials is given in Table 7. Metal alloys (purity > 99.99%) with different dopant concentrations
are used as sputter targets. The target elemental composition is determined by inductively
coupled plasma mass spectrometry (ICPMS) measurements.8 The target dopant concentra-
tions obtained from ICPMS are given in brackets and have a relative experimental uncertainty
of ≈ 10%. For each target material a suitable plasma excitation method in terms of pulse
frequency and duty cycle is chosen to achieve stable deposition conditions, i.e. no arcing in
the transition mode, with a focus on simplicity of the setup.
ZnO based TiO2 based
target materials Zn Ti
ZnAl (0.7 at.%) TiNb (2.2 at.%)
ZnAl (1.7 at.%)
ZnAl (3.6 at.%)
ZnAl (8.7 at.%)
ZnGa (0.8 at.%)
plasma excitation PDC PDC
frequency (kHz) 2 50
duty cycle, tON/tOFF 50% 90%
polarity unipolar bipolar
(pulse) generator MagPuls [205] Pinnacle Plus [206]
magnetron type 2′′ planar FHR [207] 2′′ planar MDC [208]
magnet strength, B‖ (mT) 30 50
magnetron config. dual, 17◦ off axis on-axis
Table 7: Reactive magnetron sputtering operation conditions.
8ICPMS measurements were performed by Mrs. U. Schaefer (HZDR) using metal powder samples of the
target materials.
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3.7.3 Deposition procedure
Prior to the deposition all substrates are held at 300 ◦C during the chamber bakeout process
to remove residual water and organic contaminations from their surface. After cooling down
and reaching pbase, the deposition run is started by heating the substrate holder to the desired
temperature TS . Then baratron.exe is started and used to zero the CMR-275 reading, which
is necessary to compensate a small drift of the output voltage of the gauge. This procedure
results in highly reproducible pressure readings from day to day, which could not be achieved
with the installed mass spectrometer. Therefore, the Ar and O2 partial pressures during
the deposition run, are determined by pressure differences according to the example shown
in Figure 23. After an initial conditioning step of the MFCs both Ar and O2 are let into
the chamber at a fixed flow ratio. The magnetron discharge is ignited (t1) and the targets
are presputtered in the oxidized mode for 5 minutes. Then the discharge voltage, UT , is
increased (t2) to consume an increasing amount of O2 until the desired deposition pressure,
pdep, is reached. After a sufficient stabilization time the shutter is opened and film growth
starts. The deposition time, tdep, is varied depending on the (previously determined) growth
rate to maintain a film thickness of ∼ 300 nm. In the example shown here, a sequence of
three samples at different pO2 is grown separated by closing the shutter, moving the sample
holder into position and a stepwise increase of UT . After the last sample the magnetron power
supplies are switched off at running gas flows (t3) and the total pressure ptot is measured.
Then the O2 flow is switched off allowing a measurement of the Ar partial pressure pAr. From
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Figure 23: Example of the time
dependent pressure characteris-
tics of a deposition sequence
of three GZO samples recorded
with the CMR-275 gauge. The
variation in oxygen partial pres-
sure due to the consumption of
O2 by the reactive magnetron
discharge is employed to modify
the film properties.
this the oxygen partial pressure during each sample deposition is calculated as pO2= pdep-pAr,
while the total oxygen pressure available for the reactive process is given by pO2,tot= ptot-pAr.
The absolute experimental uncertainty of the measured pressure differences is approximately
±2 mPa which is determined by the noise of the CMR-275 signal. Finally, also the Ar flow
is switched off, the APC is opened and the sample cools down in vacuum. This procedure
is used for all TCO samples in this work, the only difference is in the method of reactive
discharge control used to vary pO2, which is implied by the different reactive behaviour of the
utilized target materials (Chapter 5). For ZnO based films the voltage control mode is used,
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while TiO2 based films are grown in the current control mode.
3.7.4 Process parameters
For the experimental investigation of the reactive magnetron sputtering process of TCOs a
large number of process parameters have to be considered. A summary of these parameters
is given in Table 8 for reference. In general, the correlations between the process parameters
and the resulting film properties span a huge space of possible combinations. Hence, to limit
the experimental efforts, certain parameters are fixed to reasonable values given here that are
based on previous practical experience. These parameters are adjusted to be equal in both
sputter deposition systems. Other parameters like pO2 and TS as well as discharge voltages
and currents are varied systematically in order to study their influence on the film properties
so that a range of values is given here. Details on the used process parameter values for cer-
tain experiments can be found in Chapters 5 to 7 in context with the discussion of the results.
parameter symbol value unit
base pressure pbase 2x10−5 Pa
effective pumping speed V˙ 100 ± 2 l/s
Ar flow ΦAr 35 or 100 sccm
O2 flow ΦO2 1.5 .. 13.8 sccm
Ar partial pressure pAr 0.7 or 1.8 Pa
O2 partial pressure during deposition pO2 30 .. 110 mPa
total pressure ptot pAr+pO2
discharge power per magnetron P 100 .. 200 (Zn) W
400 .. 550 (Ti) W
discharge voltage UT 450 .. 700 (Zn) V
350 .. 450 (Ti) V
discharge current per magnetron IT 150 .. 450 (Zn) mA
900 .. 1500 (Ti) mA
substrate potential (floating) φF 7 .. 10 (Zn) V
15 .. 20 (Ti) V
target substrate distance dts 70 mm
deposition time tdep s
substrate temperature TS 25 .. 600 ◦C
Table 8: Overview of process parameters, corresponding symbols and value/ranges used for reactive
magnetron sputter deposition of ZnO and TiO2 based TCO thin films.
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4.1 Hall-Effect
The appearance of a voltage in a current carrying conductor located in a stationary external
magnetic field ~B was named after its discovery in 1879 by Edwin Hall as the Hall effect
[209]. The effect is based on the combined action of the external electric field ~Eex and the
Lorentz force on the moving carriers with charge q in the magnetic field.
~F ′ = q
(
~Eex + ~v × ~B
)
(68)
The second term denotes a force component perpendicular to ~Eex and ~B which leads to a
charge gradient across the conductor. This gives rise to an electric field component, which
counteracts the Lorentz force: the Hall field ~EH . In equilibrium this means that the charge
carriers move in the same way as without magnetic field, however the effective electric field
~E = ~Eex + ~EH is no longer parallel to the current density ~j. By considering all three force
components the current density may be written as:
~j = σ
q
~F = σ
(
~Eex + ~v × ~B + ~EH
)
(69)
Due to scattering events along their pathway the carriers drift with a velocity ~vD which differs
from their average velocity by the so called Hall factor α , e.g. ~v = α~vD, with α ≥ 1. The
numerical value of the Hall factor depends on the type of scattering process and is also a
function of temperature [78] [33]. It is important to note here that the Hall factor for ionized
impurity scattering in degenerate semiconductors is approximately 1 [210].
In practice, the Hall voltage, UH , across the sample of width w and thickness d caused
by EH is measured. The evaluation of Eq. (69) using the ohmic law and the definition of
electron mobility given by Eq. (22) results in a simple expression for the carrier density in
dependence of the measureable quantities B, UH , d, and the total current forced through the
sample I = jwd:
UH = EHw =
qα
|q|
IB
N e0 d
⇒ N = qα|q|
IB
UH e0 d
(70)
This allows to measure the charge carrier density in thin films of known thickness. The sign
of UH can be used to distinguish between p-type an n-type conduction.
In order to obtain the carrier mobility a separate measurement of the film resistivity is nec-
essary. Already in 1958 L.J. van der Pauw [211] could show that the resistivity of an
arbitrarily shaped, singly connected, homogeneous thin film can be measured by simple re-
sistance measurements using four randomly placed contacts (A,B,C,D) at the film periphery.
Fig. 24 shows the typically used square geometry (length=width=w) with the four contacts
placed at the corners. In the absence of a magnetic field a current IAB is forced through the
sample and the corresponding voltage drop UDC is measured. By cyclic permutation of the
contacts one obtains the characteristic resistances of the sample:
RAB,CD =
UDC
IAB
RBC,DA =
UDA
IBC
(71)
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Figure 24: a) van-der-Pauw measurement geometry for the determination of resistivity of a square
shaped thin film sample. Under cyclic permutation a current is forced through two neighbouring
contacts, while the voltage drop across the other pair of contacts is measured. b) Hall effect mea-
surement configuration in van-der-Pauw geometry. The Hall voltage UH caused by a current flow
through opposing contacts is measured in an external ~B field.
They are related to the sample resistivity ρ according to the van der Pauw equation:
exp
(
−pid
ρ
RAB,CD
)
+ exp
(
−pid
ρ
RBC,DA
)
= 1 (72)
In general Eq. (72) has to be solved numerically to find ρ, but in the special case of highly
symmetric samples with symmetrically placed contacts, where RAB,CD = RBC,DA = R the
problem is simplified to:
ρ = pi dln 2R (73)
The same sample geometry can be used to measure the Hall effect by adding a magnetic field
perpendicular to the sample plane. In this case a current IAC is forced through two diagonally
opposite contacts and the resulting Hall voltage UH = UDB is measured. Using Eq. (70)
for electron conduction in a degenerate semiconductor one obtains the electron density:
Ne =
IAC B
e0 UDB d
(74)
Finally, combining the results of Eqs. (73) and (74) the carrier mobility is calculated by
µ = 1
e0 ρ Ne
(75)
It is interesting to note, that the mobility obtained in this way does not depend on the
sample thickness. Thus even for thin films of unknown thickness, the mobility can be always
correctly determined. The method described above is also known as the van der Pauw
method which is widely used for the electrical characterization of materials. It is usually
implemented in commercial setups and can be extended also to fully automated temperature
dependent measurements. Still a careful analysis of the measured parameters is required to
identify and eliminate sources of error. An incomplete list of aspects to be considered in
connection with the van der Pauw method is given in the following:
a) The above-mentioned equations are correct only in the approximation of infinitely small
point contacts (wc  w) positioned at the periphery of a thin sample (d  w). Therefore,
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the finite size of the contacts and their misplacement lead to systematic errors. A detailed
treatment of the systematic error introduced by triangular contacts on square shaped samples
with wc/w = 0.1 yields a resistivity error < 0.5% and a Hall voltage error < 4 %.
b) A further reduction of error is gained by cyclic permutation of the contact pairs and a
reversal of the current direction. This yields a total of eight resistances, which are averaged
to find the two characteristic resistances used to calculated ρ in Eq. (72). These partially re-
dundant measurements are also useful to check for inconsistencies, which might reveal sample
inhomogenities or bad contact quality.
c) Prior to the measurement the contacts have to be checked for ohmic behaviour. In case
the difference of the voltage drop of a certain contact pair for current reversal is larger than
≈ 10 %, the contacts should be replaced by an appropriate method.
d) Thermomagnetic effects due to temperature gradients in the sample are avoided by per-
forming multiple Hall effect measurements with two directions of the magnetic field and
with reverse current.
e) Especially in the case of highly conductive samples, the Hall voltages can be very low in
the order of 10mV. Hence, measurement currents high enough to produce a suffiently large
Hall voltage in order to be measured by the available electronics should be used. Otherwise
the electronic noise will result a considerable statistical error for the Hall voltage. For highly
resistive samples the power dissipated by the measurement should be as low as possible to
avoid heating or even destruction of the sample.
In this work a semi-automated system (HMS3000, Ecopia) with a permanent magnet of 0.51
T was used. Measurements were performed in the dark at room temperature. The samples
had a typical size of 10x10mm2 and were contacted by gold coated spring loaded clips with a
diameter of 450 µm. In the case of zinc oxide based films, ohmic contacts were achieved by
simple mechanical contact, while in the case of titanium oxide sputtered Al (100 nm) provides
ohmic contacts. In order to access the statistical error of the measurement each measurement
has been repeated at least three times. The contact checks and the calculation of the electrical
properties were performed with the help of the supplied software.
4.2 Spectroscopic ellipsometry
Ellipsometry is a method which utilizes the change in polarization state of light upon reflection
to determine the optical properties of the sample. The sample induces a phase shift ∆
between the polarization components of the reflected light which are parallel (subscript p)
and perpendicular (subscript s) to the plane of light incidence. In addition, the corresponding
absolute values of the reflection coefficients rp and rs are generally not equal. Therefore,
linearly polarized light in general is converted into elliptically polarized light upon reflection.
The complex reflection coefficients are defined as the ratio of the reflected to incident electric
field for both polarizations:
rp =
Erp
Eip
rs =
Ers
Eis
(76)
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In Spectroscopic Ellipsometry (SE) the ellipsometric parameters ψ and ∆ are measured in
dependence of the light wavelength. They are defined as the ratio of amplitudes and the
phase difference of the reflection coeffients, respectively.
tanψ e i∆ ≡ rp
rs
(77)
The ellipsometer itself consists of several optical elements, which are used to direct a beam
with a defined polarization state and incident angle (ϕ) onto the sample and measure the
change in polarization. Several different hardware and related measurement concepts have
been developed in the last decades [212]. In this work a M2000FI rotating compensator
ellipsometer (RCE) from J.A. Woollam Co. with a wavelength range from 210 to 1680 nm
and a fixed angle of ϕ=75◦ was used. The experimental setup is schematically depicted in
Fig. 25.
polarizer
rotating
compensator (δ)
sample
analyzer
Xe lamp
collimator
spectrograph +
photodiode array
I=I(ψ,Δ,ωCt,αP,δ,αA,η)
φωCt
s s
p p
αP
αA
r p
rs
= tan expi
Figure 25: Scheme of a rotating compensator spectroscopic ellipsometer, the symbols are explained
in the text. The compensator (a birefringent crystal) is best placed between polarizer and sample to
avoid the influence of beam path variations due to sample alignment on its optical parameters.
The initially unpolarized white light from a Xe lamp is transmitted through a polarizer (P)
and a compensator (C) and after reflection by the sample transmitted through the analyzer
(A). It is then dispersed by a spectrograph onto a detector comprised of a Si (210-1000 nm)
and InGaAs (1000-1680 nm) photodiode array. Thus a full spectrum of in total l=697 different
wavelengths can be obtained in a single measurement within a few seconds. In fact, a time
dependent intensity I(t) is measured which is a function of ψ, ∆, the angular positions of the
optical elements (αP ,αC = ωct,αA), the compensator retardance δ and the detector response
function η [212, p.525]. The latter four parameters are obtained by a calibration procedure
using several reference Si wafers with precisely defined SiO2 thickness. This procedure is
usually automated and a detailed mathematical description is given in [212, p.534]. Then a
Fourier transformation of the measured I(t) for the sample is performed in order to find
(ψ,∆). It is important to note here, that in contrast to other photometric techniques based
on light intensity measurements, the ellipsometric quantities (ψ,∆) are independent of the
absolute intensity reflected from the sample. This means that source fluctuations or partially
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illuminated samples do not result in systematic errors. Furthermore, in contrast to standard
SE configurations with rotating analyser or polariser, the RCE concept allows a highly precise
measurement of ∆ values close to 0◦ and 180◦.
In order to extract the physical properties of the sample an optical model has to be build within
the WVASE software, from which (ψ,∆) are calculated by solving the Fresnel equations.
In an iterative fitting procedure the model parameters are refined until the fit converges with
a minimal mean square error given by [213, p.338]:
MSE =
√√√√√ 1
2l −m
l∑
i=0
(Ψmodi −Ψexpi
σexpΨ,i
)2
+
(
∆modi −∆expi
σexp∆,i
)2 (78)
Here l is the number of (ψ,∆) pairs corresponding to the number of wavelengths, m the
number of fitting parameters defined in the optical model, and σexpψ,∆,i are the experimental
errors. By variation of the starting values it has to be checked whether the MSE reached
its global minimum or a local one. After minimizing the MSE functional, the derived model
parameters are inspected for validity, correlation and uniqueness to ensure their reliability
[214].
Bruggemann EMA    
Drude + Tanguy/PSEMI + Sellmeier    
Cauchy
dS
dBZnO
f-SiO2 / Al2O3(001)
Figure 26: Schematic representation of ZnO thin film morphology and the corresponding three layer
optical model used for determination of the film dielectric function based on spectroscopic ellipsometry
and photometry data. Backside reflections from the substrate were suppressed either by using single-
side polished sapphire single crystals or by covering the fused silica backside with conventional adhesive
tape. Thus, the substrate can be regarded as semi-infinite and backside reflections were not included
in the calculations.
In this work a three layer model consisting of a semi-infinite substrate, the bulk oxide film
of thickness dB and a surface roughness layer of thickness dS was used (Fig. 26). In a first
step the optical constants of the bare substrate are determined by fitting (ψ,∆) spectra to
a simple Cauchy type dispersion of the form n(λ) = A + B/λ2 + C/λ4. This is applicable
to fused silica and sapphire because both materials show nearly zero absorption (k=0) in the
investigated spectral due to their large band gap energies. The dielectric function ε(ω) of the
oxide thin film is modelled by a multiple oscillator approach as:
ε(ω) = 1 + εFE(ω) + εBG(ω) + εHI(ω), (79)
where εFE(ω) denotes the contribution of the free electrons, εBG(ω) describes the fundamental
interband transition(s) as well as excitonic structures determining the optical band gap and
εHI(ω) includes higher interband transitions with center energies above the analyzed spectral
range. While this general approach has been employed by various authors to obtain model
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dielectric functions (MDF) of ZnO based thin films, several different parameterizations have
been proposed for the individual terms (Tab. 9).
film substrate Method εFE εBG εHI
Schmidt-Grund ZnO c-Al2O3 SE - Yoshikawa & Sellmeier
[215] [216] Mg:ZnO Adachi [217]
this work ZnO c-Al2O3 SE+T/R - Tanguy [218] Sellmeier
f-SiO2
Postava [219] Al:ZnO c-Al2O3 SE+R Drude Tanguy Sellmeier
Ga:ZnO
Ehrmann [220] Al:ZnO glass SE+T/R Drude & Tanguy & Sellmeier
SiO2/Si Mergel [59] Kim [221]
Ruske [222] Al:ZnO glass SE+T/R Drude & Leng [223] constant
Pflug [224]
Fujiwara [81] Ga:ZnO glass SE Drude Tauc-Lorenz -
this work Al:ZnO c-Al2O3 SE+T/R Drude PSEMI [225] Sellmeier
Ga:ZnO f-SiO2
Table 9: Overview of on model dielectric functions (MDF) used to describe the optical properties
of undoped and degenerately n-type doped polycrystalline and epitaxial ZnO thin films. All listed
authors modelled the surface roughness as a Bruggemann effective medium with a 50% volume
fraction of the bulk dielectric function and void. A comprehensive and application oriented overview
of the ’classical’ oscillator models mentioned here can be found in Ref. [213].
Yoshikawa and Adachi developed a detailed model for εBG(ω) using 3D critical points to
describe the fundamental electronic band-to-band transitions in single crystalline ZnO includ-
ing the threefold splitting of the upper valence band. In addition they took into account the
superimposed contributions of discrete and continuum excitons which can be observed even at
room temperature due to the high exciton binding energy of about 60 meV in ZnO [217]. An
extended version of this model was applied by Schmidt-Grund and co-workers to determine
the anisotropic dielectric function of epitaxial ZnO and MgxZn1−xO films from the far-infrared
to the vacuum ultaviolet spectral range [215, 216]. However, data analysis using this model
is difficult due to the large number of free parameters and possible correlations. A com-
pact analytical model describing the dielectric function of discrete and continuum Wannier
excitons using a single Lorentzian broadening parameter for both the exitonic structures
and the fundamental direct band-to-band transition was developed by Tanguy [226]. More-
over, Coulomb screening of the exciton interaction is introduced, making the model suitable
for highly doped semiconductors [218]. The Tanguy model is implemented in the WVASE
software using the parameters: amplitude AT , fundamental band gap Eg, broadening BT ,
unscreened exciton binding energy EX and screening factor ln(g) [213] (see Fig. 27). While
Postava et. al. reported on successful optical modelling of SE and reflectance spectra of
doped epitaxial ZnO films using the Tanguy MDF [219], Ehrmann and Reinecke-Koch
recently pointed out that better agreement to the absorption edge of Al:ZnO obtained from
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transmittance spectra is achieved by introducing a mixed broadening:
B′T = BT exp
[
−α
(
E − Eg
BT
)2]
, (80)
where α=0 represents the unmodified Tanguy model with purely Lorentzian broadening
and α ≤0.3 yields an additional Kramers-Kronig consistent Gaussian broadening compo-
nent [220]. This enables modelling of stronger absorption edge broadening with a reduced
sub-bandgap absorption tail caused by the slowly decaying Lorentzian part of the line shape.
This semi-empirical approach might be justified considering the work of Hamberg et. al.
who attributed a doping concentration dependent broadening of the fundamental absorption
edge of ITO to ionized impurity scattering and statistical local fluctuations of the band edges
[227]. In the present work, the Tanguy MDF is used for the analysis of undoped ZnO as
well as AZO and GZO films with the lowest dopant concentrations.
In the case of highly doped ZnO samples showing substantial absorption edge broadening
the parameterized semiconductor model (PSEMI) is found to be more adequate to model
εBG. The PSEMI parameterization was originally developed by Herzinger and Johs to
describe the asymmetric critical point shape of the imaginary part of the dielectric function
of crystalline semiconductors and is patentend by J.A. Woollam Co. [228] [225]. It consists
of multiple smoothly connected spline functions controlled by the three main parameters
critical point energy E0, amplitude AP and Gaussian broadening BP , which are used in the
data fitting process and further shape parameters which were kept constant here. Typical
calculated MDFs for undoped ZnO using the Tanguy and PSEMI-M0 parameterizations are
shown in Fig. 27.
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Figure 27: Plots of simulated a) Tanguy and b) PSEMI-M0 model dielectric functions for the
fundamental band-to-band transition showing the typical influence of different parameters on the line
shape. Sharp excitonic features are better described by the Tanguy model, where an increase of
BT or decrease of screening factor ln(g) leads to broadening and damping of the absorption edge.
The PSEMI model shows lower sub-gap absorption at comparable broadening values. In both cases a
Sellmeier pole with AS=170 eV2 was used.
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The contribution of the free electrons to the dielectric function, εFE , is commonly parame-
terized as [81]:
εFE(E) = −AD
E2 + iBDE
with E = ~ω, (81)
where the interpretation of the amplitude AD and the broadening BD follows from comparison
with the classical Drude model discussed earlier (Eq. 17):
AD = ε∞~2ω2p =
~2 e20 Nopte
ε0 m∗
and BD =
~
τ
= ~ e0
m∗µopt
. (82)
Nopte and µopt denote the carrier density and mobility derived from optical modelling, when
the effective electron mass m∗ is assumed. On the other hand one can also identify Nopte
with Ne as obtained from Hall-effect measurements and then calculate µopt and m∗ from
the ellipsometric fit parameters. Several authors argue that an extension of the classical
Drude model by introducing a frequency dependent scattering time τ(ω) is required due to
ionized impurity scattering (Tab. 9). For this purpose, Mergel et. al propose the following
expression for the energy dependent Drude broadening [59]:
BD(E) = Blow − Blow −Bhigh
pi
[
tan−1
(
E − Ec
Ew
)
+ pi2
]
with Blow > Bhigh , (83)
which describes the transition from low frequency damping Blow to high frequency damping
Bhigh. The crossover energy between both scattering regimes and the width of the transition
are given by Ec and Ew, respectively. Consequently, the mobility obtained from DC electrical
characterization methods like Hall effect should correspond to the static limit of BD(E → 0).
Furthermore, the higher interband contributions to the dielectric function, εHI , are modelled
by a Sellmeier pole with zero broadening located at an energy above the experimental
spectral range:
εHI = AS
E2S − E2
. (84)
Due to the inherent correlation between amplitude AS and center energy ES , the latter is
fixed at the standard value of 11 eV. Finally, the third layer accounting for surface roughness
of the films is approximated by a Bruggemann effective medium (BEMA) mixing 50 vol.%
of void with the dielectric function of the underlying bulk layer.
In summary, the described optical model yields the Kramers-Kronig consistent parameter-
ized dielectric function ε(ω) = ε1(ω) + iε2(ω) of the material as well as the thickness of the
bulk layer dB and the surface layer dS . In practice, the film thickness is reliably determined
as d = dB+dS/2 with a typical relative error of less than 2% for a film thickness up to 500nm.
The ellipsometric roughness dS can be regarded as a measure for, but is not equal to, the
geometrical roughness obtained by atomic force microscopy. It should be noted that optical
modelling of transparent conductive oxide films can be quite challenging due to the appear-
ance of non-idealities like large roughness (dS>30 nm), vertical gradients of optical properties
or pronounced absorption tails depending on the film growth conditions. Therefore, the opti-
cal model discussed above required appropriate extensions in case of a few samples in order to
take into account these non-idealities. The resulting uncertainties in film thickness ∆d were
properly accounted for in the subsequent sample characterization steps.
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4.3 Spectral photometry
A SolidSpec 3700DUV double beam spectral photometer from Shimadzu was used to measure
spectra of optical transmittance, T , and reflectance, R, of the TCO samples. The probing
light beam is generated by a combination of a deuterium and a tungsten-halogen lamp followed
by a double monochromator and a beam splitter. Intensity fluctuations of the light source
during measurements are internally corrected within the ’UV Probe’ software by monitoring
the intensity of a reference beam in addition to the sample beam using a beam chopper.
The detector system consists of a combination of a photo-multiplier tube, an InGaAs photo-
diode and a PbS detector allowing measurements in a wide spectral range from 200 to 3000
nm with an optimum signal to noise ratio. In case of direct transmission T (λ) measured
under normal incidence using the empty sample holder as reference, the typical absolute
errors were ∆T=(0.2..0.5)%. Near normal (angle of incidence of 5◦) specular reflectance
spectra were measured relative to an Al coated reference mirror. In order to obtain calibrated
absolute R(λ) values, a set of certified mirrors was employed as standards to determine the
reflectance of the Al reference mirror. This procedure resulted in an acceptable absolute
experimental uncertainty of ∆R ≈1%. The absorption coefficient α=4pik/λ is calculated
using the expression:
T (λ) = [1−R(λ)] exp (−α(λ) d) (85)
which is valid in the case of not too thin films (d &100nm) on a semi-infinite transparent
substrate, where multiple reflections at the film-substrate interface are negligible [229, 230].
The measured T (λ) and R(λ) spectra were also included into the data analysis and optical
modelling process within the WVASE software to validate and improve the obtained dielectric
function parameters. In particular, the extended infra-red spectral range of the photometer is
beneficial for the investigation of the free charge carrier contribution to the dielectric response
of TCO samples.
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4.4 X-ray diffraction
4.4.1 Diffraction geometry and techniques
X-ray diffraction (XRD) is a fundamental technique to characterize the crystalline structure
of materials. In this work XRD is employed to determine the phase composition, variation
of lattice plane spacings, crystallite size and degree of texture of oxide thin films prepared
by magnetron sputtering. For this purpose primarily a PANalytical Empyrean X-ray diffrac-
tometer with parallel beam geometry is used which will be discussed in more detail here (see
Fig. 28). Filtered Cu-Kα radiation is generated by an X-ray tube operated at 40 kV and
20 mA. The tube is mounted to one arm of the goniometer stage, controlling the angle of
incidence ω. On the incident beam side a divergence slit and a Göbel mirror is used to
generate a parallel beam with a 9 mm wide line focus. The chosen divergence slit determines
the beam height and the focus length wx, i.e. the illuminated sample area, as a function of
ω (Fig. 29a). After being diffracted by the sample the beam is passing through a Soller slit,
which removes divergent beam components. A Xe proportional detector together with an
automated beam attenuator is fixed to the second goniometer arm scanning the scattering
angle 2Θ. Also a receiving slit can be introduced in front of the detector in order to improve
the instrumental resolution at the cost of count rate (Fig. 29b). The sample is mounted on
a motorized 5-axis stage allowing sample manipulation in: position x,y, height z, rotation
about the azimuth angle ϕ and tilting against the beam plane by the angle χ.
X-ray tube
detector
sample
ω
2Θ
diffractometer circle
φ
z
x
Soller slit
wx
Göbel mirror
receiving 
slit
divergence 
slit
Figure 28: PANalytical Empyrean parallel beam geometry: The divergence slit controls the beam
height while and a receiving slit in front of the detector is used to improve instrumental resolution
Because of its parallel beam geometry the PANalytical Empyrean is superior compared to a
Bragg-Brentano type diffractometer when investigating high quality epitaxial thin films.
Since the parallel beam does not rely on the focussing condition, the instrumental diffraction
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peak broadening is nearly unaffected by a rotation or tilting of the sample [231] like it is
necessary for texture and pole figure measurements. Together with a high primary beam flux
it is also well suited for the investigation of polycrystalline and nanocrystalline thin films,
especially in grazing incidence X-ray diffraction (GIXRD).
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Figure 29: a) Irradiated length wx as a function of ω for different divergence angles (slits) in the
incident beam path. b) Effect of a detector side receiving slit (see Fig. 28) on the primary beam
intensity and the instrumental resolution in 2Θ.
In order to give an overview of measurement methods and the type of information acquired
by XRD it is convenient to introduce the reciprocal space (RS). Each vector in the three
dimensional RS represents a plane wave with the wave vector ~k. Thus the RS representation
F (~k) of a (periodic) function in real space f(~r) is given by its Fourier transformation.
F (~k) =
∫ ∞
−∞
f(~r)e−i~k~rd3r (86)
Conveniently, the base vectors of the RS are chosen to coincide with the base vectors of the
reciprocal lattice ~bj , which are related to the direct lattice base vectors ~ai. A reciprocal
lattice vector ~G represents a set of lattice planes with Miller indices (hkl) and its length Ghkl
is inversely proportional to the corresponding lattice plane spacing dhkl [74, p.57].
~bj · ~ai = 2piδij ~G = h~b1 + k~b2 + l~b3 Ghkl = 2pi
dhkl
(87)
Diffraction of X-rays occurs if the scattering vector ~q, i.e. the difference of the incident and
diffracted beam wave vectors, is equal to a reciprocal lattice vector. This is also known as
the Laue condition:
~q = ~kf − ~ki = ~G (88)
In laboratory XRD applications the X-ray wavelength is given by the cathode material and
~q is scanned by a variation of incident angle ω and scattering angle 2Θ which is visualized
in Fig. 30. Measurements are mainly performed in co-planar geometry where incident beam,
sample surface normal and diffracted beam lie in the same plane. In this case the relations
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Figure 30: Reciprocal space representation of co-planar X-ray diffraction geometry and prototypes
of crystal structure a) single crystal b) textured polycrystalline c) ideal polycrystalline. Grey areas
indicate not accessible regions of RS where either the incident or diffracted beam is below the sample
surface.
between the components of the scattering vector and the directly observed angles are given
by:
k =
∣∣∣~kf ∣∣∣ = ∣∣∣~ki∣∣∣ = 2pi
λ
(89)
q = |~q| = 4pi
λ
sin Θ (90)
qx =
4pi
λ
sin Θ sin (ω −Θ) = q sin (ω −Θ) (91)
qz =
4pi
λ
sin Θ cos (ω −Θ) = q cos (ω −Θ) (92)
and qy=0. From these equations it is clear that the length of the scattering vector q is solely
dependent on the scattering angle, while its direction depends on both ω and Θ.
The 2-dimensional schematic RS representations of the three most common prototypes of
crystallographic ordering are shown in Fig. 30. Although a high quality single crystal comes
close the mathematically idealized model of an infinite periodic lattice in reality an intensity
distribution I(~q) concentrated around distinct RS points ~G is measured. An ideal powder
sample consisting of a huge number of randomly oriented crystallites gives rise to concentric
’powder-rings’ in RS because in this case (Eq. 88) is satisfied by all orientations of ~q as long
as it has the same length as a reciprocal lattice vector. In the intermediate case of a textured
material in which a preferred orientation of the crystallites is present the intensity along one
or several of the rings is concentrated in certain areas.
In order to obtain full information about a sample in general the diffracted intensity distri-
bution I(~q) must be mapped. Since this is very time consuming usually only a small part of
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the reciprocal space is analyzed by one-dimensional scans. The first scan type is the ω-2Θ
scan, where both angles are scanned in a coupled way to keep the direction of ~q fixed. In
a symmetric scan with ω = Θ the diffraction vector always points into the direction of the
sample normal (see red arrow in Fig. 30). This method is especially suited for polycrystalline
samples since ~q will always intersect the ’powder-rings’ and a diffraction pattern of peaks at
certain 2Θ positions is obtained. The relation of the angular position of a diffraction peak
to the X-ray wavelength λ and the lattice plane spacing dhkl is given by Bragg’s equation,
which follows directly from Eq. (88).
mλ = 2dhkl sin Θ (93)
Here m>0 is an integer accounting for higher order diffraction. It is important to note that
Eq. (93) gives the possible peak positions which are fully determined by the symmetry
and the spatial dimensions of the materials unit cell. However, the relative peak intensities
depend on the structure of the unit cell, i.e. the types and positions of the atoms, which
might lead to extinction of certain diffraction peaks. This enables the identification of each
crystalline structure from its characteristic peak pattern with the help of databases like ICSD
(http://icsd.ill.eu/icsd/index.html) or PDF (http://www.icdd.com/). One drawback of the
method, especially in the case of thin films, is that the irradiated sample area decreases with
increasing scattering angle (see Fig. 29a), which reduces the measured intensity at high 2Θ
values.
In this case the grazing incidence diffraction (GIXRD) method is often helpful. Here 2Θ is
scanned at a fixed ω value in the vicinity of the critical angle for total reflection in order to
enhance the count rate. This is due to both the increased path length of the X-rays within
the film and also because of the increased size of illuminated sample area. The path of ~q in
RS during a GIXRD scan depends on the chosen ω-value and both direction and length of
the diffraction vector are changing simultaneously.
The third common scan type is the ω-scan (’rocking curve’ or RC), where the length of
~q is fixed by choosing a 2Θ value corresponding to a certain lattice spacing dhkl (see blue
arrow in Fig. 30). This method gives information about a possible preferred orientation in
polycrystalline materials. However, a simple RC measurement is not sufficient to distinguish
between a textured film that exhibits preferred orientation e.g. a c-axis fibre texture in
direction of the substrate normal and an epitaxial one, where in addition in-plane orientation
is present. The latter can be visualized by a ϕ rotation of the sample holder around its normal
while selecting a set of lattice planes tilted by an angle χhkl relative to the crystallographic
(00l) direction. This is done either by a non symmetric measurement condition (i.e. ω =
Θ − χhkl) or by tilting the sample holder about χhkl. In that way an intensity distribution
I(ϕ) is obtained which yields constant intensity for fibre texture or distinct peaks in the case
of in-plane orientation. From the number and angular position of the peaks in such a ϕ-scan
the crystallographic relationship between film and substrate can be deduced.
Finally, if 2Θ and ω are fixed in the diffraction condition and the sample is both tilted and
turned a ’pole figure’ I(ϕ,χ) can be measured which gives full information about the spatial
orientation of a certain (hkl) plane within the specimen.
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4.4.2 XRD data analysis
In this section it will be discussed how and which information about the structure of real thin
film samples was extracted from XRD data analysis of the ω-2Θ and ω scans introduced in
the previous section.
Thin films are usually imperfect compared to a single crystal of the same material. The
highest degree of ordering is found in epitaxial films exhibiting a defined crystallographic
relationship to the crystalline structure of the substrate. When thin films are grown on
amorphous substrates they are usually polycrystalline behaving like ideal powders. However,
due to the effects of ion-bombardment or surface energetics a preferred orientation of the
crystallites might arise. For example wurtzite ZnO is known to grow preferentially with
its c-axis oriented parallel to the substrate normal for a wide range of growth conditions and
growth techniques. Furthermore, if the material is either nano-crystalline or has no crystalline
structure at all, no diffraction peaks might be observed (’X-ray amorphous’). This might occur
if crystallite growth is disturbed or if the energy input during film growth is not sufficient for
crystallisation. In reality any crystalline material consists of small ’blocks’ slightly disoriented
to each other. The size of these blocks varies from a few microns in ’single crystals’ to a few
nanometers, while the maximum disorientation angle γ can vary from ∼1/100 to several
degrees. As a consequence diffraction from a monochromatic parallel beam occurs not only
at an incidence angle ω = Θ but for all angles in the range Θ − γ < ω < Θ + γ. Thus, the
width of a rocking curve for a given 2Θ value can be used as a measure for γ.
Another consequence of this phenomenon is that due to the finite number of (hkl) lattice
planes within each of the blocks there is only partial destructive interference around the
corresponding 2Θ value [232, p.168]. This leads to a broadening βC of the diffraction peak
given by Scherrer’s formula:
βC =
Kλ
L
1
cos Θ (94)
Here L is the crystallite size, or more precisely the coherence length, in the direction of the
<hkl> lattice plane normal. The value of the Scherrer constant K depends on the crystallite
shape, the orientation of the plane normal relative to the crystallite shape and the definition
of βC . In the following, the integral breadth, β, is defined as the width of a rectangle having
the same area as the diffraction peak I(x) arbitrarily located at x=0 according to:
β = 1
I(0)
∫ ∞
−∞
I(x)dx . (95)
In this case also the above-mentioned interpretation of L holds [233]. The columnar structure
of sputtered c-axis textured ZnO can be approximated by cylindrical crystallites. In this case
βC of the (00l) reflexes is a result of the finite column height and then K equals unity [234].
The regions in between the crystallites contain a high concentration of crystallographic defects
like dislocations. The strains originating from these defects can be described in terms of
macro-strain and micro-strain. While macro-strain means a uniform strain over distances
large compared to a characteristic length, i.e. the crystallite size, micro-strains vary from
grain to grain or even inside each grain [232, p.176].
Since the presence of macro-strain into a certain (hkl) direction (hkl) leads to a uniform
expansion or shrinking of the lattice plane spacing, Bragg’s equation can be used to calculate
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its value from the angular shift of the corresponding diffraction peak.
hkl =
dhkl − d0hkl
d0hkl
(96)
If hkl is < 0 then the material is under compressive strain in that direction leading to a peak
shift towards larger 2Θ angles, while hkl > 0 means tensile strain. In case of thin films on a
thick substrate the state of strain is biaxial, which means that the in-plane strain component
||=xx=yy is related to the out-of-plane component ⊥=zz. In this work an important case
are textured ZnO thin films where the c-axis is parallel to the surface normal. By minimizing
the strain energy per unit cell for hexagonal symmetry [235] and using the elastic constants
C13=105 GPa and C33=211 GPa of ZnO [236] one obtains:
⊥ = −2C13
C33
|| ≈ −|| (97)
This means that a elastic deformation of a ZnO film via a compressive (tensile) in-plane
strain will lead to a widening (decrease) of the c-axis lattice constant by the same magnitude,
which is schematically shown in Figure 31. Thus, assuming a purely elastic deformation of
the unit cell one can deduce the strain state of such a film by calculating ⊥ from the shift
in the position of the (00l) diffraction peaks using Eq. (96). These considerations also hold
in the case of biaxially strained tetragonal c-axis textured anatase TiO2, which is due to the
similar shape of the corresponding elasticity tensors. Using the anatase elastic constants of
C13=143 GPa and C33=190 GPa a prefactor of ≈1.5 in Eq. (97) is obtained [237].
ε‖<0
ε┴>0
a)
<00l>
ε‖>0
ε┴<0
b)
<00l>
Figure 31: Sketch of biaxial strain in c-axis textured ZnO or anatase TiO2 films a) compressive and
b) tensile in-plane strain.
There are several reasons for the origin of strain in thin films. The difference in the temper-
ature dependent thermal expansion coefficients of film (αF ) and substrate (αS) leads to an
in-plane strain component th|| when the temperature drops from the deposition temperature
TS to room temperature T0. Using the approximation of constant thermal expansion this can
be directly calculated from:
th|| = (αF − αS) (TS − T0) (98)
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In general, for a given material combination the thermal strain increases with substrate tem-
perature, which is shown in Figure 32 for the film-substrate combinations used in this work.9
If a material with a higher thermal expansion coefficient is deposited at elevated substrate
temperatures on a substrate with a lower one, a tensile in-plane strain remains after cooling
down. Also for non-isotropic materials the thermal strain will depend on the orientation
relationship between substrate and film. For example the resulting thermal strain for c-axis
textured ZnO (αF=4.8x10−6 K−1 parallel to a-axis) grown on fused silica (αS=5.5x10−7 K−1)
is tensile, which means that a decreased c-axis plane spacing relative to the bulk value would
be expected in the thin film due to the thermal mismatch.
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Figure 32: In-plane strain as
function of growth temperature
caused by the difference in thermal
expansion coefficients for different
film and substrate combinations.
In hetero-epitaxial thin films the mismatch between the lattice parameters of the film (dF )
and the substrate (dS) is another cause for strain. In the picture of lattice matching epitaxy
this leads to a deformation epi|| of the in-plane lattice constant of the film by a value
epi|| =
dF
dS
− 1 (99)
Thus, for the growth of high quality epitaxial films an appropriate material combination must
be chosen so that misfit is less than a few %. Then the introduction of dislocations in the
growing film allows a relaxation of the strain beyond a critical minimum film thickness. On
the other hand, epitaxy in highly mismatched systems is possible due to the mechanism of
domain matching epitaxy which was proposed and experimentally demonstrated by Narayan
[240]. As long as film and substrate maintain the same in-plane crystal symmetry, epitaxial
growth is accomplished by matching of integer multiples (m and n) of lattice planes in order
to minimize the residual strain:
epi|| =
m dF
n dS
− 1 (100)
A more general interpretation of strains is to consider a statistical strain distribution with
a mean strain value corresponding to the macro-strain and a width as a measure for the
9Thermal expansion coefficients of ZnO and TiO2 were taken from Tab. 1 and the following values were used
for the substrates: fused silica ’f-SiO2’ (5.5x10−7 K−1), ’Corning Eagle2000’ glass (36x10−7 K−1), c-plane
sapphire Al2O3 (75x10−7 K−1) and SrTiO3 ’STO’ (106x10−7 K−1) [238, 239].
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magnitude of micro-strains. In addition to the macro-strain induced diffraction peak shift the
presence of micro-strain will cause a broadening βS of the diffraction peak as a result of the
superposition of the diffraction from a distribution of lattice constants. The relation of the
broadening to a ’weighted’ micro-strain ˜ has been first described by Wilson and Stokes
[241].
βS = 4˜ tan Θ (101)
The interpretation of the meaning of ˜ is not straightforward and depends on an assumption
about the type of the strain distribution. For a Gaussian strain distribution ˜=2
√
2piRMS ,
with RMS being the root mean square value of the strain distribution. For simplicity ˜ will
be referred to as micro-strain in the following.
Finally, also the diffractometer setup itself contributes to the measured peak width by an
additional broadening βI . The natural X-ray line width and the incident beam divergence
cause a variation of k length and ω angle respectively. The detector resolution is typically
determined by a combination of slits and gives rise to an uncertainty in 2Θ. Both effects result
in a finite resolution ’window’ in reciprocal space. In an attempt to measure the instrumental
contribution to peak broadening into the qz direction precisely aligned ω−2Θ scans of several
single crystalline materials were performed over a wide 2Θ range (see Fig. 33). The employed
method of data analysis will be explained in the following.
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The different angular dependence of the size broadening βC and the micro-strain broadening
βS of the diffraction peaks allows a separation of both effects if several diffraction peaks,
ideally higher order peaks of the same set of lattice planes, are analyzed. In order to obtain
the integral breadth an appropriate peak function must be fitted to the experimental data.
The use of complex peak functions can hardly be avoided because the shape of diffraction
peaks is typically neither ideal Gaussian nor Lorentzian. In contrast to the often used
Voigt function, which is a convolution of a Gauss and a Lorentz function, in this work
a linear combination of both, called the Pseudo-Voigt (PV) function, is used. PV(x) has
the advantage of an analytical expression, which can be treated without numerical methods.
Introducing the Lorentzian fraction parameter η=[0,1], the full width at half maximum
(FWHM) w and the amplitude A the Pseudo-Voigt function is given by:
PV (x) = A [(1− η)G(x) + ηL(x)] (102)
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with the Gauss part
G(x) = e−4 ln 2
(
x−x0
w
)2
(103)
and the Lorentz part
L(x) = 1√
pi ln 2
(
1
4
(x−x0
w
)2 + 1
)
(104)
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Figure 34: Aligned ω−2Θ scan of the
ZnO(004) diffraction peak of a highly
c-axis textured epitaxial ZnO thin film
on c-plane sapphire. The peak struc-
ture originating from the Cu-Kα1/Kα2
doublet is well approximated by a dou-
ble Pseudo-Voigt line profile includ-
ing constraints as explained in the text.
A typical experimental peak profile of an epitaxial ZnO thin film on c-plane Al2O3 is shown
in Figure 34. The double peak structure arises from the Cu-Kα1/Kα2 components in the not
perfectly monochromatic X-ray beam, such that actually two PV-functions are required to
approximate the data. Fortunately, the number of free fitting parameters can be reduced by
using reasonable constraints for the peak parameters. First of all, the peak separation as a
function of diffraction angle 2Θ can be calculated using Bragg’s equation for the two known
wavelengths. Second, the ratio of amplitudes must be constant for all peaks and has been
obtained experimentally from fitting well separated Kα1/Kα2 doublets of single crystals (Fig.
33). A value of 2.08±0.02 was obtained, which is in good agreement with the naturalKα1/Kα2
branching ratio of 2. Third, η = η1 = η2 and w = w1 = w2 since the two wavelengths are
probing the same micro-structure. A fitting procedure including the described constraints was
implemented into the non-linear fitting tool in OriginPro 8.5 [242] yielding the parameters
A, x0, w, η of the Kα1 component as result of the data analysis.
Next, the integral breadth of PV(x) as a function of the parameters w and η is obtained by
integration of Eq. (102) and using the definition Eq. (95). This yields:
βPV =
√
pi
2
√
ln 2
(
1− η + η 1√
pi ln 2
)−1
w (105)
In the extreme cases of η=0 and η=1 this reduces properly to the expressions for the β(w)
relations for a pure Gaussian and a pure Lorentzian, respectively:
βPV (η = 0) = βG =
√
pi
2
√
ln 2
w (106)
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βPV (η = 1) = βL =
pi
2w (107)
In order to separate size and micro-strain effects the problem arises how the three contribu-
tions βC , βS and βI can be extracted from the observed breadth βexp of the experimentally
measured peak profile I(2Θ). It is natural to assume that the observed peak profile is a
convolution of the contributing peak profiles, but their individual shape i.e. their ηi (i=C,S,I)
parameters are unknown and will also vary with the diffraction angle in general. It is again
useful to have a look at the extreme cases of all contributions being either purely Gaussian
or Lorentzian shaped. Since both are invariant under convolution the resulting βexp is given
by either one of the well known expressions:
ηi = 0 ⇒ β2exp = β2C + β2S + β2I (108)
ηi = 1 ⇒ βexp = βC + βS + βI (109)
In the general case of η=[0,1] this can be extended to:
βnexp = βnC + βnS + βnI with n = n(ηi) ∈ [1, 2] (110)
Since in general the shape parameters ηi are not equal a solution to this problem is math-
ematically challenging. However, Skrikant [243] could show numerically that in case the
contributing PV-functions have the same η the result of the convolution is a PV-function
with an integral breadth according to Eq. (110) while the exponent is given by:
n = 1 + (1− η)2 (111)
For a further mathematical treatment it is convenient to transform Eq. (110) into reciprocal
space notation. The relation between the components ∆q of the broadening of the intensity
distribution I(~q) in reciprocal space and the angular broadening β=βexp(2Θ, ω) is obtained
by differentiating equations (91) and (92). Doing this for the qz component for symmetric
peaks with ω = Θ yields:
∆qz =
2pi
λ
cos Θ ∆ (2Θ) ≡ 2pi
λ
cos Θ βexp (112)
where βexp now denotes the integral breadth of the diffraction peak in a symmetric ω − 2Θ
scan in 2Θ direction. At this point assumptions about the shape of the contributions to βexp
i.e. the exponent n are unavoidable.
The most widely used method for size-strain separation known as the Williamson-Hall
method is based on the assumption that Eq. (109) holds, which means that all contributions
to the line profile are Lorentzian (indicated by the upper index ’L’) [244]. Inserting this
and equations (94) and (101) into Eq. (112) results in the following expression:
∆qLz =
2pi
λ
cos Θ (βexp − βI) = 2pi
λ
cos Θ (βC + βS) (113)
∆qLz =
2pi
λ
cos Θ
(
Kλ
L⊥
1
cos Θ + 4 ˜⊥ tan Θ
)
(114)
∆qLz =
2piK
L⊥
+ 2 ˜⊥ qz (115)
80
4 Experimental methods II: Thin film characterization 81
Thus, by plotting ∆qLz vs. qz for several orders of diffraction from the same set of lattice
planes the grain-size L⊥ and the micro-strain component ˜⊥ perpendicular to the surface can
be obtained from a linear regression. This can be directly applied to the (00l) diffraction
peaks of c-axis textured ZnO as shown in Fig. 35 for two ZnO thin films with very different
film thickness.
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Figure 35: Williamson-Hall
plot for epitaxial ZnO of differ-
ent thickness grown on c-plane
sapphire. The strong slope of
the linear fit points to a signifi-
cant micro-strain contribution to
peak broadening. The horizon-
tal arrows indicate the use of
the Scherrer equation on sin-
gle diffraction peaks leading to
erroneous grain size values.
From this example an important conclusion regarding the interpretation of the 2Θ diffraction
peak broadening for ZnO thin films can be drawn, which is often unaccounted for in XRD
data analysis in modern literature. While for the thin film a grain size of L⊥=50 nm is
calculated from the finite y-axis intercept, an infinite L⊥ would be obtained for the thick
film. This means that due to the highly ordered columnar growth, the grain size along the
c-axis direction is practically identical with the film thickness and only for very thin films a
measurable size contribution to the diffraction peak broadening can be expected. Thus, for a
typical film thickness of (300..400) nm used in this work, no L⊥ can be extracted and the peak
broadening in these samples must be solely attributed to micro-strain effects. In this example
from the slope a micro-strain of ˜⊥ ≈ 0.3 % is obtained for both samples. Furthermore, if the
Scherrer equation would be applied to calculate L⊥ directly from the peak broadening, as
indicated by the horizontal arrows in Fig. 35, erroneous values that greatly underestimate
the grain size would be obtained.
An alternative expression for the pure Gaussian case (upper index ’G’) can be derived.
Starting from Eq. (108) one obtains:
(
∆qGz
)2
=
(2piK
L⊥
)2
+ (2 ˜⊥ qz)2 (116)
A comparative data analysis for c-axis textured polycrystalline and epitaxial ZnO samples
revealed that the conclusions for the grain size determination given above are also valid in
this case, while both methods yield the same ˜⊥ within error limits given by the uncertainties
of the linear regression. Therefore, the simple Williamson-Hall method according to Eq.
(115) was used throughout this work for the analysis of the measured diffraction peak broad-
ening ∆qz. It is important to note that the applicability of the size-strain separation analysis
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is limited to well textured samples where at least two diffraction orders could be measured
with sufficient signal to noise ratio. Hence, a proper analysis of the 2Θ peak broadening is
often not possible. This applies in particular to the disordered ZnO films which are typically
obtained at low substrate temperatures or high dopant concentrations.
4.5 Ion beam analysis
In order to access the elemental composition of the studied oxide thin films multiple ion
beam analysis (IBA) techniques were used. The general concept of IBA is schematically
depicted in Fig. 36. Ions are accelerated and guided onto the surface of the target under
investigation. Their interaction with the target atoms and electrons includes phenomena like
elastic scattering, nuclear reactions, energy loss and X-ray emission, which will be briefly
discussed in the following section.
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Figure 36: Sketch of the working principle of the Rutherford Backscattering Spectrometry (RBS)
and Particle Induced X-ray Emission (PIXE) ion beam analysis techniques.
4.5.1 Rutherford backscattering spectrometry
In Rutherford Backscattering Spectrometry (RBS) the energy distribution Y (EP ) of light ions
elastically backscattered from atoms in the sample is measured, i.e. b = P and B = A. The
incident ion energy EP is chosen to be above the low energy regime for electronic screening
and below the threshold for nuclear reactions. Experimentally determined threshold energy
values as a function of ZA for different projectile types are given in [245, p.48]. The scattering
cross sections for the 1.7 MeV 4He+ ions used in this work are below the nuclear reaction
threshold for elements heavier than Boron.
An analytical treatment of the elastic scattering of the projectile P with target atom A due
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to their Coulomb interaction yields the following expression for the differential Rutherford
cross-section in the laboratory system [245, p.45]:
(
dσ
dΩ
)
R
=
(
ZPZAe
2
0
16piε0EP
)2 4
sin4(Θ)
(√
m2A −m2P sin2 Θ +mA cos Θ
)2
mA
√
m2A −m2P sin2 Θ
(117)
The scattering cross section and therefore the measured backscattering yield for a given ele-
ment may be enhanced by decreasing the scattering angle Θ, using heavier projectiles (ZP ,mP )
or by decreasing EP . However, this has to be carefully evaluated, since heavy projectiles cause
a deterioration of the energy resolution of commonly used solid state detectors and too low
projectile energies will cause deviations from Eq. (117) due to electronic screening of the
target nuclei.
Since energy and momentum conservation apply in the central Coulomb potential, the en-
ergy of a projectile backscattered from a target atom (mA>mP ) at the surface is determined
by the kinematic factor K (see Fig. 37a):
E′P = KEP with K =
(
mP
mA +mP
)2(
cos Θ +
√
m2A
m2P
− sin2 Θ
)2
(118)
The kinematic factor is experimentally important because it determines the mass resolution
as a function of mA and Θ. Two elements at the sample surface can be resolved, if their
mass difference ∆mA causes a backscattering energy difference ∆E′P which is roughly twice
as large as the instrumental energy resolution ∆Esys, which is mainly determined by the
detector energy resolution. Thus, the mass resolution criterion is:
∆mA =
2∆Esys
EP
(
dK
dmA
)−1
(119)
In general the mass resolution improves when using more energetic heavier projectiles and
scattering angles close to 180◦. As shown in Fig. 37b the mass resolution is also reduced with
increasing target atomic mass.
The previously discussed binary scattering events will take place not only at the target surface
but also along the ion beam path as the projectile ions will penetrate into the target material.
This necessitates the inclusion of ion-solid interaction into the RBS data analysis. Here, it
is sufficient to treat the slowing down of ions in solids in conjunction with binary scattering,
neglecting effects of straggling and multiple scattering.
When an ion moves through a solid it interacts both with the screened nuclei and the electronic
system and continuously looses energy. The projectile energy loss per unit distance, dEP /ds,
is called stopping power and when normalized to the atomic density, N , results in the stopping
cross section S.
S(EP ) ≡ − 1
N
dEP
ds
[S] = eV cm2 (120)
Semi-empirical values of stopping cross sections in all elements as a function of ion energy EP
are available through the SRIM software package [167]. The stopping in compound materials
consisting of elements with the atomic concentrations ci is commonly approximated by the
Bragg rule assuming independent interaction of the projectile with each target atom species
[246].
Scompound =
∑
i
ciSi
∑
i
ci = 1 (121)
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Figure 37: a) Kinematic factor for 4He+ backscattered from different elements under an angle of
170◦ and b) Mass resolution as a function of target atom mass for 1.7 MeV 4He+ and Θ =170◦ using
a detector resolution of 15 keV as determined from energy calibration measurements described in the
text.
In summary the detected 4He+ ions will loose a fraction of their kinetic energy, ∆Ein, before
the binary scattering event at a distance z from the surface and a second portion, ∆Eout,
when leaving the solid. Thus, the measured energy E′′P is given by:
E′′P = K (EP −∆Ein)−∆Eout ≡ KEP −∆EP (122)
In order to calculate the energy loss term, ∆EP , it is necessary to integrate the continuous
energy loss along the path of the ion taking into account the incident and exit angles as
defined in Fig. 36, which results in the following integral equation:
∆EP = K
1
cosα
∫ z
0
(
dEP
ds
)
ds+ 1cosβ
∫ 0
z
(
dEP
ds
)
ds (123)
Since the stopping power itself is an explicit function of energy and therefore also an im-
plicit function of depth, a computer algorithm is usually employed to consistently calculate
the energy loss term ∆EP in an iterative procedure. In this work, the RBS spectra were
analyzed using the SIMNRA software [247]. This program calculates a simulated spectrum
from the discussed principles including further correction terms taking the projectile type,
energy, scattering geometry, total charge Q, detector energy calibration and solid angle ΩD
as input parameters. The total charge is measured by integrating the ion current flow through
the sample holder equipped with secondary electron suppression shielding i.e. Q =
∫
I(t)dt.
An energy calibration of the detector setup is performed regularly by measuring the surface
backscattering high energy edges for a wide range of mA values using reference samples with
known elemental composition. A linear fit to the theoretical values obtained from equation
(118) yields a relation between the detected ion energy and the channel number of the mul-
tichannel analyser as shown in Figure 38a. From the Gaussian broadening of the edges, the
energy resolution of the detection system is determined to be ≈ 15 keV. Finally, ΩD can be
determined for example by measuring single element references like bulk silicon with different
total charges at otherwise fixed conditions (see Fig. 38b). A particular effect when measuring
single crystalline or highly oriented samples like ZnO thin films is ion channeling, which leads
to a reduced backscattering yield if the angle of incidence of the ion beam coincides with high
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symmetry direction of the crystal [245, p.249]. Although this effect may be used in micro-
structural investigations, it is unwanted in composition analysis and therefore the samples
were symmetrically tilted by ± 4◦ in two directions against the normal incidence direction
(a so called ’frame scan’) in order to suppress channeling while introducing only negligible
changes in the RBS spectra.
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Figure 38: a) Energy vs. channel calibration of the RBS solid state detector and multichannel
analyser setup using reference materials with a wide range of elements, and b) Detector solid angle
calibration using single crystalline Si as reference material including the previously determined energy
calibration.
A typical thin film RBS spectrum together with the corresponding SIMNRA simulation is
shown in Fig. 39. It consists of well separated peaks for the elements Nb, Ti and O within
the oxide layer and a low energy region originating from the carbon substrate. The high
energy backscattering edge positions marked in blue are given by Eq. (118) and are therefore
element specific, while the edge broadening is caused by the finite energy resolution of the
detection system. The width of the peaks is determined by the film atomic density N˜RBS
in atoms per unit area. The nonlinear increase of the yield within each peak and especially
for the carbon signal is caused by the increase of the Rutherford scattering cross section
with decreasing ion energy and also by multiple scattering, which was not taken into account
in the simulations. The high ’background’ signal between the O peak and the C edge was
found to originate from a small fraction of oxygen (∼1 at.%) in the glassy carbon substrate.
Furthermore, in SIMNRA a thickness distribution may be added to simulate the film surface
roughness affecting the shape of the low energy edges of the peaks. If additional roughness
was necessary to fit the data, half of its value was added to N˜RBS .
Data analysis using SIMNRA finally yields the sample properties: film thickness N˜RBS in
atoms/cm2; and the elemental concentrations ci in at.% by minimizing the deviation of the
simulated curve from the experimental data. A careful evaluation of starting values and
manual correction of correlated parameters also allows the determination of experimental
uncertainties of the above-mentioned quantities.
From a combination of the film thickness, d in nm, determined by spectroscopic ellipsometry
and the RBS results, the film density ρ in g/cm3 is calculated using the molar masses Mi
according to:
ρ = N˜RBS
d
1
NAvo
∑
i
ciMi (124)
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It is important to note that in this work RBS was used not only to measure heavy elements
in light matrix like Nb in TiO2 but was also successfully employed to quantify Al in ZnO.
This was possible by a combination of carbon substrates, a large detector solid angle and a
high primary beam flux reducing the measurement time to a tolerable level. In the beginning
of the investigations also Elastic Recoil Detection (ERD) was evaluated to quantify Al in
AZO films on fused silica substrates. However, RBS turned out to be superior in terms of
measurement and data analysis efforts at nearly the same or even lower uncertainty for the
determined Al concentrations.
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Figure 39: RBS spectrum of a Nb doped TiO2 thin film on carbon substrate together with the best fit
spectrum calculated using SIMNRA. The surface backscattering energies are indicated by the arrows.
Error estimations include fitting uncertainty and 3% experimental uncertainty of total beam charge.
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4.5.2 Particle-induced X-ray emission
From the statements in the previous paragraph it is obvious that RBS and ERD cannot be
used to quantify the Ga concentration in ZnO, because the low mass difference of Ga and Zn
prevents their separation. For example the RBS spectrum would show a single peak for Zn and
Ga together. Therefore, it was imperative to find an additional analysis method allowing to
distinguish between these two elements and Particle-Induced X-ray Emission (PIXE) turned
out to be well suited for this task. It is based on the spectroscopy of characteristic X-rays
emitted by atoms through refilling of inner electron shell vacancies created by interaction
with energetic ions.
Typically light ions with several MeV kinetic energy are used because of their high ionization
cross sections and the possibility to analyze surfaces to a depth of several tens of µm. The
range of detectable elements depends mainly on the energy range of the detector setup. In
this work a 3 MeV proton micro-beam with a beam spot size of 8x8 µm was scanned over a
512x512 µm area on the sample surface. The beam hits the sample under normal incidence
(α=0) and X-rays are detected under an exit angle of β=60◦. It is important to note, that
in contrast to RBS, PIXE gives practically no relevant depth information and only integral
concentrations are obtained from data analysis. The main advantage of PIXE compared to
RBS is the high sensitivity to medium heavy trace elements.
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Figure 40: Experimental PIXE spectrum together with GUPIX simulation (with added background)
for a Ga:ZnO thin film on f-SiO2, showing the separation of the Zn and Ga signals. Traces of Ni
(0.04 at.%) and Fe (0.03 at.%) originating from impurities in the sputter target are also detected.
A typical PIXE spectrum obtained with an energy dispersive Si(Li) detector (Ortec SLP
Series) consists of sharp peaks of K and L X-ray lines superimposed on a continuous back-
ground of Bremsstrahlung and pileup (Fig. 40). Given a sufficient energy resolution, the
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elements contained in the sample are identified by the peak positions, while the background
corrected peak area, the X-ray yield, for an element A is proportional to its density NA in
at/cm3 [245, p. 234]:
YA = NA
Q
e0
ΩD
4pi A tA bA ωA
∫ Ef
EP
σA(E) TA(E)
NM SM (E)
dE (125)
In addition to the symbols already defined in the previous subsection (see Fig. 36) ωA is
the element specific fluorescence yield and σA(E) the ionisation cross section. The branching
fraction bA is the intensity fraction of the specific X-ray line relative to the total X-ray intensity
of the corresponding X-ray series, e.g. Kβ to the K-series. The energy dependent detection
efficiency and the transmission of X-rays through any absorbers are taken into account by
the factors A and and tA. The integral term is the so called matrix correction term, which
takes into account energy loss of the projectiles along their path within in the sample. Here
Ef is the final energy of the projectile when leaving or being stopped in the sample with the
matrix stopping power equal to the product NMSM (E). The attenuation of X-rays by the
sample itself is treated within the function TA(E), which depends on the incident and exit
angles and the matrix mass attenuation coefficient.
In the case of thin ZnO films with d < 500 nm studied here, the thin target approximation is
justified, where the ion energy loss and the X-ray attenuation are neglected. This is because
the projected range of 3 MeV protons in ZnO is approximately 50 µm and also the mass
attenuation coefficient of ZnO at the Zn-Kα and Ga-Kα energies is so small (≈ 40 cm2/g [143])
that X-ray absorption for the full film thickness is only approximately 1%. Therefore, Eq.
(125) can be simplified to the expression:
YA = NA
d
cosα
Q
e0
ΩD
4pi A tA bA ωA σA(EP ) (126)
where d is the film thickness and α is the ion incidence angle. The program GUPIX [248] is
used for PIXE data analysis within this work. It utilizes a widespread pragmatic approach of
combining fundamental databases with setup specific calibration factors. On the one hand,
GUPIX makes use of first principles calculations and databases of ion induced ionization
cross sections, fluorescence yields, X-ray energies, attenuation and branching to calculate
the theoretical X-ray yield Y T per unit beam charge per unit solid angle per unit areal mass
density ρ˜ in ng/cm2 for each element. On the other hand, a correction factor, H, is introduced,
which is characteristic for the PIXE setup used. In the ideal case, the H-factor would be equal
to the detector solid angle and independent of ZA and the matrix, but in practice usually a
weak ZA dependence arises from imperfect knowledge of the individual system components
i.e. charge measurement, the detector efficiency and absorber attenuation. Therefore, H is
calibrated by measuring standard samples. The X-ray yield for each element with the areal
mass density ρ˜A in ng/cm2 is then calculated as:
YA = ρ˜A Y TA Q H A tA (127)
GUPIX calculates the total yield (peak area), YA, from the PIXE spectrum by first removing
the background with a top-hat filter and then fitting the X-ray peaks using detector specific
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parameters. From a least squares fit to the experimental data, the individual ρ˜i in ng/cm2
are obtained together with their uncertainties originating from the fitting errors.
For the special task of quantification of Ga in ZnO the need for high precision PIXE cali-
bration of H with standards is even further relaxed since only the Ga to Zn atomic ratio is
of interest, while the absolute sum of Ga and Zn atomic concentrations are determined by
RBS. Considering only the Kα lines and assuming H to be equal for the two neighbouring
elements, the following expression for the mass ratio of Ga to Zn is finally obtained:
ρ˜Ga
ρ˜Zn
= YGa
YZn
Y TZn
Y TGa
Zn tZn
Ga tGa
(128)
From this, the atomic ratio of the two metals is easily calculated using their molar masses Mi
cGa
cZn
= ρ˜Ga
ρ˜Zn
MZn
MGa
(129)
Finally, the individual Ga and Zn concentrations in Ga:ZnO are calculated by combining the
total metal concentration cZn+Ga obtained from RBS and the metal ratio cGa/cZn from PIXE
measurements of the same sample according to:
cGa =
cGa
cZn
cZn+Ga
1 + cGacZn
and cZn = cZn+Ga − cGa (130)
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4.6 Summary
In order to provide a quick overview of which material properties were obtained by which of
the different characterization methods used in this work, a summary in form of Tab. 10 is
given here.
method property symbol unit
Hall-Effect HE Hall mobility µH cm2/Vs
electron concentration Ne 1/cm3
resistivity ρ Ωcm
Spectral Photometry SP transmittance T (λ) %
reflectance R(λ) %
Spectroscopic Ellipsometry SE film thickness d nm
dielectric function ε1(ω), ε2(ω)
Rutherford Backscattering RBS areal atomic density N˜RBS atoms/cm2
concentrations ci at.%
Part. ind. X-ray Emission PIXE mass areal densities ρ˜i ng/cm2
X-ray diffraction XRD phase composition - -
macro-strain hkl %
micro-strain ˜hkl %
moscaic tilt angle FWHMω ◦
moscaic twist angle - ◦
X-ray absorption near XANES local chemical - -
edge structure environment
Transmission electron TEM
microscopy
Table 10: Overview of thin film characterization methods and obtained material properties.
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5 Results I: Material-specific transition mode stabilization during
reactive sputtering
An alternative way to stabilize the reactive magnetron sputtering process in the transition
mode has been developed and successfully applied to TCO thin film growth in this work. In
contrast to the conventional methods, the flows of reactive and inert gas are fixed while the
gettering effect of the sputtered metal is employed to fine tune the oxygen partial pressure and
thereby optimize the properties of the TCO materials. This method makes use of the phys-
ical processes during reactive magnetron sputtering, which are reflected in the characteristic
shape of the current-voltage (I-V) dependence of the discharge. Therefore, some fundamental
aspects of magnetron I-V curves are discussed in the following.
5.1 Current-voltage-pressure characteristics of reactive magnetron discharges
The discharge current IT measured at the sputter target is the sum of the positive ion current
Ii towards the cathode and the current of secondary electrons Ise leaving the target, because
positive ions ejected from the target are recaptured due to the negative potential and the
ejected negative ion flux is small compared to Ise. Using the (effective) secondary electron
yield as defined in Eq. (51) and introducing the non-uniform ion current density ji across the
eroded target area AT , i.e. race track area, one obtains:
IT = Ii + Ise = Ii (1 + γ∗se) with Ii =
∫
AT
ji dAT (131)
Experimentally it is observed that magnetron discharges exhibit a power-law type current-
voltage dependence, where the discharge current IT is given by:
IT = a U bT with a > 0 ; b > 0 (132)
The parameters a and b depend on the types and the combination of target material and
gas, the total gas pressure and the strength and geometry of the magnetic field configuration
[153]. Assuming a constant γ∗se for now, Eq. (132) is in clear contradiction to the discussed
properties of the electrostatic Child-Langmuir sheath (48) where the ion current density at
the target ji is given by the Bohm current jB and should be independent from the discharge
voltage UT because the sheath thickness expands according to Eq. (49) with increasing voltage
such that ji is not a function of UT .
ji = jB ∼ U
3/2
T
x2s
and xS ∼ U3/4T (133)
In fact despite intense experimental and theoretical research efforts, the origin of relationship
(132) is not completely understood until today. One of the first to address this problem
was Rossnagel, who attributed this puzzling behaviour to a decrease of gas density near
the target surface caused by local heating of the background gas due momentum transfer in
collisions with the large flux of energetic sputtered particles emitted from the sputter target.
This gas rarefaction effect was first observed by Hoffman who termed it the ’sputtering
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wind’ [249]. The decrease in gas density results in a lowered probability of electron collisions
with gas particles e.g. less impact ionization and reduced thermalization of the high energy
secondary electrons. Thus, the electron temperature increases while the electron density is
reduced [154] causing a decrease of the plasma conductivity. Since the gas rarefaction effect
increases with the flux of sputtered material the plasma conductivity decreases with increasing
current, finally explaining the steep increase of IT at a slowly increasing target voltage [250].
In support of his argumentation Rossnagel could show experimentally that the exponent b
decreases for target-gas combinations with large sputter yields and large momentum transfer
cross-sections and also for sputtering gases with low thermal conductivity [250]. By inserting
his observation that the sheath thickness in fact decreases with increasing UT according to Eq.
(134) into the Child-Langmuir law he obtained the empirically found power law current-
voltage dependence where the exponents are related as b = (3/2 + 2c) [251].
xs ∼ U−cT with c > 0 (134)
Altogether, Rossnagels work explains a major part of the effects influencing the coefficients
in Eq. (132). However, he did not take into account that ne and Te and thus jB are also
strongly affected by the number (γse) and the energy (≈ e0UT ) of the secondary electrons,
which in turn depend also on the employed target-gas combination, the ion energy and espe-
cially the oxidation state of the target surface. Assuming that the primary source of ionization
are the ion induced secondary electrons and considering that the magnetron discharge is self-
sustained if the number of ions generated at least equals the number of ions lost to the target
the following condition for the target voltage must be satisfied [153] independent of IT :
UT ≥ W
e0 γse ε1 ε2 (1− ε3) (135)
Where W denotes the average energy loss per ionization, which is approximately WAr=20 eV
for fast secondary electrons in Ar and increases to about 50 eV for thermalized electrons with
Te= 3 eV [141, p. 82]. The coefficient ε1 is the ion collection efficiency, while ε2 accounts
for the ionization efficiency of the emitted secondary electrons. The latter is increasing for
higher total pressures due to a higher collision frequency between trapped electrons and
gas neutrals, resulting in an increased exponent b (see Fig. 41). It is also important to
note that ε2 is directly connected to the electron trapping efficiency of the magnetic field
configuration, leading to higher ignition voltages and also a decreased exponent b in case of
weak magnetic field or partly unclosed magnetic field lines [252, p.687]. Despite the repulsion
by the electric field within the cathode fall, the probability ε3 for secondary electron recapture
is not negligible because the electron gyration radius is comparable to the sheath width [153].
Therefore, the effective secondary electron emission coefficient in Eqs. (131) and (135) is
given by γ∗se = γse(1 − ε3). Altogether, using γse ≈0.1 for Ar+ bombardment of clean metal
surfaces [253, p.56], ε1=ε2=1 for a well designed magnetron and ε3=0.5 one obtains a realistic
estimate of the discharge voltage of ≈400V.
Strictly speaking W and ε2 are also a function of UT since they are related to the ionization
cross sections, which are monotonously decreasing with electron energy Ee = e0UT for typical
target voltages above 200V (see Fig. 10). Also it is known from literature, that γse is a function
of Ei, which makes a detailed analysis of Eq. (135) even more complicated. Nevertheless,
Depla et al. verified experimentally the UT ∼ γ−1se correlation for metals [159]. These results
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Figure 41: Magnetron dis-
charge current-voltage charac-
teristics for Al in Ar. The data
was fitted to Eq. (132) demon-
strating the increase of the expo-
nent b with increasing total pres-
sure.
have been employed to obtain empirical values for the effective γ∗se for magnetron sputtering of
a large variety of metal oxides (and nitrides) [160]. An important outcome of this work is the
division of the plasma oxidized metals into two groups by the ratio of their effective secondary
electron emission coefficient γ∗se,ox in comparison to γ∗se,m of the corresponding clean metal
[254]. While the first group exhibits γ∗se,ox > γ∗se,m as would be expected, a large number of
oxides shows γ∗se,ox < γ∗se,m. The reason for the existence of the second group is not fully
understood, but might be attributed to ion induced reduction of the oxidized target surface
due to preferential sputtering.
A direct consequence of the effects discussed so far is, that for reactive magnetron sputtering
of metal oxides the oxidation state of the target can be identified by examining the IT (UT )
relationship in different Ar/O2 mixtures. Moreover, two groups of metals (namely ’A’ and
’B’) with distinct reactive IT (UT ) behaviours reflecting Deplas findings on the secondary
electron emission changes upon plasma oxidation must exist. In principle there are three
possibilities to control the magnetron discharge at constant reactive gas flow, namely voltage,
current and power controlled operation. In each case the controlled parameter is set by the
magnetron power supply, while the others will adjust freely as a result of the complex particle
balance between target and plasma. Thus, the material specific shape of the reactive IT (UT )
dependence determines which of these control modes allows a stable operation especially in
the transition region between the oxidized and the metallic target state.
5.2 Voltage controlled operation
As stated above, metals of group A are characterized by an increase of secondary electron
emission upon plasma oxidation (γ∗se,ox > γ∗se,m) and thus according to Eqs. (131) and (135)
these materials should exhibit, at given UT , a higher discharge current in the oxidized mode
compared to the metallic mode. A typical example for this behaviour is given in Figure 42,
where the magnetron I-V curves for sputtering of Al either in pure Ar or in an Ar/O2 mixture
with two different added oxygen flows (ΦO2) are shown. For sufficiently low discharge voltages
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(and powers) the Al target surface remains fully oxidized independent of ΦO2, giving rise to
the steep oxidized branch of the I-V starting at low voltages, that can be described by the
empirical power law with an exponent of b=13.7. Upon increasing the discharge voltage,
the oxide removal at the target sets in at a certain critical current and a knee in the I-V
appears. With increasing ΦO2 a larger oxygen flux towards the target must be compensated
by sputter cleaning and consequently the critical current moves from 0.7 A to 1.3 A on the
oxidized branch of the I-V. When UT exceeds this critical point the oxide surface layer on
the target is gradually removed and the discharge transitions towards the metallic I-V branch
by a strongly increasing UT at almost constant current. This clearly shows that a current
controlled operation in the case of Al would lead to an unstable behaviour in the transition
regime, because at a fixed current of ≈ 0.7 A the process can easily drift between oxidized
and metallic regime. In contrast, intermediate discharge working points may be reached and
stabilized if the voltage control mode is used, as it was done to obtain the data points shown
in Fig. 42. The overshoot to voltages above the metallic I-V is a reproducible feature of Al
and might be related to sub-oxide formation with an even lower γ∗se,ox than clean metallic Al.
Finally, at very high voltages the target surface is completely metallic and the reactive I-V
curves merge with the non reactive one, obtained in pure Ar.
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Figure 42: Reactive magnetron
discharge current-voltage char-
acteristics for Al in Ar/O2 in
voltage control mode at pAr=0.7
Pa. The oxidized regime is char-
acterized by a higher b expo-
nent compared to the metallic
mode giving rise to two differ-
ent IT ∼ U bT curves. The transi-
tion between these two limiting
cases occurs at different target
currents depending on the oxy-
gen flow.
Reactive sputtering of Zn in Ar+O2 was not addressed by Depla with respect to the changes
in secondary electron emission during plasma oxidation. Therefore, in Fig. 43 the correspond-
ing I-V curves are shown for different O2 flows. Due to the weak magnetic field of the FHR
type magnetrons used for the ZnO depositions the whole I-V region is shifted to higher UT
values, which is in qualitative agreement with Eq. (135). Also in the specific example shown
here the Zn target was not previously sputter etched so that it was not possible to ignite the
discharge in pure Ar within the voltage range of 1 kV of the power supply. Nevertheless, a
qualitative comparison to the previously discussed case of Al shows that Zn also belongs to
the group A materials, where the oxidized I-V branch lies at lower voltages with respect to
the metallic one. While the increase in critical current with higher oxygen flow is reproduced,
the change from the oxidized to the transition region is not very distinct here. This might
be attributed to the lower reactivity of Zn compared to Al, which is reflected in the lower
formation enthalpy of ZnO compared to Al2O3 (cf. Tab. 4). Similar to the case of Al, the
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transition mode branches span a wide range of target voltages and the working point of the
discharge is uniquely defined by a certain UT value for each ΦO2. This would not be the case
if constant current or power control were used, because in any case several I-V points with
the same IT or power value would exist as is indicated by the dashed lines. Therefore voltage
controlled operation is needed to access and stabilize the Zn in Ar/O2 discharge in all working
points especially in the transition region.
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In this work AZO thin films were grown using several ZnAl targets with different target Al
concentrations ranging from 0.7 to 8.7 at.%. Since both Zn and Al belong to the material
group A, it is expected that these alloy targets have similar reactive I-V behaviour as the
pure metals. This is qualitatively confirmed for the example of a 0.7at.% ZnAl target shown
in Figure 44. Again an increased oxygen flow leads to a shift of the transition region to higher
discharge currents and voltage control must be used to stabilize the discharge in all working
points. Since this target was strongly consumed also the metallic I-V branch in pure Ar could
be measured, which is where all reactive curves merge in the limiting case of highest discharge
voltages.
5.3 Current controlled operation
According to Depla et al. a second group of metals exists where the secondary electron emis-
sion is reduced (γ∗se,ox < γ∗se,m) when the target is oxidized in the plasma. In these group B
materials, the initial argumentation of the magnetron I-V behaviour predicts that the oxidized
I-V curve branch must appear at higher target voltages for the same current in comparison
to the metallic regime. This is experimentally observed for the reactive sputtering of Ti at
constant gas flows in several different Ar/O2 mixtures as shown in Figure 45. While the
I-V in pure Ar corresponding to a clean metallic target has an exponent of b=6.7, the I-V
curve measured with O2 addition starts at higher discharge voltages and is less steep with
an exponent of b=5.6. It is consistently observed, that for increasing oxygen addition to the
sputtering atmosphere the process remains in the oxidized mode up to higher discharge cur-
rents, because an increasing oxide formation rate on the target surface must be compensated
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Figure 44: Reactive magnetron
I-V characteristics for a ZnAl
alloy target (0.7at.% Al) using
voltage control for different O2
flows at pAr=0.65 Pa.
by sputtering. When voltage control is used for this type of material, unstable behaviour is
observed as soon as the critical IT for each ΦO2 is reached. At this point the onset of oxide
removal increases the secondary electron emission and the sputter rate. Thus, the target
cleaning is self-amplified and the process rapidly jumps back to the metallic curve, situated
at much higher currents at the same UT , which is indicated by the vertical arrows. It is
obvious that a controlled stable operation of Ti in the transition mode region is not possible
in this way and might even damage the equipment. In fact, the discharge had to be switched
off a few seconds after the jump at higher ΦO2 values, in order to keep the dissipated power
within the specified cooling capacity of the magnetron.
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Figure 45: Reactive magnetron
discharge current-voltage char-
acteristics for Ti sputtered in
Ar/O2 in voltage control mode,
showing typical group B be-
haviour. Due to the uncontrolled
increase in IT above the criti-
cal points, the discharge cannot
be stabilized in the transition re-
gion. The minor variation in the
b exponent for the oxidized mode
is due to a slight variation of to-
tal pressure with increasing ΦO2.
Fortunately, the instability problem of the group B materials can be solved by changing the
operation mode to constant current control (CC), where in contrast to the VC mode the
target current is set by the power supply while UT may adjust freely. In this case, as shown
in Figure 46, when the critical IT is reached the discharge voltage gradually decreases and
the process transitions smoothly to the metallic mode with increasing IT . Here each working
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point is uniquely defined by a certain discharge current and CC operation allows for a stable
operation at working points within the transition mode.
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5.4 Fine tuning of oxygen partial pressure
Until now only the material specific I-V behaviour of the reactive discharge was discussed
with a focus on stabilizing the discharge at working points within the transition regime.
To reach the aim of tailoring the properties of the deposited TCO films it is important to
regard the effect of changing the working point on the metal to oxygen flux ratio towards the
substrate. Therefore, the relationship between the oxygen partial pressure and the current-
voltage curve is examined in the following to further characterize the reactive sputtering
process. In general, the reactive discharge can be regarded as a getter pump that consumes
oxygen by incorporating it into the growing oxide layer on all inner surfaces of the sputter
chamber. The pumping speed of this effect, V˙get, depends on the amount of sputtered metal
and thus increases with increasing sputter yield and ion current. The latter quantities are
directly related to the working point of the reactive discharge for a given sputtering system
at a fixed combination of Ar and O2 gas flows. When the discharge is switched off, the total
available oxygen partial pressure pO2,tot is determined by the ratio of the oxygen flow ΦO2
and the effective pumping speed of the vacuum pumps V˙P . When the discharge is switched
on, O2 is additionally removed by the gettering effect so that the oxygen partial pressure is
given by:
pO2 =
ΦO2
V˙P + V˙get
with pO2(V˙get = 0) = pO2,tot (136)
If the value of V˙get as a function of the working point of the discharge would be known, then
pO2 could be directly obtained. However, this would require sophisticated reactive process
modelling, which is beyond the scope of this work. Hence, a qualitative discussion will be
given in the following. Starting from low discharge powers the target surface is in the oxidized
regime, the surface binding energy is high and the sputter yield according to Eq. (53) is low.
As a result V˙get is very small, practically no oxygen is consumed and a nearly constant
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pO2 ≈ pO2,tot is measured for all working points in this regime. When the process reaches the
transition mode either by increasing UT for group A or IT for group B materials, the target
surface is gradually sputter cleaned. With a decreasing oxidized surface fraction the sputter
yield of the metal is increasing. This is mainly because the surface binding energy of the
metal atoms is greatly reduced, for example from 8.0 eV for ZnO to 1.3 eV for metallic zinc
and from 29.8 eV for Al2O3 to 3.4 eV for metallic Al, respectively [255, 256]. Therefore, a
decrease of pO2 is expected when V˙get increases continuously as the process working point is
moved along the I-V curve towards the metallic regime.
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for reactive sputtering of Al in
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(compare Fig. 42). The to-
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ages correspond to the Ar par-
tial pressure for the non-reactive
curve, showing that practically
all oxygen is gettered by the
sputtered metal in the metallic
regime.
From the reactive sputtering I-V behaviour of materials from group A (Zn, Al, ..) it follows
directly that the oxygen partial pressure becomes a function of the discharge voltage. This is
demonstrated in (Fig. 47) for the case of reactive sputtering of Al in Ar/O2, where the three
reactive process regimes are reflected in the pO2(UT ) dependence. At very low UT the target
is fully oxidized and the total pressure is constant as the sum of the Ar partial pressure pAr
and pO2,tot. As UT is increased, the process enters the transition mode characterized by an
almost linear reduction of the oxygen partial pressure due the increasing O2 consumption.
Eventually, at very high target voltages, the total pressure is roughly equal to the Ar partial
pressure, which means the target surface becomes completely metallic and practically all
oxygen is gettered by the high flux of sputtered metal. The same behaviour is observed for
other oxygen flow values, albeit with a different total pressure in the oxidized mode and a
different pO2(UT ) slope in the transition mode.
A typical dependence of the oxygen partial pressure on the discharge voltage for a ZnAl alloy
target is shown in Figure 48. A comparison with the corresponding I-V curves shows, that
the oxidized target regime indicated by the a constant pO2=pO2,tot is only weakly pronounced,
which is attributed to the lower reactivity and the higher sputter yield of Zn compared to Al.
Hence, the oxygen partial pressure drops with increasing UT starting already at low voltages.
As will be shown later, an optimum in the AZO electrical film properties is typically found
in the transition region at a voltage value U∗T close to the current maximum in the I-V curve.
This is indicated by the dashed lines for the highest oxygen flow value and corresponds to the
point were roughly half of the total oxygen is consumed.
In the case of group B materials (Ti, Nb, ..) it was explained that each working point on the I-
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Figure 48: Reactive magnetron
pressure-voltage characteristics
for ZnAl alloy (0.7at.% Al) using
voltage control corresponding to
Fig. 44. The empirically found
optimum oxygen partial pressure
p∗O2 is indicated for the highest
ΦO2.
V curve is defined by the discharge current. Thus, it follows that for these materials pO2 must
be a function of discharge current instead of UT . This is consistently observed for reactive
sputtering of Ti oxide as shown in Figure 49. A a nearly Z-shaped dependence of pO2 on
IT , directly corresponding to the three operation regimes of the reactive I-V characteristic, is
found. In the transition mode an adjustment of oxygen partial pressure is possible at constant
oxygen flow by controlling IT .
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Figure 49: Dependence of to-
tal pressure on the discharge cur-
rent for reactive Ti oxide sput-
tering in current control mode
(compare Fig. 46). The drop in
total pressure with increasing IT
is due to gettering of O2 by the
sputtered metal. The operating
regimes are marked by dashed
lines for the highest oxygen flow.
These two examples illustrate how a fine control of the oxygen partial pressure can be achieved
by including the reactive properties of the target material into the reactive process control
method. Since the sputter rate increases simultaneously with decreasing pO2, the oxygen ad-
justment at constant O2 flow effectively leads to a change in metal to oxygen flux ratio arriving
at the substrate. This effect is used to tailor the electrical and optical properties of the TCO
films. Generally, in the oxidized mode transparent but also highly resistive films are obtained,
while in the metallic mode the films are conductive but show strong visible and near-infrared
absorption due to metal excess and a high free electron density, respectively. Therefore, an
99
100 5 Results I: Material-specific transition mode stabilization during reactive sputtering
optimum combination of conductivity and transmittance as, discussed in Chap. 2.2, can be
achieved in the transition mode by a fine adjustment of pO2 via a material specific variation
of the discharge voltage or current at constant O2 flow.
5.5 Summary
In summary a target material specific method for fine tuning of the metal to oxygen flux ratio
towards the substrate is used in this work. Depending on the change of the secondary electron
emission coefficient of the target surface upon plasma oxidation either voltage controlled or
current controlled operation at constant oxygen flow is found to be suitable for a stable
operation in the transition regime. In principle also constant power control may be used,
but whether a certain process working point is stable or not in this control mode depends
strongly on the shape of the I-V in the transition region. Thus, voltage control was used for
the deposition of ZnO-based thin films, while current control was employed for TiO2 based
films here.
It should be mentioned that for an application in large scale production the long term stability
of the reactive working point is of great importance to ensure uniform material properties over
the full lifetime of the sputter target. However, due to the non-uniform sputter erosion (race-
track) the target surface approaches the permanent magnets with increased target usage. This
leads to an increasing magnetic field strength near the target surface and therefore a change in
the electron trapping efficiency ε2 in Eq. (135). Together with an increasing racetrack surface
area this results in a slow ’aging’ effect characterized by a shift of the I-V curves to lower
voltages and an increased exponent b in Eq. (132). Therefore, the monitoring of an additional
reference parameter and a readjustment of the discharge voltage or current (depending on
the material type A or B) with increasing target consumption is required. For the lab scale
experiments in this work the oxygen partial pressure pO2 during film growth was used as
reference parameter and it was sufficient to perform the readjustment manually. However, in
large scale production the same might be accomplished by an electronic feedback loop that
controls UT or IT using a previously optimized pO2 at constant O2 gas flow as a reference
value.
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The search for a cost-effective alternative material to Sn doped In2O3 oxide has stimu-
lated substantial research efforts in the field of ZnO-based TCO thin films [33, 101] (see
Chapter 2.4). High quality films, suitable for demanding applications like thin film solar
cells, are characterized by a combination of resistivity below 4x10−4 Ωcm and a high opti-
cal transmittance in the visible and near infrared spectral range. These requirements can
be fulfilled by maximizing the electron mobility while maintaining a moderately high free
electron density below 1x1021 cm−3. For Al doped ZnO highest mobilities above 40 cm2/Vs
in combination with these resistivity values are usually achieved by pulsed laser deposition
(PLD) [257] or rf magnetron sputtering (rf-MS) [258, 259] from ceramic targets at substrate
temperatures of at least 200◦C. Recently, very high mobilities >50 cm2/Vs were also reported
for AZO deposited by reactive filtered cathodic vacuum arc [87]. However, in case of reactive
MS, which is superior to these techniques in terms of cost-efficiency and scalability to large
substrate areas, the reported maximum mobilities are typically below 30 cm2/Vs [260, 261].
Compared to Al doping, Ga doped ZnO is less frequently investigated. Nearly exclusively ce-
ramic target materials were utilized to achieve maximum mobilities in the range of 35 cm2/Vs
for low resistivity Ga:ZnO films grown by PLD [262, 263] and rf-MS [264]. The scarcity of
reports on reactive sputtering of GZO from metallic targets is due to the low solubility of
less than 1 wt.% metallic Ga in Zn [265]. Hence, the preparation of homogeneous and sta-
ble ZnGa alloy targets is challenging and limited to low Ga contents. In case of Ga excess
the out-diffusion of surplus Ga from the target, especially due to heating during magnetron
operation, might lead to irreproducibility of film properties. Therefore, a recent report on a
maximum mobility of 25 cm2/Vs achieved by reactive magnetron sputter deposition of GZO
from a ZnGa target with 4 wt.% Ga must be looked at with some suspicion [266]. In the
present work, an experimental target set with 0.8 wt.% Ga supplied by GfE Fremat GmbH
(Freiberg, Germany) was utilized to avoid the above mentioned problems.
For both Al and Ga doping of ZnO few reports indicate an increase of the electrical resistiv-
ity at growth temperatures above a certain optimum value [264, 187]. Mostly this effect is
either not observed because TS is limited to values below 300◦C for technical reasons, or it
is neglected in the scientific discussion. However, the investigation of films deposited under
such ’extreme’ conditions might provide valuable information on the origin of the temperature
induced degradation effect in (Al,Ga):ZnO and possible countermeasures. Furthermore, the
electrical activation of both dopants in ZnO is only occasionally quantified experimentally
and a direct comparison of Al and Ga doping using the same deposition technique has not
been reported so far (see Table 14).
In order to address these unresolved issues this chapter aims at a fundamental investigation of
mechanisms of Al and Ga dopant incorporation and activation in ZnO. For this purpose, the
method of transition mode stabilization during RMS (Chapter 5) together with a systematic
variation of substrate temperature and target dopant concentration will be used. Section 6.1
is focussed on achieving highest possible electron mobilities which is put into context with
effects of extrinsic doping on the crystalline structure and the optical properties of ZnO in
Sections 6.2 and 6.3. In Section 6.4 limitations to the electron mobility in (Al,Ga):ZnO are
discussed in the framework of ionized impurity scattering and grain-boundary limited trans-
port. The quantification of the dopant activation of Al and Ga is presented in Section 6.5
and discussed with respect to compensation and secondary phase formation.
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6.1 Electrical properties of Al and Ga doped ZnO films
In this chapter a strategy for the growth of Al and Ga doped ZnO films with highest possible
electron mobilities by reactive magnetron sputtering is presented. The effects of a system-
atic variation of the relevant deposition parameters on the electrical film properties will be
discussed in detail. The results obtained in this chapter will be used as a basis for further
characterization of the films presented in the subsequent chapters.
6.1.1 Influence of oxygen partial pressure and substrate temperature
As a first step, the dependence of the electrical properties of AZO and GZO on the oxygen
partial pressure for a fixed substrate temperature is discussed in the following. In Chapter 5
it was made clear that pO2 can be changed in two ways. The first is to vary the working
point of the reactive discharge by adjusting UT at constant oxygen flow, while the second is
to change the oxygen flow and thereby pO2,tot. The typical effect of the first approach on the
electrical properties of AZO grown on fused silica at TS=250◦C using a ZnAl target with a
content of 3.6 at.% Al is depicted in Figure 50a.
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Figure 50: a)-c) Electrical properties and film growth rate of AZO as a function of pO2 at constant ΦO2
and pAr=0.7 Pa. d)-f) Demonstration of growth rate scaling at nearly constant electrical properties
by keeping a fixed pO2 to pO2,tot ratio of ≈0.5 for a different ΦO2 at pAr=1.8 Pa. Both for reactive
sputtering of a ZnAl target with 3.6 at.% Al on fused silica substrates at TS=250◦C.
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It is observed that an optimum oxygen partial pressure p∗O2 exists, where the carrier mobility
reaches a maximum value of 30 cm2/Vs, while the carrier density increases with decreasing
pO2 and exhibits a broad maximum at ≈6x1020 cm−3 below p∗O2. As a consequence a nar-
row pO2 process window exists where the resistivity remains close to the minimum value of
3.5x10−4 Ωcm.
As was discussed previously the adjustment of pO2 by changing the target voltage effectively
leads to a change in the metal to oxygen flux ratio at the substrate. With increasing oxygen
partial pressure the deposition conditions are oxygen rich. The observed continuous decrease
of Ne indicates a deactivation of the dopant by oxidation. From the increase in sputter yield
a steadily increasing film growth rate with lower pO2 would be expected. Instead this is only
approximately observed for pO2>90 mPa, while for lower oxygen partial pressures the growth
rate drops rapidly. This is clearly attributed to the high vapour pressure of Zn, which causes
a desorption of Zn from the substrate surface at elevated substrate temperatures that is even
enhanced if not enough oxygen is available to bind the incoming Zn in the form of oxide [134].
From comparison to the corresponding pO2(UT ) curves for the different target compositions
one finds as an empirical rule that the optimum p∗O2 is typically situated at a target voltage
U∗T where approximately half of the total available oxygen is gettered, i.e.
p∗O2 ≈ 0.5 pO2,tot (137)
In particular this means that independent of the actual oxygen flow supplied to the reactive
process nearly identical film properties are expected if UT is adjusted in such a way that
always the same fraction of the total oxygen is consumed by the discharge. This is equivalent
to maintaining a constant metal to oxygen flux and, therefore, a constant stoichiometry of
the film. An experiment demonstrating this effect is shown in Fig. 50b. Here the total
oxygen pressure pO2,tot was varied by changing the O2 flow, and for each ΦO2 the discharge
voltage has been adjusted to maintain the optimum pressure condition Eq. (137). As a result,
the electrical properties are nearly constant being close to their optimum values for a range
of oxygen partial pressures that is about a factor of 10 wider than the process window at
constant ΦO2 given by Fig. 50a.
From the discussion of the I-V curves it is clear that for higher ΦO2 values the optimum
p∗O2 is reached at higher discharge currents which leads to an increase in discharge power
and film growth rate proportional to pO2,tot as shown in the bottom of Fig. 50b. This is
in agreement with a similar result of Ellmer obtained for reactive sputtering of AZO on
unheated substrates using O2 flow control instead of UT control [186]. The importance of
this finding lies in the fact that it allows to upscale the film growth rate significantly without
changing the electrical properties of the AZO films, which is relevant for high throughput
industrial applications. The only practical limitation to this mechanism is the maximum
discharge power given by the cooling capacity of the magnetron setup and the onset of melting
of the sputter target.
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Figure 51: Electrical properties vs. oxygen
partial pressure at fixed oxygen flow for Ga
doped ZnO grown by reactive sputtering at
400◦C and pAr=0.7 Pa on fused silica using a
ZnGa target with 0.8 at.% Ga
The method of pO2 variation via UT control at constant oxygen flow was also successfully ap-
plied to Ga doping of ZnO by reactive sputtering. The dependence of the electrical properties
of GZO grown on fused silica at a fixed substrate temperature of 400◦C is shown in Figure 51.
A maximum mobility of 40 cm2/Vs was achieved at an optimum pO2 that is roughly equal
to half of the total available oxygen of (151±2) mPa, which is in agreement with the em-
pirical condition Eq. (137) found for Al doping. Again a continuous increase of Ne occurs
when pO2 is reduced, leading to a maximum of ≈5.5x1020 cm−3 for a target concentration
of 0.8 at.% Ga. Surprisingly, this value is not very different from the maximum Ne in the
previously discussed case of AZO with a significantly higher cTAl=3.6 at.%. This points to a
more effective activation of Ga compared to Al, which will be discussed further in Chapter
6.5. Moreover, for GZO the pO2 process window, where the resistivity remains at its minimum
below 4x10−4 Ωcm is wider as compared to Fig. 50a. Since a similar effect has been also
observed in the pO2 dependence of ρ for Al doping when using ZnAl targets with lower Al
concentrations, it is probably not due to the different type of dopant but instead is attributed
to a low dopant concentration itself.
Besides the fine control of the oxygen partial pressure, the second most important process
parameter for the growth of AZO and GZO thin films is the substrate temperature TS . For
both dopant types and all target dopant concentrations it is generally observed that a resis-
tivity minimum exists corresponding to a certain optimum substrate temperature T ∗S . The
typical dependence of the electrical properties on TS is illustrated in Figure 52 for Al and
Ga doped ZnO, respectively. In both cases, the films were grown on fused silica substrates
while the oxygen partial pressure was fixed at the previously determined optimum value of
p∗O2 ≈ 0.5 pO2,tot. The analysis of Hall-effect data reveals that the appearance of the re-
sistivity minimum at T ∗S is caused by corresponding maxima in charge carrier mobility and
density. In the temperature range below T ∗S both µ and Ne show a concomitant increase with
substrate temperature. In the examples shown here, the mobility is improved from values
below 10 cm2/Vs by a factor of 3-4 and also the carrier density is approximately doubled at
T ∗S , when compared to deposition on unheated substrates. This suggests that the higher ad-
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atom mobility at elevated TS leads to an improved crystalline structure and thus to reduced
scattering of free electrons and tentatively to a more effective incorporation of the dopant
atoms in the host lattice. However, these preliminary assumptions are questioned by the de-
terioration of the electrical properties that sets in for TS > T ∗S . This effect is reflected in Fig.
52 by a simultaneous decrease in mobility and Ne above 250◦C for AZO and above 500◦C for
GZO, respectively. Finally, in the case of AZO with cTAl=3.6 at.% even electrically insulating
films are obtained at substrate temperatures above ≈350◦C as indicated by the shaded area.
Therefore, another mechanism must be acting against the beneficial effect of high substrate
temperatures for the growth of doped ZnO thin films.
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Figure 52: Electrical properties and film growth rate as a function of substrate temperature for
reactive sputtering of a)-c) ZnAl with 3.6 at.% Al and O2 partial pressure fixed at the optimized value
of (77±3) mPa, and d)-f) ZnGa with 0.8 at.% Ga and pO2=(74±3) mPa. Both sample series were
grown on fused silica at pAr=0.7 Pa.
As will be discussed in the subsequent chapters this deterioration effect arises from an in-
terplay between structural and compositional changes in the material, which is connected to
the typical decrease of film growth rate at increasing substrate temperature. The latter is
primarily a result of the enhancement of the desorption of the high vapour pressure metal Zn
at higher substrate temperatures [267]. Therefore, in the example shown here a significant
growth rate reduction by a factor 3 to 5 is observed at the highest TS relative to the rate
on unheated substrates. In comparison to Zn, the vapour pressure of Al and Ga is negligible
so that they remain on the substrate and their concentration within the film increases with
increasing TS [134]. On the other hand, this implies that Zn-rich films might form at the
lowest substrate temperatures under Zn rich growth conditions. These films are usually ab-
sorbing light in the visible spectral range and appear yellow to brown in transmission, which
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is schematically indicated in Fig. 52. Altogether these effects define a process window in
terms of substrate temperature range where transparent and conductive Al and Ga doped
ZnO films can be obtained.
Until now it was shown that the best electrical properties of AZO and GZO are achieved at
certain optimum values of oxygen partial pressure and substrate temperature. As a next step
the interplay between both deposition parameters has been investigated. For this purpose
three AZO sample series with a variable substrate temperature were prepared each at a
different working point of the reactive discharge as shown in Fig. 53. This was achieved by
deliberately adjusting the target voltage in such a way that pO2 was varied around 0.5 pO2,tot
while using a fixed oxygen flow to maintain a stable pO2,tot=(149±3) mPa. It is observed that
the optimum substrate temperature T ∗S shifts significantly from 300◦C to 450◦C when pO2 is
increased from 60 to 83 mPa. While the maximum µ remains stable around 33 cm2/Vs, the
maximum value of the electron density increases strongly from 4.2×1020 to 6.6×1020 cm−3
for the lowest pO2.
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Figure 53: Influence of pO2 on the substrate
temperature dependence of electrical proper-
ties of AZO films grown on fused silica sput-
tered using cTAl=1.7 at.% and pAr=1.8 Pa.
The oxygen partial pressure was changed for
each sample series by adjusting the target volt-
age at constant oxygen flow.
Thus, the lowest minimum resistivity of 3x10−4 Ωcm is reached within the series deposited
at the lowest pO2, but at the cost of an increased free charge carrier absorption in the near
infrared. The influence of pO2 on the TS dependence of the electrical properties can be
explained in terms of the increased metal to oxygen flux ratio towards the substrate when
pO2 is decreased at constant O2 flow. Under metal rich growth conditions, i.e. low pO2,
the desorption of the surplus Zn sets in already at lower substrate temperatures because not
enough O is available to completely oxidize the incoming Zn. This leads to a more rapid
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enrichment of Al atoms with increasing TS and an earlier deterioration of electrical properties
indicated by the decrease of T ∗S . Furthermore, metal rich growth conditions may suppress the
formation of compensating acceptor type zinc vacancy defects [268], leading to the enhanced
electron concentrations at high metal to oxygen flux ratios. This effect may be used to some
extent to realize high quality AZO films by reactive sputtering at low substrate temperatures.
However, if Zn-rich conditions are combined with lowest TS eventually metallic Zn might
precipitate leading to a strong decrease of the optical transmittance [186]. Therefore, in this
work the target voltage controlled operation was used to maintain a pO2/pO2,tot ratio of ≈0.5
that yields highest mobilities at moderate electron densities.
6.1.2 Influence of target dopant concentration and substrate material
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Figure 54: Electrical properties vs. substrate
for Al doped ZnO temperature grown on fused
silica using four target sets with different Al
concentrations cTAl and pAr=1.8 Pa. An in-
crease of the optimum substrate temperature
T ∗S and the maximum mobility with decreas-
ing Al content is clearly observed.
As a third deposition parameter the impact of the target dopant concentration on the elec-
trical properties was examined. For this purpose the previously described method of oxygen
partial pressure optimization at constant oxygen flow has been performed for several ZnAl
alloy targets with different target Al concentrations cTAl. Subsequently sample series under
a variation of TS were prepared on fused silica substrates at an Ar pressure of 1.8 Pa. A
comparison of the electrical properties of these series is shown in Figure 54. The characteris-
tic dependence of the electron mobility on the substrate temperature behaviour is found for
107
108 6 Results II: ZnO-based thin films
all target Al concentrations, while the value of T ∗S and the absolute value of the maximum
mobility show a systematic increase, when the Al content in the sputter target is reduced.
The maximum mobility of 46 cm2/Vs was achieved both for cTAl=0.7 and 1.7 at.% at 400◦C
and 350◦C, respectively. At higher substrate temperatures only a gradual mobility decrease
with TS is observed for cTAl=0.7 at.%, while in the case of cTAl=1.7 at.% a significant drop of
µ(TS) occurs in the studied temperature range. The onset of this deterioration of µ at already
200◦C limits the maximum mobility to 12 cm2/Vs in case of the target with the highest Al
content of cTAl=8.7 at.%. In the three sample series with the lowest cTAl values also the electron
concentration exhibits a peak or a broad plateau around its maximum value at T ∗S , before
decreasing for TS  T ∗S . The maximum Ne value increases from 3.8 to 6.2x1020 cm−3 when
cTAl is increased from 0.7 to 3.6 at.%. Only in the sample series with the highest Al content
no decrease of Ne for high TS is observed, which is probably a Hall effect measurement
artefact since the sample grown at 250◦C was found to be laterally inhomogeneous. As a
result of the changing temperature dependence of µ and Ne the overall resistivity minimum
of 2.3x10−4 Ωcm is found at TS=350◦C for cTAl=1.7 at.% [86]. For the higher target Al con-
centrations of 3.6 at.% and 8.7 at.% the ρ minimum moves to lower substrate temperatures
and increases in value because of the reduced maximum mobility. Although in the case of the
lowest target concentration of 0.7 at.% Al the overall highest maximum mobility is reached,
the minimum resistivity is no longer be achieved because of the insufficient Ne. The optimum
values of electron mobility and density together with T ∗S for AZO and GZO films grown on
fused silica are summarized in Table 11 for the different target dopant concentrations cTD. For
Al doping an inverse trend with an increasing µ and a decreasing Ne towards lower cTAl values
is observed. Due to the limited solubility of metallic Ga in Zn only one ZnGa target with 0.8
at.% Ga is studied here. The corresponding best resistivity and Ne values are comparable to
the ZnAl target with the lowest dopant concentration.
cTD T
∗
S ρ µ Ne
(at.%) ◦C (10−4 Ωcm) (cm2/Vs) (1020 cm−3)
0.7 Al 500 3.8 43 3.8
0.8 Ga 500 3.5 44 4.0
1.7 Al 350 2.3 46 6.0
3.6 Al 250 3.9 25 6.2
8.7 Al 200 11.7 12 4.7
Table 11: Summary of best electrical properties of polycrystalline AZO and GZO thin films on fused
silica achieved at optimum substrate temperature T ∗S after previous pO2 optimization for different
target dopant concentrations cTD.
The film growth rates as a function of substrate temperature for the previously discussed
AZO samples series are shown in Figure 55. All series exhibit the typical decrease of growth
rate with increasing TS caused by the desorption of Zn from the growing film. The total
range of 2 nm/s to 0.4 nm/s demonstrates that this effect is quite pronounced and must be
compensated by an increased deposition time in order to keep the film thickness within in the
range of 300 to 400 nm over the full TS range. For low substrate temperatures the growth
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rates are not equal because the different target consumption and Al content in the targets
result in different discharge powers for each sample series. Nevertheless, it is clearly observed
that for TS above 200◦C the growth rate drops substantially stronger with increasing target
Al content, which is indicated by the arrow. This suggests that the Zn desorption is promoted
due to the preferential oxidation of an increasing amount of Al during the film growth.
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Figure 55: Growth rate of AZO thin films
on fused silica vs. substrate temperature for
different target Al concentrations. The data
points are corresponding to Figure 54.
Altogether, the comparison given in Figure 54 reveals that an increase in the target Al concen-
tration leads to an onset of the temperature induced deterioration of the electrical properties
at significantly lower substrate temperatures. In turn, this results in a strongly diminished
maximum free electron mobility and also narrows the TS process window, where highly con-
ductive ZnO-based films can be obtained. While for the lowest cTAl the AZO films remain
highly conductive up to TS=600◦C, electrically insulating samples were obtained in the case
of 3.6 and 8.7 at.% already at comparably low substrate temperatures above 300-350◦C.
As a final step to achieve highest free electron mobilities also epitaxial growth of AZO and
GZO on single crystalline c-plane sapphire substrates was investigated. For this purpose the
Al2O3(001) single crystals were subject to a surface treatment in a capacitively coupled RF
oxygen plasma. This procedure was shown to facilitate single-domain epitaxy of sputtered
undoped ZnO films, with a high degree of in-plane ordering [202].
Since the investigations of doped polycrystalline ZnO films on fused silica showed that maxi-
mum mobilities could be achieved for targets with the lowest doping concentrations, mainly
the targets with cTAl=0.7 at.% and cTGa=0.8 at.% were used for the epitaxial growth studies.
Following the previously described procedure of pO2 optimization at constant oxygen flow, an
optimum oxygen partial pressure of (75±3) mPa was determined for these two target com-
positions. Subsequently the substrate temperature was varied with pO2 fixed at this value,
resulting in the electrical properties shown in Fig. 56. For both targets a continuous decrease
of resistivity with TS down to a minimum value of 2.9x10−4 Ωcm at 500◦C is observed, which
is below the best ρ(T ∗S) values achieved for growth on fused silica (cf. Tab. 11). This im-
provement is the result of an increase of the electron mobility in the epitaxial films, whereas
the electron density was found to be equal within error limits in the whole TS range for both
epitaxial and polycrystalline films. In particular at TS=500◦C the epitaxially grown films
exhibit a maximum mobility of 54-56 cm2/Vs, which exceeds the best polycrystalline mobil-
ity of 43-46 cm2/Vs indicated by the hatched area. It should be noted here that for sputter
targets with higher Al concentrations, i.e. cTAl=3.6 and 8.7 at.%, film growth on Al2O3(001)
did not result in improved electron mobilities. This suggests that a too high Al concentration
suppresses high quality epitaxy of ZnO films on c-plane sapphire (see Chapter 6.2).
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GZO epitaxially grown on c-plane sapphire
at pAr=0.7 Pa using the lowest target dopant
concentrations to achieve highest electron mo-
bilities of up to 56 cm2/Vs.
6.1.3 Summary
In summary, it has been shown that the growth of Al and Ga doped ZnO-based thin films
with highest free electron mobilities at moderate electron concentrations requires a multi step
approach for the optimization of the reactive sputtering process. The latter is based on the
fine tuning of pO2 at constant oxygen flow by means of discharge voltage control in conjunction
with a systematic variation of the substrate temperature to establish a process window in the
vicinity of interdependent optimum values p∗O2 and T ∗S , where maximum electron mobilities
are obtained. For substrate temperatures above the optimum value a significant deterioration
of the electrical properties sets in. A systematic study of this effect revealed that T ∗S shifts
to higher temperatures when the target dopant concentration is reduced, while at the same
time the maximum mobility value increases. The micro-structural changes accompanying
the substrate temperature induced improvement and subsequent deterioration of the electron
mobility are further investigated in Chapter 6.2. Results on the influence of Al and Ga
doping on the optical film properties of ZnO are presented in Chapter 6.3. The origin of the
substrate temperature dependence of Ne in the AZO and GZO films is discussed in terms
of the elemental composition and dopant activation in Chapter 6.5. Best mobility values of
56 cm2/Vs and 46 cm2/Vs could be achieved in the Ne range of 4 to 6x1020 cm−3 for epitaxial
films on c-plane sapphire substrates and for polycrystalline films on fused silica, respectively.
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6.2 Crystalline structure and local bonding arrangement
In order to illuminate the origin of the characteristic behaviour of the electrical properties of
AZO as a function of substrate temperature, the micro-structure of the thin films is analyzed
by a combination of XRD and cross-sectional transmission electron microscopy (X-TEM). In
addition X-ray absorption near edge structure (XANES) measurements probing the chemical
environment of the Al dopant in ZnO were performed. In particular the structural inves-
tigation is focused on understanding the reason for the observed deterioration of electrical
properties of Al doped ZnO when the substrate temperature is increased above its optimum
value. In the first section the micro-structural changes of polycrystalline ZnO and AZO films
in dependence of the substrate temperature and sputter target composition are discussed.
The second section deals with the effects of Al doping on epitaxial growth of ZnO films on
c-plane sapphire. Afterwards, the structure of strongly disordered and electrically insulat-
ing AZO films obtained at high substrate temperatures is analyzed by means of synchrotron
based XRD and X-TEM imaging. Finally, the results of the XANES investigations on AZO
films with different Al concentrations are discussed.
6.2.1 Influence of substrate temperature and Al concentration
Initially, for comparison with the Al doped films, undoped polycrystalline ZnO thin films have
been reactively sputtered on fused silica at different substrate temperatures after a previous
optimization of oxygen partial pressure and pAr fixed at 1.8 Pa.
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Figure 57: XRD analysis of undoped polycrystalline ZnO films grown at variable substrate temper-
ature on fused silica. a) Aligned ω-2Θ scan and rocking curves (inset) of the sample grown at 500◦C
exhibiting strong axis-texture with small mosaic tilt. (b) Analysis of ZnO(002) peak indicating a
continuous reduction of mosaic tilt and and macro-strain with increasing substrate temperature.
These samples exhibit the c-axis fibre texture typical for sputtered ZnO indicated by the ab-
sence of diffraction peaks other than (00l) in the ω-2Θ scans, as it is shown in Figure 57a. The
processes governing the self-textured growth of ZnO with preferred c-axis orientation are not
entirely understood [269]. However, according to Fujimura, the (001) basal plane has the
lowest surface energy density in wurtzite ZnO [270]. Hence, the c-axis self-texture might be
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attributed to the minimization of surface free energy, which is promoted by the higher surface
diffusivity of ad-atoms at elevated TS . This is in agreement with the observed continuous im-
provement of the structural quality of the films with increasing substrate temperature. While
for the lowest substrate temperature only the (002) peak can be detected, up to three (00l)
diffraction orders appear above TS=500◦C. Since the rocking curve (RC) FWHMω was found
to be equal for all diffraction orders of each sample, it is concluded that the ω broadening
is due to mosaic tilt of the grains. The mosaic tilt angle obtained from the rocking curve
FWHMω of the (002) reflex is rapidly decreasing with TS reaching a minimum value of 1.80◦.
Moreover, the (002) peak shows a monotonous shift towards higher 2Θ angles, from which
the macro-strain along the c-axis was determined (Fig. 57b). For the lowest substrate tem-
perature the unit cell is still significantly elongated along the c-axis, which can be attributed
to a strong compressive in-plane stress caused by energetic particle bombardment [271]. Most
of this stress is already relieved at ≈200◦C and afterwards only a slight c-axis compression of
about -0.1% remains, that is probably due to thermal stress originating from the mismatch
between substrate and film thermal expansion coefficients, i.e. α(f-SiO2) < α(ZnO). From
these findings it would be expected that high substrate temperatures are also beneficial for
the growth of highly conductive Al doped ZnO, which is obviously in contradiction to the
existence of optimum TS values discussed in Chapter 6.1.
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Figure 58: a) FWHMω of ZnO(002) rocking curves and b) out-of-plane macro-strain calculated from
(002) peak shifts as a function of TS for polycrystalline AZO films sputtered from ZnAl targets with
different target Al concentrations. The corresponding electrical properties are shown in Fig. 54.
Therefore, in a next step the influence of Al doping on the structural properties of poly-
crystalline AZO films is investigated. Also these films exhibit a preferred c-axis orientation
of the crystallites, such that for most samples only (00l) diffraction peaks are observed in
ω-2Θ scans. In addition, for some of the samples grown at TS ≤ 100◦C also a low intensity
ZnO(101) reflex appears, indicating structural disorder. However, the latter is neglected in
the peak analysis due to its relative intensity of only a few percent compared to ZnO(002).
Figure 58 summarizes the dependence of the structural parameters of Al doped ZnO films
on the substrate temperature. This comprises the previously discussed four sample series on
fused silica, which were reactively sputtered using target Al concentrations in the range of
0.7 to 8.7 at.%. and pAr=1.8 Pa (see Fig. 54). In contrast to the undoped ZnO films, here a
two-stage evolution of micro-structure with increasing TS is clearly observed. Starting from
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6 Results II: ZnO-based thin films 113
low TS in each sample series the RC width, indicative of the mosaic tilt angle, decreases to
reach a minimum near the optimum substrate temperature T ∗S , derived from the Hall-effect
measurements. The minimum tilt angle of ≈2.3◦, obtained for the lowest doping concentra-
tion of cTAl=0.7 at.%, is still comparable to the value of undoped ZnO, whereas with increasing
target Al concentration the minimum tilt angle increases up to about 7◦ for cTAl=8.7 at.%.
When the substrate temperature is raised above T ∗S the rocking curve width is increasing
again, indicating a reduced degree of c-axis texture. This is accompanied by a diminished
ZnO(002) intensity, which prevents the quantitative peak analysis especially for the electri-
cally insulating samples obtained above T ∗S for cTAl=3.6 and 8.7 at.%.
Also the macroscopic strain derived from the (002) peak shift shows a complex dependence
on TS when Al is added to the sputter target (Fig. 58b). Similar to undoped ZnO, initially
a release of compressive in-plane strain and a change of sign to tensile strain with increasing
TS is observed for cTAl=1.7 and 3.6 at.%. This is reflected in a lowered c-axis lattice spacing,
that reaches a distinct minimum of about -0.2 % near T ∗S for both sample series. This value
is slightly below the constant strain value found for the films sputtered from the target with
the lowest Al content, while in the case of cTAl=8.7 at.% a maximum deviation of -0.4% com-
pared to the bulk reference occurs at T ∗S=200 ◦C. It is noted that for all AZO sample series
the maximum tensile in-plane strain is larger than in the case of undoped ZnO. Therefore, a
tentative explanation for the trend towards lower c-plane spacings with increasing Al target
concentration would be the substitution of Zn2+ by the smaller Al3+ ion, which leads to a
contraction of the unit cell. At TS ≥ T ∗S the (002) lattice spacing tends to return to the un-
strained reference value, as can be seen for cTAl=1.7 and 3.6 at.%. However, the larger error
bars reflect an increased uncertainty in the determination of the peak position due to a strong
increase in peak broadening.
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Figure 59: a) 2Θ Integral breadth of the (002) diffraction peak as a function of TS for AZO films
prepared with different target Al concentrations. b) Corresponding micro-strain in c-axis direction, as
a result of Williamson-Hall size-strain separation. Missing data points indicate that the films were
not suitable for this analysis due to too low diffracted intensity in the higher (00l) diffraction orders.
This effect is illustrated in Figure 59a, where the 2Θ peak broadening as a function of TS
is compared for the different target Al concentrations. Within each sample series, also the
integral breadth of the ZnO (002) peak exhibits a minimum near the optimum T ∗S and increases
for higher substrate temperatures. Furthermore, higher integral breadth minimum values
and a more pronounced increase in broadening for TS>T ∗S is observed as cTAl is increased.
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In order to separate grain size and micro-strain effects on the diffraction peak broadening,
a Williamson-Hall (WH) analysis was performed for the AZO samples (Fig. 59b), where
at least two ZnO(00l) diffraction orders could be measured with sufficient signal to noise
ratio. Hence, the method is limited to films with a high degree of c-axis texture, which
requires a minimum substrate temperature of about 200 ◦C. As already stated in Chapter
4.4.2, it is found that for a typical film thickness of about 350 nm only the micro-strain
but no grain size along the c-axis direction (L⊥) can be obtained from the analysis. This
indicates that for these samples L⊥ is in the order of the film thickness and its contribution
to the 2Θ peak broadening is negligible. The result of the size-strain analysis shown in
Figure 59b demonstrates that, for the lowest target Al concentrations of 0.7 and 1.7 at.%,
the increased peak broadening at substrate temperatures above T ∗S is caused by an increasing
micro-strain. This indicates an increasing fluctuation in the lattice plane spacing along the
c-axis for TS ≥ T ∗S , which is enhanced when the target Al concentration is increased from
0.7 to 1.7 at.%. Also the large micro-strain value obtained for the sample deposited at
T ∗S=250 ◦C using the sputter target with cTAl=3.6 at.% confirms this trend. The increase
in structural disorder of the AZO films with increasing target Al concentration is further
indicated by the absence of higher ZnO(00l) diffraction orders in the XRD pattern of the
remaining samples of the cTAl=3.6 and 8.7 at.% series, which prevents the application of the
WH-analysis. Therefore, a decisive statement about the origin of the peak broadening in
these disordered films cannot be made from XRD alone. However, the significant increase
in the ZnO(002) integral breadth for cTAl=3.6 and 8.7 at.% suggests that in these samples, in
addition to a large micro-strain, also the grain size L⊥ might decrease above for TS>T ∗S . Still,
it is important to note that the frequently used approach of obtaining L⊥ of ZnO thin films
directly by the application of Scherrer’s formula (94) leads to an underestimation of L⊥
[272, 273, 274, 86].
6.2.2 Epitaxial growth on α-Al2O3(001)
The epitaxial growth studies of ZnO based thin films on c-plane sapphire are mainly performed
using the low concentration alloy sputter targets with cTAl=0.7 at.%, cTGa=0.8 at.% and a pure
Zn target. For the purpose of a direct comparison of polycrystalline and epitaxial growth,
sample series at variable substrate temperature and pO2 fixed at previously optimized values
were deposited on fused silica and Al2O3(001) substrates under the same conditions in one
deposition run. On both substrate types the films exhibit a mosaic structure with pronounced
c-axis texture, such that their crystalline quality can be compared by the width of the out-of
plane ZnO(00l) rocking curves as a measure of the mosaic tilt angle of the crystallites with
respect to substrate normal [243].
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The comparison of the ZnO(002) FWHMω of undoped ZnO films shown in Fig. 60a illustrates
that epitaxial growth results in a reduced degree of mosaic tilt of the grains as compared to
polycrystalline films in the whole range of substrate temperatures. On both substrates the
structural quality improves with increasing TS , while especially on Al2O3(001) the trend sug-
gests further improvement at even higher TS . A minimum value of FWHMω=0.39◦ is achieved
in case of epitaxial growth of undoped ZnO at TS=600◦C. This is comparable to high qual-
ity films prepared at the same TS , where FWHMω values of 0.35◦ and 0.16◦ were reported
for reactive PLD [275] and reactive radio-frequency magnetron sputtering [276], respectively.
ZnO films with a mosaic tilt below 0.06◦, approaching the structural quality of bulk single
crystals, were prepared on Al2O3(001) using a two step PLD process with ceramic targets
and TS=750◦C by Lorenz et al. [85].
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Figure 60: Comparison of ZnO(002) rocking curve widths as a function of substrate temperature for
film growth on fused silica and c-plane sapphire substrates under identical deposition conditions. a)
undoped ZnO and b) Ga doped ZnO with cTGa=0.8 at.%. The corresponding electrical properties of
the GZO sample series are shown in Fig. 56 and 52.
The improvement of micro-structure by means of epitaxial growth on Al2O3(001) as compared
to deposition on fused silica is also observed in the case of reactive magnetron sputter depo-
sition of Al and Ga doped ZnO films. This is demonstrated in Figure 60b for Ga doped ZnO
with cTGa=0.8 at.%, where epitaxy on c-plane sapphire leads to a reduction of the minimum
average tilt angle of the crystallites from ∼2.5◦ to 1◦ at the optimum substrate temperature
of T ∗S=500◦C. The latter is in qualitative agreement with the accompanying increase of the
electron mobility from 44 to 54 cm2/Vs at the same electron density of ∼4x1020 cm−3. More-
over, using a target with cTAl=0.7 at.% similar results, i.e. FWHMω=0.87◦ and µ=56 cm2/Vs,
were achieved for epitaxial Al doped ZnO under optimized growth conditions. It is impor-
tant to note here, that the mosaicity of the polycrystalline Ga doped films increases when
deposited at temperatures above T ∗S . This indicates that the growth temperature induced
micro-structural deterioration is also present in Ga doped ZnO.
Furthermore, epitaxial thin films are characterized by their crystallographic orientation with
respect to the substrate. The out-of-plane epitaxial relation of ZnO on c-plane sapphire is
simply given by ZnO(001) ‖ Al2O3(001), which can be directly inferred from the typical
aligned symmetric ω-2Θ diffraction pattern consisting only of (00l) reflexes of film and sub-
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strate as shown in Figure 61a. The in-plane orientation of the films is investigated by means
of ϕ scans on different lattice planes that are inclined by an angle χ against the c-axis. The
symmetric diffraction condition with ω=Θ and 2Θ fixed at the Bragg angle of the respective
plane is used, while the sample is tilted by χ against the ϕ rotation axis. The number and
ϕ position of the resulting diffraction peaks shown in Figure 61b reveal that the films have
only one rotational domain, where the basal plane of the hexagonal ZnO unit cell is rotated
by 30◦ with respect to the rhombohedral Al2O3 lattice. Therefore, the in-plane epitaxial
relation is given by ZnO[100] ‖ Al2O3[110], which is in agreement with literature reports
[243, 85, 202]. The latter is attributed to the large mismatch of about 31% between the a-axis
of ZnO and sapphire, which does not favour direct lattice matching epitaxy. Instead, the
observed in-plane rotation of the film unit cell with respect to the substrate indicates that
domain matching epitaxy occurs, where aZnO is matched to aAl2O3/
√
3. This is in agreement
with a high resolution TEM study of Narayan and Larson [240] demonstrating domain
matching with a lattice plane ratio of 5/6 or 6/7 in the epitaxial ZnO/Al2O3(001) system.
The misfit strain is relieved by the formation of dislocations in the vicinity of the interface
that may extend significantly into the bulk of the ZnO film. It is also consistently reported
that the large lattice mismatch leads to a change from 2D to 3D growth mode at a film
thickness of only a few nm in the case of ZnO deposited on c-plane sapphire by MBE [277],
rf-MS [278] and PLD [240]. This results in a columnar mosaic film structure, where neigh-
bouring crystallites are separated by small angle grain boundaries. According to Srikant et
al. [243] the slight misorientation between the grains arises from material specific screw and
edge dislocations, which can be described in terms of angular distributions of tilt and twist
of the crystallites with respect to the substrate normal. Moreover, it is known that in case
of epitaxial growth of undoped ZnO on Al2O3(001) the degree of tilt and twist of the mosaic
blocks is reduced simultaneously with increasing TS [276]. This is in good agreement with the
observed narrowing of the out-of-plane rocking curves at elevated TS shown earlier in Figure
60a and it can be concluded that the sample with the lowest tilt also has the lowest value of
in-plane twist.
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Figure 61: XRD characterization of a high mobility (µ=55 Vs/cm2) Ga:ZnO film grown on c-plane
sapphire by reactive sputtering at TS=500◦C. a) Aligned symmetric ω-2Θ scan showing c-axis texture.
The rocking curve FWHMω of the three ZnO(00l) peaks is 1.0◦. Unlabelled diffraction peaks originate
from Cu-Kβ and W-Lα wavelengths. b) ϕ scans (χ 6=0) of different ZnO and sapphire lattice planes
showing single domain growth with a 30◦ in-plane rotation of the ZnO unit cell relative to the substrate.
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Since investigations on the influence of extrinsic doping on the mosaicity of epitaxial ZnO
on c-plane sapphire are rarely reported in literature, this effect will be discussed briefly in
the following. For this purpose three combined pole figures (ϕ-χ maps) of the samples grown
at optimum substrate temperature using an undoped target, cTAl=0.7at.% and 3.6 at.%, re-
spectively, are compared in Figure 62 a)-c). It should be noted that ’optimum substrate
temperature’ refers to the sample with the narrowest ZnO(002) FWHMω of each TS sample
series, which is equivalent to T ∗S , where the maximum electron mobility is observed in the case
of Al doping (cf. Tab. 11). Therefore, the selected samples represent the highest structural
quality that was achieved for each target composition. Each combined pole figure consists of
several individual pole figures corresponding to one inclined lattice plane of the film or the
substrate as schematically shown in part d) of the figure.
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Figure 62: Combined XRD pole-figures of ZnO films prepared on c-plane sapphire using the optimum
growth conditions for different target Al concentrations: a) undoped ZnO, T ∗S=600◦C, b) cTAl=0.7 at.%,
T ∗S=500◦C, µ=56 cm2/Vs, and c) cTAl=3.6 at.%, T ∗S=250◦C, µ=25 cm2/Vs.
The mutual c-axis of substrate and film defines the center of each figure, while the distance of the
diffraction reflexes/rings corresponds to a set of lattice planes with a tilt angle χ relative to the c-
axis as indicated in d). The sharp diffraction lines in a) and b) originate from the single crystalline
substrate and are omitted in c).
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It is observed that both the undoped and the low Al concentration ZnO film exhibit a well
defined in-plane epitaxial relationship to the sapphire substrate. Also the previously discussed
30◦ in-plane rotation is clearly visible in terms of the ϕ difference of the ZnO(112) and the
Al2O3(116) peak positions for both samples. Moreover, the ZnO related diffraction peaks of
the AZO film with cTAl=0.7 at.% are slightly broadened in the ϕ direction as compared to the
undoped film, indicating an increasing twist of the mosaic blocks. In contrast, the pole figure
of the highly doped sample with cTAl=3.6 at.% consists only of rings with nearly constant
intensity. Therefore, although it is deposited on Al2O3(001), this AZO film has no defined in-
plane orientation and it is structurally equivalent to its polycrystalline twin sample deposited
on fused silica. This explains why the maximum mobility of 25 cm2/Vs could not be improved
by hetero-epitaxy in case of the target set with cTAl=3.6 at.%. While the ϕ broadening in the
pole figures already provides a qualitative trend, rocking curve measurements of lattice planes
with large inclination angles χ close to 90◦ are required for determining the in-plane mosaic
twist angle [243]. Figure 63 shows a comparison of the ZnO(002) and ZnO(201) (χ=74.5◦)
rocking curves of the three representative samples. The mosaic tilt angle increases from 0.39◦
in case of undoped ZnO to 5.8◦ for the high Al concentration target with cTAl=3.6 at.%.
The mosaic twist angle, i.e. the ZnO(201) FWHMω, is generally larger than the tilt angle
and already the optimum sample with the lowest Al concentration has a three times larger
twist angle compared to the undoped film. In case of cTAl=3.6 at.% no twist angle could be
determined, since the rocking curve showed constant intensity, which is in agreement with
the absence of in-plane order in the pole figures.
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Figure 63: a) Out-of-plane ZnO(002) and b) ’in-plane’ ZnO(201) rocking curves and corresponding
FWHMω values of films deposited on sapphire at optimum growth conditions using different Al target
concentrations. The samples are the same as in Figure 62. With increasing cTAl an increase in out-of-
plane mosaic tilt and in-plane mosaic twist angle is inferred from the increase of the FWHMω.
These results demonstrates that reactive magnetron sputtering is suited for the growth of
epitaxial ZnO thin films on c-plane sapphire with a significantly lower degree of mosaicity
compared to deposition on fused silica. However, the improvement in mosaic tilt and twist
is limited to low Al and Ga concentrations, where it is accompanied by an increased electron
mobility. Nevertheless, even in epitaxial films the scattering at charged defects associated with
the abundant small angle grain boundaries considerably contributes to the charge transport,
which is discussed in Chapter 6.4. Increasing cTAl leads to a deterioration of the structural
quality and eventually prevents the epitaxial growth of highly Al doped ZnO.
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6.2.3 Degradation at elevated growth temperatures
Until now, the micro-structure of polycrystalline undoped and Al doped ZnO films has been
characterized by means of the rocking curve FWHMω, peak position and integral breadth
of the ZnO(002) peak and its higher diffraction orders. In contrast to undoped ZnO, in all
Al doped ZnO sample series a deterioration of the film micro-structure is observed when TS
is increased above the optimum T ∗S , where the best electrical properties are achieved. This
effect is reflected in an increased ZnO(002) peak broadening, indicating both a reduced de-
gree of c-axis texture (ω scan) and an increased inhomogeneous strain (ω-2Θ scan) at further
increased substrate temperatures. Moreover, this is accompanied by a drop of the integral
intensity of the ZnO(002) peak for TS>T ∗S , which is enhanced at higher target Al concen-
trations. Eventually, in the case of deposition conditions, where electrically insulating AZO
films are obtained, the respective ω-2Θ diffraction patterns are nearly featureless. The latter
effect was repeatedly observed for the following combinations of ZnAl target composition and
substrate temperature: cTAl=8.7 at.% and TS ≥300 ◦C, cTAl=3.6 at.% and TS ≥400 ◦C (see
Fig. 54), and also for a third target set with cTAl=4.7 at.% and TS ≥350 ◦C. Furthermore,
it is noteworthy that insulating and apparently X-ray amorphous AZO films were also ob-
tained using sapphire substrates at the above mentioned deposition conditions. To further
investigate the structure of this strongly disordered material, representative AZO samples
were subject to additional XRD measurements at the Rossendorf beamline located at the
European Synchrotron Radiation Facility in Grenoble (France). Using a double beam Si(111)
monochromator the incident beam was set to the Cu-Kα1 wavelength of 0.15406 nm (reso-
lution ∆λ/λ ∼1.5x10−4). Figure 64 compares symmetric ω-2Θ scans around the ZnO(002)
peak position for two samples grown at different TS values using the target with cTAl=4.7 at.%.
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Figure 64: XRD patterns of reactively sputtered Al:ZnO films on fused silica using a ZnAl target
with cTAl=4.7 at.% as obtained in symmetric ω-2Θ geometry. Comparison of (1) a highly conductive
film (µ=25 cm2/Vs, ρ=4×10−4 Ωcm) grown at optimum substrate temperature of T ∗S=250◦C, (2) an
electrically insulating film grown at TS=350◦C, and (3) sample (2) after isothermal vacuum annealing
at 920◦C for 2 hours.
The diffraction pattern of the low-resistivity sample (1) consists of the characteristic ZnO(002)
peak at 2Θ=34.51◦ indicating c-axis texture and a compressive strain of ≈0.25% in the c-axis
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direction. On the other hand, in the case of an insulating sample (2) deposited at 350 ◦C, a
broad low intensity feature centered at ∼33.0◦ is observed. The latter corresponds to an inter-
planar distance about 4% larger than the reference value of the ZnO c-axis. Since this is one
order of magnitude larger than the macro-strain effects measured for conductive AZO films,
this peak shift is unlikely to be caused by elastic deformation of the ZnO unit cell (compare
Fig. 58). In addition, it is shown that the 2Θ position of the unknown diffraction peak also
cannot be attributed to the formation of the secondary phases Al2O3 and ZnAl2O4, which
would be expected due to their low formation enthalpies. Instead, the observed significant
lattice expansion of 4 % relative to ZnO(002) is in agreement with the increase of interplanar
distances of 2.3 to 12.7 % in a (ZnO)3Al2O3 homologous phase predicted by Yoshioka et
al. [279]. The representative structure of this phase consists of a repeating sequence of Zn-O
and Al-O atomic layers. The increased distance between the wurtzite ZnO like Zn-O layers
is attributed to a fraction of Al atoms that are not tetrahedrally coordinated as in the ide-
alized case of cationic substitution of Zn in ZnO. Furthermore, first principles calculations of
formation enthalpies indicate that the (ZnO)3Al2O3 homologous phase is metastable against
the formation of ZnAl2O4 spinel [280]. Hence, the layered structure is expected to decompose
into ZnO and ZnAl2O4 under thermodynamic equilibrium conditions. Indeed, isothermal vac-
uum annealing of the insulating sample at 920◦C for 2 hours (3) results in a mixture of the
wurtzite ZnO and the cubic ZnAl2O4 spinel phase. Therefore, both the lattice expansion and
the annealing behaviour of the insulating AZO samples obtained at TS>T ∗S can be explained
by the formation of a metastable (ZnO)3Al2O3 phase.
Complementary to the XRD analysis, selected samples were also investigated by cross-sectional
TEM.10 For this purpose thin AZO films were grown on Si substrates to simplify the sample
preparation procedure, while keeping the deposition conditions identical to those of the films
on the standard fused silica substrates. In the following two samples will be compared which
have been sputtered using the target set with cTAl=4.7 at.% either at the optimum substrate
temperature T ∗S resulting in a maximum electron mobility of ≈25 cm2/Vs or at very high TS
of 500◦C, where the material becomes electrically insulating and appears amorphous in X-ray
diffraction.
Figure 65: X-TEM overview and high resolution images of a highly conductive AZO thin film grown
on Si at optimum substrate temperature showing the columnar film structure.
10TEM imaging was performed using a FEI-Titan 80-300 kV microscope in collaboration with Dr. Arndt
Mücklich, HZDR
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The overview X-TEM image of the sample grown at T ∗S directly confirms the XRD results
for the highly conductive AZO samples (Fig. 65). The film is polycrystalline and consists of
columns with a diameter of approximately 25 nm that grow parallel to the surface normal
throughout the whole film thickness, indicating Zone 2 structure. The surface roughness of
≈15 nm is caused by the dome-rounded shape of these columns. The high resolution image
shows that the columns consist of well ordered crystallites (grains) and sub-crystallites, which
are oriented with the ZnO c-axis parallel to the substrate normal. Thus, the films are c-axis
fibre textured and the width of the ZnO(002) rocking curve is a measure for the width of the
angular distribution of the crystallite tilt. The maximum lateral extension of the crystallites
is given by the column diameter and they are separated by thin disordered grain boundary
regions with a thickness of a few monolayers.
Figure 66: X-TEM overview and high resolution images of an AZO thin film on Si grown at TS>T ∗S
resulting in strongly disordered nano-crystalline material, which is electrically insulating.
The X-TEM image of the electrically insulating AZO sample grown at TS>T ∗S reveals that
under these deposition conditions the film micro-structure changes dramatically (Fig. 66).
Instead of columnar crystallites the film consists of small irregular nano-crystallites with a
mean diameter of about 5 nm, which are completely randomly oriented. This is in agreement
with a TEM study of Sieber et al. who also found a fine grained structure in sputtered AZO
films for Al film concentrations above 5 at.% [281]. The small crystallite size and the strong
disorder finally explain why in XRD the high temperature AZO thin films obtained from
targets with cTAl=3.6, 4.7 and 8.7 at.% exhibit only very broad and low intensity diffraction
peaks. In the extreme case of very small crystallite size these samples may eventually appear
X-ray amorphous with no detectable diffraction peaks, when standard lab diffractometers are
used. Moreover, selected area electron diffraction (aperture diameter of 190 nm) was employed
in an attempt to identify the phase composition of the disordered material. However, due to
the very small crystallite size their individual diffraction patterns were superimposed, yielding
broadened and spotty diffraction rings. Within the resulting experimental uncertainty of
about 5%, the determined lattice spacings could be attributed to wurtzite ZnO and no other
crystalline secondary phases could be identified. Therefore, in the present work, the large
experimental uncertainty of electron diffraction does not allow for a distinction between ZnO
and the (ZnO)3Al2O3 homologous phase. By using the convergent electron beam diffraction
technique with a spot size of 2 nm, Sieber and co-workers confirmed the existence of nano-
crystalline inclusions of secondary phases like Al2O3 and ZnAl2O4 in their highly Al doped
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AZO samples [281]. However, no correlations between the secondary phase formation and the
growth conditions or the electrical film properties were discussed.
6.2.4 Element specific local chemical environment
The bonding structure of AZO films with sensitivity to the local chemical environment of
O, Zn and Al was probed by means of XANES measurements. The experiments were car-
ried out at the SURICAT soft X-ray beamline located at the BESSY-II synchrotron facility
(Berlin,Germany).11 The X-ray absorption signal was measured in terms of total electron
yield (TEY) ejected from the film surface by a pico ampere meter monitoring the current
flow through the grounded sample. The sample signal was normalized to that of a gold grid
located upstream in the X-ray beam path, to compensate the variation of the primary beam
intensity. Since electrical contact between sample and sample holder is required, the AZO
films were prepared on Si substrates covered with ∼2 nm thin native oxide.
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Figure 67: Oxygen K-, Zinc L-, and Al K-edge XANES spectra of undoped ZnO and AZO films with
different Al concentrations ranging from 2.1 to 19 at.% deposited by pulsed DC reactive magnetron
sputtering. Details of the sample preparation are explained in the text. Reference spectra of corundum
α-Al2O3 [282, 283] and berlinite AlPO4 [283] are shown for comparison together with the Al K-edge
of a PLD grown ZnO-Al2O3 film with 19 at.% Al adapted from [279].
11XANES measurements were performed in part in collaboration with Dr. Raul Gago (Instituto de Ciencia
de Materiales de Madrid, Spain).
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Figure 67 shows the O K-, Zn L-, and Al K-edge XANES spectra of reactive magnetron sput-
tered AZO films with different Al concentrations of up to 19 at.%, which was determined by
elastic recoil detection analysis. For this study, a set of characteristic samples was selected
in such a way that it represents the deposition conditions, where highly conductive and c-
axis textured (TS=T ∗S) or insulating and nanocyrstalline disordered AZO films (TS>T ∗S) are
obtained. The samples with 2.1 and 3 at.% Al were deposited at the optimum substrate
temperatures of T ∗S=350◦C and 250◦C using ZnAl targets with cTAl = 1.7 and 4.7 at.%, re-
spectively, yielding AZO films with maximum electron mobilities. On the other hand, the
samples with 16 and 19 at.% Al were grown at substrate temperatures of 350◦C and 400◦C
using cTAl = 4.7 at.%, i.e. above T ∗S , which results in the previously discussed deterioration of
electrical properties and micro-structure. The variation of the Al concentration in the films
is a result of the preferential desorption of Zn during film growth, which is discussed in more
detail in Chapter 6.5. An undoped ZnO film with high structural quality grown at TS=500◦C
serves as a reference to study the effect of Al incorporation into ZnO.
While the O K-edges of the 2.1 and 3 at.% Al samples show only subtle changes compared
to undoped ZnO, a broadening of the features and a shift of the intensity maximum from
537.8 eV (dashed line) to 539.2 eV is observed with further increasing Al concentration in the
AZO films. This can be attributed to the formation of an increasing number of Al-O bonds
and the high degree of micro-structural disorder in the films grown at TS>T ∗S revealed by the
XRD and TEM investigations. However, a more detailed interpretation of the O K-edge is
not possible here since the individual contributions from Zn and Al nearest neighbours are
difficult to separate. Also in case of the Zn L-edge a significant broadening occurs, leading to
the absence of the features in the range of 1028 to 1033 eV in the AZO films with the highest
Al concentration. In particular, the damping of the XANES fine structure in the O K- and Zn
L-edges might be caused by fluctuations of the inter-atomic distances, which is in qualitative
agreement with the increase of micro-strain observed in AZO films grown at TS>T ∗S and with
increasing cTAl.
It is known from comprehensive XANES studies of Al containing compounds that Al-K egde
spectra can be used as a fingerprint to identify the oxygen coordination of the Al atoms [284].
The Al K-edge of compounds, where Al is tetrahedrally coordinated to four oxygen atoms
(AlO4) has a dominant intense peak in the energy range of 1565.4-1566.8 eV (P1) related to
a 1s to 3p transition in the absorption cross section of Al. On the other hand, in compounds
where Al is exclusively in octahedral coordination to six oxygen atoms (AlO6), the P1 peak is
blue shifted by about 2 eV and occurs at 1567.5-1568.2 eV (P1*). In addition, a second feature
located at 1570.8-1572 eV (P2), which may have a comparable intensity to P1*, is observed
in case of AlO6 compounds [284]. The XANES spectra of berlinite (AlPO4) and corundum
(α-Al2O3) are added to Figure 67 as reference materials with Al only in tetrahedral (AlO4)
or octahedral (AlO6) coordination, respectively [283]. The blue-shift of the P1 to the P1*
peak and the appearance of the P2 is clearly visible when comparing both spectra. Further-
more, a comparison of the energy position and shape of Al K-edge of the Al doped ZnO films
with reference data excludes the formation of α-Al2O3 or spinel ZnAl2O4 compounds [279].
Instead, the Al K-edge structure suggests a mixed oxygen coordination of the Al dopant in
ZnO, similar to the case of certain naturally occurring minerals [284].
More specifically, the Al K-edges of the AZO films grown by pulsed DC reactive magnetron
sputtering consist of two dominating features. Their intensity increases with increasing Al
concentration in the films and the practical detection limit of the used XANES setup is es-
timated to be about 1 at.% Al in ZnO. Despite the broadening, the first resolved peak is
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situated at 1566 eV and therefore is attributed to the P1 feature characteristic of AlO4 coor-
dination. The second and most intense peak is located at 1571 eV and energetically close to
the P2 feature indicating a significant contribution of six-fold coordinated Al to the XANES
spectrum of AZO. The expected low energy P1* feature of AlO6 coordination is not clearly
resolved in the experimental spectra, but might also contribute to the measured signal. Nev-
ertheless, it is concluded that at least two different local chemical environments of the Al
atoms with oxygen coordination numbers of 4 and 6 are present in the Al doped ZnO films.
Moreover, the Al K-edges obtained in this work bear a strong resemblance to those of high Al
concentration AZO films grown by PLD as reported by Yoshioka et al. [279], which were
interpreted in terms of a saturated solid solution of ZnO and Al2O3. In this framework, it
was proposed that the Al K-edge shape is best explained by a local chemical environment of
the Al atoms with oxygen coordination numbers of 4, 5 and 6 corresponding to a metastable
homologous phase (ZnO)mAl2O3 (m=3). The similar Al K-edge shape of the AZO samples
with low Al concentrations suggests that inclusions of this phase are present even in highly
conductive films.
6.2.5 Discussion
The results presented in this chapter show that extrinsic doping with Al (and Ga) signifi-
cantly affects the evolution of the crystalline structure of the reactively sputtered ZnO films
in dependence of the substrate temperature.
In the case of undoped polycrystalline and epitaxial ZnO films an increase of TS up to 600◦C
results in a continuous structural improvement in terms of a higher degree of c-axis texture
accompanied by the release of macro-strain. This beneficial effect of elevated TS can be as-
cribed to the enhanced ad-atom surface diffusion [269] and to the annealing of intrinsic point
defects during film growth, which is facilitated by the low defect migration barriers in ZnO
[285]. In contrast, it is observed that the micro-structure and the electrical properties of the
Al doped ZnO films improve only up to a certain optimum substrate temperature T ∗S and
then begin to degrade simultaneously if TS is further increased.
Although such growth temperature induced deterioration was occasionally reported in lit-
erature, the AZO deposition conditions vary widely and a systematic investigation of this
effect is missing. In case of RF magnetron sputtering of ceramic targets optimum substrate
temperatures and corresponding target Al2O3 concentrations of 150◦C at 3 wt.% [286] and
250◦C to 350◦C at 2 wt.% were reported [187, 18]. Other authors report T ∗S values ranging
from 150◦C to 320◦C for reactive magnetron sputtering of AZO films using metallic targets
with cTAl between 4.7 and 1.2 at.%, respectively [287, 288]. Moreover, in some studies it was
shown that the increase of film resistivity above T ∗S is accompanied by an increase in the 2Θ
broadening of the ZnO(002) XRD peak [187, 289, 18], which is often interpreted as reduction
of grain size using the simple Scherrer relation [134, 289]. In general, the degradation of
structure and electrical properties of AZO at elevated substrate temperature is believed to
be caused by outdiffusion of Al from substitutional lattice sites and segregation of Al2O3
[134, 287]. However, experimental evidence supporting this assumption is scarce [281], since
the disordered film structure prevents a proper analysis of phase separation using conventional
methods.
The data obtained in the present work clearly shows that the structural degradation at
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TS ≥ T ∗S for a given cTAl is attributed to the increase of mosaicity (FWHMω) and micro-
strain (ω-2Θ integral breadth) as inferred from the ZnO(00l) diffraction peak analysis (see
Fig. 58a and 59). Furthermore, the structural degradation is more pronounced and sets in
at lower T ∗S values when the target Al concentration is increased. The grain size contribution
to the XRD peak broadening, however, was found to be negligible for cTAl up to 1.7 at.% and
growth temperature up to 500◦C while in case of higher Al concentrations micro-strain and
grain size effects could no longer be separated. Additional TEM investigations show that a
significant reduction of grain size occurs only for high target Al concentrations above 3.6 at.%
and TS ≥ T ∗S . In this context it is important to note, that charge transport is governed by
the lateral grain size, whereas the ZnO(00l) diffraction peak width probes the grain size in
direction of the substrate normal. Therefore, increased charge carrier scattering due to grain
size effects seems to be insufficient to explain the observed decrease of the electron mobility at
substrate temperatures above T ∗S and the drop of the maximum mobility value with increasing
cTAl (compare Tab. 11).
On the other hand, most information on secondary phase formation in the ZnO-Al2O3 sys-
tem is based on high temperature sintering studies of ceramic powders. Hansson et al.
constructed a ZnO-Al2O3 phase diagram for T>1200◦C [290]. They state that the thermo-
dynamic equilibrium solid solubility of Al2O3 in ZnO is less than 0.5 mol.% at 1550◦C and
decreases further towards lower temperatures. For Al concentrations above this limit a phase
equilibrium of wurtzite ZnO and spinel ZnAl2O4 occurs, while at high concentrations above
50 mol.% Al2O3 a mixture of spinel and corundum α-Al2O3 is formed. This behaviour is in
contrast to the ZnO-Ga2O3 and ZnO-In2O3 material systems where stable homologous phases
(ZnO)mX2O3 with X=(Ga,In) and m≥(7,3) are known to exist in a wide composition and
temperature range. In case of ZnO-Ga2O3 these homologous compounds compete with the
ZnGa2O4 spinel phase at concentrations below 50 mol.% of Ga2O3 and T>1250◦C [291, 292],
whereas in case of ZnO-In2O3 the corresponding spinel structure is not stable and various
homologous phases exist for all In2O3 concentrations above the solubility limit [293]. This
experimentally observed absence of ZnIn2O4 and tendency to spinel formation for X=(Al,Ga)
is consistent with the reported reaction enthalpies of ZnO with X2O3 as calculated by first
principles methods [108]. While the formation of ZnIn2O4 is endothermic, both Al and Ga
containing spinels form in an exothermic reaction. On the contrary, the formation of the ho-
mologous phases in the X=(Al,Ga) systems and their crystal structure is not yet completely
understood. Based on the well known (ZnO)3In2O3 structure as a prototype, Yoshioka et
al. calculated that the formation enthalpy of the (ZnO)3X2O3 homologous phase is lower
for X=Al than for X=Ga and also depends on the oxygen coordination of the X cations.
They concluded that although the formation of the cubic spinel phase is thermodynamically
favoured with respect to the (ZnO)3Al2O3 and (ZnO)3Ga2O3 homologous compounds, the
latter may exist as metastable phases [280].
Considering that thin film growth during magnetron sputtering is a non-equilibrium (i.e. ki-
netically limited) process and the maximum growth temperatures (<600◦C) are comparatively
low, it is plausible that complete phase separation into ZnO and ZnAl2O4 does not occur dur-
ing film formation. Under these growth conditions also the Al solubility is apparently larger
than the above-mentioned equilibrium limit, becauseNe values above 4x1020 cm−3 (equivalent
to 0.5 at.% Al in ZnO and ideal substitution of Zn2+ by Al3+) were achieved. Nevertheless,
with respect to Hansson’s phase diagram, all Al doped ZnO films prepared at TS above RT
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can be regarded as super-saturated ZnO-Al2O3 solid solutions12 because the Al concentration
is larger than 0.5 at.% (see Chapter 6.5). Furthermore, the observed expansion of the lattice,
the annealing behaviour and the shape of Al-K absorption edge of the insulating nanocrys-
talline AZO films obtained under extreme deposition conditions of TS  T ∗S and cTAl ≥3.6at.%
are consistently explained by the formation of a metastable (ZnO)3Al2O3 homologous phase.
Within the corresponding crystal structure the Al cations have oxygen coordination numbers
of 4 (tetrahedral), 5 (trigonal-bipyramidal) and 6 (octahedral) [279]. This can be interpreted
as an intermediate state between (ideal) wurtzite Zn1−xAlxO where Al coordination is purely
tetragonal and cubic ZnAl2O4 spinel where Al occupies the energetically most favourable
octahedral lattice sites. Therefore, the observed degradation of the crystalline structure of
the Al doped ZnO films above a certain optimum T ∗S can be understood in the following way:
Increasing the substrate temperature for a given cTAl leads to an accumulation of Al in the
film due to Zn desorption and promotes the thermodynamically preferred octahedral AlO6
coordination. The presence of increasing concentrations of not-tetrahedrally coordinated Al
causes structural defects like dislocations within the wurtzite ZnO host lattice leading to the
observed increase of micro-strain and mosaicity. Eventually inclusions of the homologous
(ZnO)3Al2O3 phase are formed, probably preferentially at grain boundaries, which impede
the crystallite growth. This mechanism competes with the beneficial effect of elevated TS on
the crystalline structure observed for the undoped ZnO films and therefore occurs only above
a certain substrate temperature value (T ∗S). Since the degree of the structural degradation
depends on the film Al concentration, the onset of this effect shifts to higher TS and the film
crystalline structure is improved when cTAl is reduced.
As discussed in Chapter 6.1, the structural degradation is accompanied by a decrease of the
free electron mobility at TS>T ∗S due to increased scattering at defects. Simultaneously, the
electron density decreases because an increasing fraction of the Al atoms is not incorporated
on tetragonally coordinated Zn sites in the ZnO lattice and thus are electrically inactive. A
more detailed investigation of dopant activation is presented in Chapter 6.5. It is proposed
that a similar degradation mechanism is also active in Ga doped ZnO, because the same
trends in crystalline structure parameters and electrical properties as a function of TS were
observed. However, the Ga concentration range investigated in this work is not sufficient to
a draw a final conclusion.
6.2.6 Summary
The influence of substrate temperature, target dopant concentration and substrate type on the
crystalline structure of undoped, Al and Ga doped ZnO thin films was studied systematically.
Undoped polycrystalline and epitaxial ZnO films show a continuous structural improvement
in terms of reduced mosaicity and the relieve of macro-strain with increasing TS . In contrast,
in the case of Al and Ga doped films, a simultaneous degradation of the crystalline structure
and the electrical properties is observed, if TS is increased above the optimum substrate tem-
perature T ∗S , derived from Hall-effect measurements. The appearance of T ∗S is ascribed to
a competition between defect annihilation and defect generation that is caused by incorpora-
tion of dopant atoms into the growing film. Based on the limited solubility of Al in wurtzite
12This term was introduced by Yoshioka et al. referring to the occurrence of a highly Al doped ZnO phase
that can not be described as a phase mixture of ZnO and Al2O3 or ZnAl2O4 [279].
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ZnO and the thermodynamically preferred octahedral AlO6 coordination it is argued that at
elevated TS an increasing fraction of the Al atoms is not build into Zn lattice sites. The defect
density associated with this effect scales with the Al concentration in the film, explaining the
decrease of T ∗S and the more pronounced structural degradation of the AZO films for higher
cTAl values. Besides the increase of micro-strain and mosaicity (accompanied by decreasing
µ and Ne) this structural degradation at TS>T ∗S even leads to electrically insulating films if
the Al concentration is sufficiently high. Synchrotron based XRD and XANES investigations
of these disordered films indicate the formation of a metastable homologous (ZnO)3Al2O3
phase, whereas the formation of α-Al2O3 or ZnAl2O4 spinel can be ruled out. Using the low-
est dopant concentrations of cTAl=0.7 at.% and cTGa=0.8 at.% at the corresponding T ∗S=500◦C
results in optimum polycrystalline films with structural parameters comparable to undoped
ZnO and the highest electron mobilities, which could be further improved by epitaxial growth
on c-plane sapphire.
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6.3 Optical properties
In the previous sections it was shown that ZnO based thin films can be prepared to cover
a wide range of electrical and structural properties by introducing Al and Ga as dopants
during reactive magnetron sputtering. Here, the effects of doping, substrate temperature
and oxygen partial pressure on the optical properties of the layers are investigated. Initially,
dielectric functions of undoped epitaxial and polycrystalline films resulting from spectroscopic
ellipsometry analysis are presented. Afterwards, transmittance and reflectance spectra of
highly conductive GZO films prepared under systematic variation of TS and pO2 are discussed
with respect to free charge carrier effects. In the third part results of dielectric function
modelling of AZO films with a focus on Al concentration effects on the fundamental band-to-
band transition are presented.
6.3.1 Dielectric function of undoped ZnO
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Figure 68: a) Real part and b) imaginary part of the dielectric function of undoped epitaxial ZnO
grown at different substrate temperatures on c-plane sapphire. The corresponding MDF is composed
of Tanguy and Sellmeier terms using fixed values of exciton binding energy EX=60 meV and
screening factor ln(g)=0.
Figure 68 shows the evolution of the dielectric function of epitaxial ZnO films grown on c-
plane sapphire in dependence of the substrate temperature at fixed oxygen partial pressure of
(118±3) mPa and pAr=1.8 Pa. In order to model the sharp exciton related structures appear-
ing in the SE spectra the Tanguy model dielectric function (MDF) with pure Lorentzian
broadening (α=0) and a fixed exciton binding energy EX=60 meV was used. With increasing
TS the ε1(E) peak value reaches a maximum value of about 6.8 that is comparable to epitaxial
PLD grown films [216]. Towards the near-infrared spectral range ε1 converges to the ’high
frequency’ dielectric constant ε∞ determining the dielectric background in the Drude model
(see Eq. (82)). A value of ε∞=(3.66±0.02) at ~ω=0.5 eV is obtained here, which is consistent
with reported values of 3.6 to 3.8 for bulk ZnO [14, 216]. When the substrate temperature
is increased above TS>300◦C an exitonic absorption peak emerges in ε2(E). Moreover, the
sub-bandgap absorption tail tends to decrease at elevated TS . The fundamental band-gaps of
all samples are within the range of Eg=(3.30±0.02) eV, which is about 70 meV lower than the
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literature value for the lowest Γ-point band-to-band transition of ZnO [294, 216]. A thorough
data analysis of a polycrystalline ZnO sample deposited at TS=600◦C suggests that this dis-
crepancy is due to the Coulomb screening factor value of ln(g)=0 within the Tanguy MDF,
which is probably too low. Using a value of ln(g)=2, i.e. weaker screening of the excitons,
results in a slightly improved MSE and a fundamental band-gap of (3.37±0.02) eV (see Figure
72a). In this context it should be noted that the experimental resolution of the employed el-
lipsometer setup is only about 15 meV at 3.3 eV which makes a precise determination of ln(g)
challenging when broadening becomes too high (compare Fig. 27). Nevertheless, altogether
the obtained dielectric functions are in good agreement with the review of ZnO optical data
published by Bundesmann et al. [216], considering that an isotropic optical model was used
in the present work.
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Figure 69: Comparison of the Tanguy broadening parameter as function of substrate temperature
for polycrystalline and expitaxial ZnO films grown under the same conditions on fused silica and
c-plane sapphire substrates, respectively. Lines are only guide to the eye.
Furthermore, it is found that the optical spectra of polycrystalline ZnO samples grown under
the same deposition conditions on fused silica substrates can also be modelled using the
Tanguy MDF. A comparison of the oscillator broadening shown in Figure 69 reveals that
in both cases a systematic decrease of broadening with increasing TS is observed and that
broadening is larger in case of polycrystalline films. Qualitatively this trend correlates with
the previously discussed improvement of the micro-structure of undoped ZnO at elevated TS
(see Fig. 60 and 57b). Thus, the decrease of the absorption edge broadening with increasing
TS can be attributed to a reduced defect density in the undoped ZnO films. The increased
mosaicity and absence of in-plane order in polycrystalline ZnO might result in larger grain-
boundary related defect densities and local strain fields causing additional broadening of the
fundamental band-to-band transition.
6.3.2 Ga:ZnO - Effects of substrate temperature and oxygen partial pressure
Figure 70 shows a comparison of the transmittance and reflectance spectra of polycrystalline
Ga:ZnO films deposited at fixed TS=400◦C. Voltage control during reactive sputtering was
used to vary the oxygen partial pressure leading to a nearly linear increase of the free electron
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density from 2.7×1020 to 5.5×1020 cm−3 with decreasing pO2, while the carrier mobility
remains in the range of (33..40) cm2/Vs (compare Fig. 51). This variation of electrical
properties is reflected in systematic changes in the optical properties of the GZO films. The
indicated blue shift of the transmittance and reflectance in the near-infrared (NIR) spectral
range is attributed to the increase of the plasma frequency ωp ∼
√
Ne with decreasing pO2.
In films with the highest Ne values the free electron absorption extends even into the visible
spectral range leading to a damping of the interference maxima of T(λ) and R(λ). The
dashed vertical arrow in both graphs indicates the optical band-gap of crystalline Si (Eg=1.1
eV), showing that tailoring the free-carrier absorption of the TCO front contact is essential
to improve the long wavelength quantum efficiency of solar cells. Moreover, a widening of
the GZO optical band-gap with decreasing pO2 due to the Burstein-Moss shift (Eq. 3) is
clearly observed. The presented results demonstrate that the method of pO2 fine tuning at
constant oxygen flow via discharge voltage control enables a precise control of the electrical
and optical properties of doped ZnO films.
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Figure 70: Photometric a) transmittance and b) reflectance spectra of Ga doped ZnO films grown
on fused silica corresponding to the electrical properties show in Fig. 51. The film thickness ranges
from 315 to 385 nm. Arrows indicate a systematic blue shift of the plasma wavelength due to the
increasing electron density achieved by discharge voltage control to reduce the oxygen partial pressure
at constant oxygen flow and TS=400◦C. The inset shows the concomitant band-gap widening caused
by the increasing occupation of the electronic states at the conduction band minimum.
In a second step the substrate temperature is varied while keeping the oxygen partial pres-
sure fixed at a value of pO2=74 mPa where the maximum electron mobility in GZO was
obtained. Figure 71 shows the evolution of optical transmittance and reflectance as well as
absorptance of GZO in dependence of TS . As previously discussed in Chapter 6.1, increasing
the substrate temperature leads to an increase both in electron mobility and density until
the optimum substrate temperature T ∗S is reached. In order to investigate the effect of TS
on the optical properties in the TS<T ∗S regime, the spectra corresponding to higher values
(TS ≥500◦C), where electrical and structural degradation occurs, are omitted in Fig. 71.
Due to the simultaneous increase of Ne and µ two effects are superimposed in the optical
spectra. On the one hand, higher Ne causes a blue shift of the plasma frequency with in-
creasing TS that is observed as the shift of the NIR absorptance peak as well as the R(λ)
edge to lower wavelengths. On the other hand, the amplitude as well as the spectral width
of the free electron absorptance peak is reduced as µ increases. Together, these effects lead
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to a reduced NIR transmittance with increasing TS whereas T(λ) is significantly improved
below λ ≈1200 nm due to the decreasing free electron absorption tail. In addition, the sam-
ples grown at TS<300◦C exhibit an extended sub-bandgap absorption tail resulting in low
transmittance below λ ≈600 nm and a yellow colouring of the films. This kind of absorption
occurs also in undoped ZnO and AZO films grown under similar conditions and it can be
suppressed by increasing either TS equivalent to Zn re-evaporation (lower growth-rate) and
defect annealing or by increasing pO2 i.e. the oxygen to metal flux ratio towards the substrate.
Thus, it is plausible that deep electronic states associated with intrinsic defects having low
formation enthalpies under metal rich growth conditions are the origin of the observed sub-
bandgap absorption. In this context, the most likely candidate in n-type ZnO is the oxygen
vacancy, for which color centers V 0O and V +O with optical excitation energies of 2.8 and 2.4 eV
were calculated by Lany and Zunger [295]. Another explanation for the pronounced visible
absorption in ZnO grown under zinc rich conditions is the formation of large concentrations
of zinc interstitials, Zni. These defects are highly mobile even at room temperature [285] and
may cluster to form metallic nano-particles leading to light absorption.
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Figure 71: Photometric transmittance, reflectance and calculated absorptance spectra of polycrys-
talline GZO films (d=280-310 nm) deposited at different substrate temperatures on fused silica at fixed
pO2=74 mPa. The corresponding electrical properties are shown in Fig. 52b. Solid arrows indicate
systematic changes with increasing substrate temperature.
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6.3.3 Al:ZnO - Effects of dopant concentration on dielectric function
cTAl substrate TS µ Ne FWHMω MDF BT or BP
(at. %) (◦C) (cm2/Vs) cm−3 (◦) (eV)
0 f-SiO2 600* 5.4 9.7x1017 1.7 Tanguy 0.051
0.7 Al2O3 500* 55.8 3.6x1020 0.87 PSEMI+Drude 0.177
3.6 f-SiO2 250* 25.0 6.3x1020 5.8 PSEMI+Drude 0.32
8.7 f-SiO2 300 insulating amorph. PSEMI 0.55
Table 12: List of ZnO based films with different Al concentrations used for optical modelling: de-
position conditions, electron mobility and density, XRD ZnO(002) rocking curve width and model
dielectric functions (MDF) with resulting oscillator broadening values Bi describing the fundamental
interband transition. The individual experimental and simulated optical spectra together with MDF
parameters are shown in Fig. 72 and 73. Substrate temperatures marked by * indicate deposition at
the optimum value T ∗S .
Finally, the effect of Al doping on the dielectric function ε = ε1 + iε2 of ZnO is discussed in
the following section. For this purpose, the results of the optical analysis of a set samples
representing the wide range of electrical and structural properties due to the variation of the
target Al concentration as well as the deposition conditions are considered here. A list of
these samples is given Tab. 12 and the target Al concentration cTAl will be used as a reference
from here on. In case of undoped ZnO (cTAl=0) and AZO with cTAl=0.7 and 3.6 at.% films
prepared at optimum growth conditions T ∗S and p∗O2 resulting in the highest crystalline quality
for each sputter target composition as indicated by the FWHM of the ZnO(002) rocking curve
are investigated. At these growth conditions also the maximum electron mobility values of
56 and 25 cm2/Vs are achieved for the cTAl=0.7 and 3.6 at.% target composition, respectively.
The comparison is complemented by a strongly degraded sample deposited at TS>T ∗S using
the target with the highest Al content of 8.7 at%. As discussed previously, these conditions
result in electrically insulating and disordered nano-crystalline (X-ray amorphous) material
which can be attributed to the formation of a (ZnO)3Al2O3 homologous phase.
In order to obtain the film dielectric function, ellipsometric (ψ,∆) as well as photometric
transmittance (T ) and reflectance (R) spectra have been analyzed simultaneously using the
WVASE software. Details regarding the employed model dielectric function (MDF) parame-
terization describing the band-to band optical transition(s) and the free electron contribution
are described in Chapter 4.2. Since the problem of extracting electrical properties from op-
tical spectra of ZnO based TCO films, namely electron density Nopte and mobility µopt, by
using classical and extended Drude optical models (see Eq. 82) is addressed in numerous
studies [81, 222, 220], this topic will only be discussed briefly here. Instead the investigation
is focused on the influence of Al doping on the fundamental absorption edge of ZnO.
As shown in Fig. 72a-b good agreement between the experimental and simulated optical
spectra of the undoped polycrystalline ZnO film on fused silica substrate is achieved by using
the Tanguy MDF to describe the fundamental band-to-band transition including excitonic
contributions. With the exciton binding energy fixed at EX=60 meV, the best fit yields a
band gap of (3.37±0.02) eV, which agrees well with published values for the lowest Γ-point
transition in ZnO [216].
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Figure 72: Experimental (open circles) and simulated (solid line) ellipsometric (ψ,∆) and photometric
transmittance and reflectance spectra of: a)-b) undoped polycrystalline ZnO grown at TS=600◦C, and
d)-e) nano-crystalline insulating ZnO-Al2O3 (cTAl=8.7 at.%) prepared at TS=300◦C. Fused silica is
used as substrate in both cases. The listed optical model fitting parameters are rounded to the last
significant digit. The obtained model dielectric functions are shown in in c) and f).
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The resulting dielectric function exhibits features similar to the case of epitaxial ZnO films on
c-plane sapphire. The ε1 amplitude value of about 6.3 is slightly lower than in the epitaxial
case, while ε2 shows a steep absorption edge superimposed by a narrow excitonic absorption
peak. Compared to the Al containing samples the undoped ZnO film has the lowest oscillator
broadening of BT=51 meV, pointing to a low density of defect induced electronic states in
the vicinity of the band edges.
The optical modelling results of the Al doped ZnO films grown at optimum conditions using
sputter targets with cTAl=0.7 and 3.6 at.%, respectively, are summarized in Fig. 73. It is
generally observed that a significant broadening of the fundamental absorption edge occurs
upon Al doping of ZnO even if the lowest target Al concentration of 0.7 at.% is used. In the
(ψ,∆) spectra this effect is qualitatively visible in terms of a less abrupt transition between the
interference fringes region and the high energy part of the spectrum, where strong interband
absorption sets in. In addition the T(λ) edge of Al containing films appears less steep than in
case of undoped ZnO. In agreement with the work of Ehrmann et. al [220] it is found that
the Tanguy MDF is not suitable to model this effect since large Lorentzian broadening
values cause an unphysical absorption tail below the fundamental absorption edge. However,
the proposed modification of the Tanguy model by introducing a Gaussian broadening
parameter α (see Eq. 80) turned out to cause severe parameter correlation between BT and
α, rendering the fit results unreliable. Moreover, it is expected that in case of degenerately
doped AZO films ε2 exhibits no distinct exciton peaks because the electron-hole interaction
is strongly Coulomb screened by the high free electron densities. Therefore, it is feasible to
use the PSEMI MDF with Gaussian broadening (BP ) to model the fundamental absorption
edge of this type of samples. The free electron contribution is described using the classical
Drude theory (Eq. 81), since the frequency dependent Drude model proposed by Mergel
et. al [59] did not further improve the MSE values but rather leads to unstable fit results.
As shown in Fig. 73 this approach results in good agreement between experimental and
simulated optical spectra in case Al doped ZnO films. The minor deviations of the model
from the transmittance spectrum of the cTAl=3.6 at.% sample might be explained by the
formation of a thin nanocrystalline interface layer [281]. Despite of this, a blue shift of the
interband absorption edge as well as an increase of the PSEMI oscillator broadening up to
BP=0.32 eV with increasing the target Al concentration up to cTAl=3.6 at.% is clearly observed
in the obtained dielectric functions. Furthermore, in the Al doped samples ε1 is significantly
decreased in the near infrared and visible spectral range due to the high concentrations of free
electrons. The effective electron mass m∗ is estimated to be 0.29me and 0.35me for cTAl=0.7
and 3.6 at.%, respectively by inserting the Drude amplitude AD into Eq. (82) and assuming
that Ne=Nopte . Considering the experimental uncertainty of about 10%, these values are in
reasonable agreement with reported effective masses of degenerately doped ZnO [81, 222].
The increase of m∗ with higher electron densities is attributed to the non-parabolicity of the
ZnO conduction band [82].
Fig. 72d-f shows the experimental and simulated optical spectra of a highly disordered insu-
lating nanocrystalline ZnO-Al2O3 film deposited at a substrate temperature above T ∗S using
the target with the highest Al content of 8.7 at.%. Due to the absence of free electrons the
material is highly transparent in the near infrared spectral range and a single PSEMI oscilla-
tor was sufficient to model the optical properties. The best fit yields an oscillator broadening
of BP=0.55 eV, which is considerably higher than in the case of conductive AZO deposited
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Figure 73: Experimental (open circles) and simulated (solid line) ellipsometric (ψ,∆) and photometric
transmittance and reflectance spectra of Al doped ZnO films with highest free electron mobilities
prepared at optimum deposition conditions for: a)-b) epitaxial growth on single side polished c-plane
sapphire substrate using cTAl=0.7 at.% target composition and TS=500◦C, and d)-e) polycrystalline
growth on fused silica using cTAl=3.6 at.% and TS=250◦C. The listed optical model fitting parameters
are rounded to the last significant digit. The obtained model dielectric functions are shown in c) and
f). No transmittance is shown in b) due the use of single side polished Al2O3 substrate.
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at optimum conditions and about one order of magnitude larger than in undoped ZnO films
with the highest crystalline quality. Although the PSEMI center energy E0 is not equivalent
to the optical band gap, its strong blue shift to 4.7 eV indicates that the band gap of the ZnO-
Al2O3 material is even larger than that of highly doped conductive AZO, where E0=4.0 eV
was obtained at Ne=6.3x1020 cm−3.
1 2 3 4 5 6- 1
0
1
2
3
4
5
6
7
 α- A l 2 O 3 Z n O A Z O  ( 0 . 7  a t % ) A Z O  ( 3 . 6  a t % ) Z n O - A l 2 O 3   ( 8 . 7  a t . % )
 
ε 1
p h o t o n  e n e r g y  ( e V )
E p
a )
1 2 3 4 5 60 . 0
0 . 5
1 . 0
1 . 5
2 . 0
2 . 5
b )
 
ε 2
p h o t o n  e n e r g y  ( e V )
Figure 74: Comparison of a) real part and b) imaginary part of the dielectric functions of ZnO and
degeneratly doped AZO films deposited at optimum substrate temperature T ∗S and oxygen partial
pressure p∗O2 for sputter target Al concentrations of 0, 0.7 and 3.6 at.% as well as a nanocrystalline
insulating ZnO-Al2O3 film deposited at TS=300◦C using cTAl=8.7 at.%. The dielectric function of
crystalline corundum Al2O3 is added as reference. In case of conductive AZO, the plasma energy
Ep = ~ωp corresponds approximately to the zero crossing of ε1 (Eq. 20).
6.3.4 Discussion
A direct comparison of the obtained dielectric functions of the discussed representative sam-
ples is shown in Fig. 74. It becomes clear that even the lowest Al concentrations (cTAl=0.7 at.%)
cause a broadening of the ε1 peak compared to undoped ZnO. Also the excitonic absorp-
tion feature is no longer present in Al doped ZnO due to Coulomb screening by the free
electrons. The apparent broadening of the fundamental absorption edge in highly doped
transparent conductors was also reported for In doped CdO [296] and Sn doped In2O3 [227]
thin films. However, the origin of this effect is not very well understood. Hamberg et al.
argued that ionized impurity scattering causes collisional broadening of the initial and final
states involved in the photon absorption process [227]. While this explains the increase of
broadening of the fundamental interband transition with increasing dopant concentration (or
Ne) in conductive AZO films, it is not sufficient to explain the high broadening in case of the
insulating ZnO-Al2O3 film. Thus, considering the previously observed correlation between
increasing Al concentration and micro-strain as well as mosaicity, it can be concluded that
also strain induced local fluctuations of the band edges and defect related band edge tailing
are contributing to the absorption edge broadening of Al:ZnO films.
Furthermore, a widening of the optical band gap Eg upon Al doping of ZnO is observed in
terms of a blue shift of the ε2 absorption edge. In order to determine Eg using the conven-
tional Tauc-plot method for direct semiconductors the square of the absorption coefficient
136
6 Results II: ZnO-based thin films 137
α is calculated from T and R spectra using Eq. (85). As shown in Fig. 75a, the excitonic
absorption in the undoped polycrystalline ZnO film is clearly visible as a peak, confirming the
optical modelling results. This is in agreement with the work of Muth et al. who reported
excitonic structures in α(λ) at room temperature for epitaxial ZnO films grown by PLD [297].
Although the Tauc method is widely used, it is known that a linear fit to α2(~ω) underes-
timates Eg in particular for high doping levels due to the broadening of the fundamental
absorption edge. Therefore, a corrected value of Eg is determined by an alternative method
using the maximum of the first derivative of the absorption coefficient [296]. The inset in Fig.
75a shows that a Gaussian fit of dα/d(~ω) yields Eg and the width of the transition in terms
of the FWHM parameter. The optical band gaps obtained from both methods for various
ZnO, AZO and GZO films covering a wide range of electron concentration are presented in
Fig. 75b. While in the case of undoped ZnO both methods result in the same Eg within
the error limit, the difference can be as large as ∼300 meV for high doping concentrations.
Moreover, the calculated magnitude of the band-gap widening due to the Burstein-Moss
(BM) effect using Eq. (3) is substantially larger than the experimentally determined increase
of Eg (blue line). This shows that blocking of the states at the conduction band bottom
by free electrons greatly overestimates the band-gap widening even if the non-parabolicity of
the conduction band is taken into account according to the Pisarkiewizc model (green line,
Eq. 29). Therefore, re-normalization of the band edges due to many body effects like electron
self-interaction and electron-impurity interaction must be considered in addition. This is cal-
culated using an analytical model based on the work of Inkson, Berggren and Sernelius
(IBS) [298] (see Appendix A).
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Figure 75: a) Square of absorption coefficient vs. photon energy as determined from T and R mea-
surements using Eq. 85 for polycrystalline ZnO films with different Al concentrations. The spectra
correspond to the samples listed in Tab. 12, except in case of cTAl=0.7 at.% for which a polycrystalline
sample with different Ne is shown. Solid lines are linear fits to determine the optical band gap via the
Tauc method. The inset shows a Gaussian fit to the first derivative of α.
b) Optical band gap vs. electron concentration for Al and Ga doped ZnO films. Solid lines are cal-
culations of the Burstein-Moss (BM) effect for parabolic and non-parabolic (m∗ 6= m∗0) conduction
band as well as the Inkson-Berggren-Sernelius (IBS) model for band-gap re-normalization due
to many-body interaction [298]. An intrinsic band-gap of 3.37 eV and effective hole mass of 0.59 me
was used for all calculations [70]. Note that the data point corresponding to the insulating sample at
cTAl=0.7 at.% (marked by arrow) is deliberately shifted from to Ne=1×1018 cm−3 in order to make it
visible for a comparison.
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A combined BM and IBS model including the non-parabolicity of the conduction band shows
better agreement with the experimental data, but generally tends to slightly underestimate
the band-gap - in particular at highNe (red line). The latter is probably caused by a simplified
treatment of Coulomb screening within the IBS model and by neglecting the polar nature
of ZnO [299]. Nevertheless, the increase of Eg with Ne occurring in degenerately doped
conductive ZnO is clearly attributed to the BM shift superimposed by many-body effects.
Surprisingly, an even larger band gap value of (4.35±0.08) eV is obtained for the insulating
ZnO-Al2O3 layers using the Tauc-method (marked by arrow in Fig. 75b). The first derivative
method could not be applied to these samples due to the limited experimental spectral range,
suggesting that the broadening corrected Eg is at least 4.5 eV. Obviously, the BM shift can
be ruled out as an explanation of this effect. Furthermore, the optical spectra of the nano-
crystalline ZnO-Al2O3 films cannot be modelled by assuming an effective medium consiting of
a phase mixture of ZnO and corundum Al2O3 (Eg=8.7 eV [300]). Also quantum confinement
effects are implausible since the average grain size of ∼5 nm is too large to explain a shift of
more than 1 eV compared to the intrinsic ZnO gap of 3.37 eV [301]. Interestingly, the first
principles DFT calculations of Yoshioka et al. predict that the band gap of the (ZnO)3Al2O3
homologous phase is about 1 eV larger compared to that of ZnO [280]. Based on these
considerations the formation of a solid solution of ZnO and Al2O3 can be assumed, which
leads to a widening of the band gap similar to the well known ZnO-MgO alloys. Since Mg
is isovalent to Zn, no free electrons are created by Mg doping and a substitution of nearly
50% of the Zn atoms by Mg is possible while preserving the wurtzite crystal structure of ZnO
[294, 216]. In contrast, the trivalent Al not only acts as a shallow donor in ZnO but also
disturbs the wurtzite phase formation at comparably low concentrations due to its tendency
to coordinate octahedrally with oxygen (see Chapter 6.2). Thus, the observed band gap
widening in the insulating nano-crystalline ZnO-Al2O3 films is consistent with the previously
described XRD and XANES results.
6.3.5 Summary
The optical properties of undoped as well as Ga and Al ZnO doped thin films prepared by
reactive magnetron sputtering have been investigated. The dielectric function of undoped
ZnO films of high crystalline quality is dominated by the fundamental interband transition
superimposed by excitonic absorption and is modelled by the Tanguy MDF. It is found
that the line broadening depends on the crystalline quality which can be controlled by the
choice of substrate and the growth temperature. Considering the case of Ga doped ZnO it is
demonstrated that a fine adjustment of the oxygen partial pressure using discharge voltage
control can be used to tailor the near-infrared transmittance and reflectance of degenerately
doped ZnO layers. A defect induced sub-band gap absorption tail can be suppressed by
increasing the substrate temperature above 300◦C. Analysis of ellipsometric and photometric
spectra revealed that Al doping of ZnO causes a broadening of the fundamental absorption
edge which can be modelled using the PSEMI MDF. The experimentally observed increase
of the optical band-gap with increasing electron density in conductive AZO and GZO films is
in agreement with calculations including the Burstein-Moss shift and many-body effects.
In contrast, the band gap widening in insulating nano-crystalline ZnO-Al2O3 films obtained
at TS>T ∗S could be attributed to the formation of a (ZnO)3Al2O3 homologous phase.
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6.4 Limits to charge carrier mobility in degenerately doped AZO and GZO films
After having studied the influence of the deposition conditions and the film micro-structure
on the electrical properties of Al and Ga doped ZnO, different models of charge transport in
these thin films will be discussed in this section. An analytical model describing the scattering
at lattice phonons and ionized impurities at room temperature based on the theoretical work
of Dingle, Zawadszki and Pisarkiewizc (DZP) was already introduced Chapter 2.3. It
was concluded that although the DZP model provides an upper limit of electron mobility in
degenerately doped single crystalline ZnO, the experimentally observed µ(Ne) dependence of
TCO thin films is not very well reproduced. Therefore, better agreement between theory and
experiment is expected by including the grain boundary limited charge transport according
to Seto [95].
6.4.1 Analysis of Hall-effect data
A scatter plot of Hall mobility versus carrier concentration for nominally undoped and Al
doped ZnO thin films prepared by reactive magnetron sputtering under various deposition
conditions is given in Figure 76. The data points are grouped according to the Al con-
centration in the sputter target. While for undoped ZnO the maximum electron density is
≈1×1019 cm−3, Ne increases by roughly two orders of magnitude upon Al doping. The semi-
empirical Masetti model using the parametrization of Eq. (34) given in Tab. 3 is shown as
solid black line. The lattice mobility limited region is situated at Ne<1×1018 cm−3 and thus
only its onset is visible in the graph. A mobility limit of µMa ≈ 55 cm2/Vs is suggested in the
Ne range from 1×1019 to 1×1020 cm−3 due to the scattering at ionized impurities. For higher
electron densities the mobility is further reduced by the onset of ionized impurity clustering.
While most of the experimental data is situated below the Masetti curve a significant num-
ber of the Al doped samples have mobilities exceeding the empirical limitation. This is not
surprising since the parameterization was obtained as an averaging fit to mobility data from
different publications involving a certain amount of scatter [76]. Therefore, a slight correc-
tion of the semi-empirical model parameters for ZnO is proposed here in order to reflect the
experimental data better. Hence, an updated curve is shown as thick dashed line using the
modified values of µmin=60 cm2/Vs and Nβ=1.0x1021 cm−3. Clearly the highest mobilities
of the reactively magnetron sputtered AZO films with Ne>3.0x1020 cm−3 are approaching
the theoretical limit given by the Dingle-Zawadszki-Pisarkiewizc (DZP) model for ion-
ized impurity scattering shown as µDZP (Ne) (see Chapter 2.3). Together with literature
data of high electron mobilities achieved by pulsed laser deposition [302, 85] and filtered ca-
thodic vacuum arc [87] this is a strong indication that a material specific mobility limit close
to µDZP (Ne) exists for highly doped ZnO, which is independent of the employed deposition
method. This view is supported by a comprehensive evaluation of reported room-temperature
transport data of ZnO based thin films found in the work of Ellmer et al. [76].
While the DZP model yields a reasonable limit for the electron mobility at high electron den-
sities it strongly overestimates the mobility for Ne<5x1019 cm−3 where maximum values of
µ ≈70 cm2/Vs were reported for highly optimized ZnO films grown epitaxially on Al2O3(001)
[85]. The updated Masetti model (thick black dashed line) appears to be more realistic in
this Ne region. However, both models essentially apply to single crystalline materials only.
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Figure 76: Scatter plot of room temperature Hall mobility vs. electron density for ZnO and AZO
thin films reactively sputtered from alloy targets with different Al concentrations. The thick black
solid and dashed lines represent two different parameterizations of the Masetti curve given by Eq.
(34) using Tab. 3 and updated parameters, respectively. The curve labeled µDZP is the theoretical
combined lattice and ionized impurity scattering limit afterDingle, Zawadszki and Pisarkiewizc as
introduced in Eqs. (25)-(31). The short-dashed lines are approximations to the grain boundary limited
transport model by Seto combined with µDZP acc. to Eq. (138). Contours of constant resistivity in
units of µΩcm (labels on top) are indicated by the dash-dotted thin lines. For comparison literature
data () of high mobility ZnO based thin films grown by other deposition techniques [85, 87, 302] has
been added.
In order to describe the polycrystalline nature of the sputtered thin films, Seto’s grain bound-
ary limited transport model is combined with the DZP model according to Matthiessen’s
rule. This yields the total mobility µDZP+Seto:
1
µDZP+Seto
= 1
µSeto
+ 1
µDZP
(138)
Although a combination of the Seto and the (original) Masetti model was reported in
literature [76], this approach is not employed here, because it leads to poor agreement with
the experimental data, in particular for high electron densities where a large number of (µ,Ne)
data points lie close to or even above the Masetti curve. Thus, the DZP model is preferred
over the Masetti model in this work. Consequently, the limiting data points towards lower
Ne for each cTAl have been approximated by Eq. (138) using the lateral grain size, L‖, and the
trap defect density, NT , as fit parameters and εs=8 for ZnO. The best fit curves are shown
in Figure 76 as the short-dashed coloured lines. It is important to note that this method
requires an ensemble of samples and therefore allows to make ’global’ statements on the film
properties only. The trap densities of individual samples cannot be obtained in this way but
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instead T dependent Hall-effect measurements could be performed to use the temperature
dependence of µ in Eq. (37). However, this approach is of limited use because the variation
of µ and Ne with T in degenerately doped ZnO is rather weak and other T dependent effects
like phonon scattering might obscure the effect of thermionic emission on the mobility [94].
Nevertheless, it is observed that the simplified model using a single pair of NT and L‖ is well
suited to describe the increase of µ with Ne for the Al doped ZnO films with the exception of
a few high mobility samples in case of cTAl=0.7 and 1.7 at%. This is probably related to the
breakdown of the simple thermionic emission model as φB approaches kT . A rough estimation
using Eq. (36) for cTAl=1.7 at.% where NT of 2.4x1013 cm−2 was obtained shows that φB ≈ kT
occurs at Ne ≈6x1020 cm−3, which is in agreement with the deviation of the experimental
data. Furthermore, Figure 76 shows that the calculated second branch of µDZP+Seto(Ne)
corresponding to L‖Ne<NT and Eq. (35) appears at very low electron densities and is visible
only for very high NT values as in the case of cTAl=8.7 at.%. Considering the significantly
higher crystalline quality of the undoped ZnO films compared to the highly doped AZO films,
it is implausible that the defect densities are similar in both groups of samples. Therefore,
it is clear that the case L‖Ne>NT also applies to undoped films and Eq. (36) must be used
to calculate the barrier height. Despite the scatter of the data points (green triangles) it can
be concluded that the undoped films have a significantly lower trap density compared to Al
doped films. A summary of the obtained model parameters including error estimations is
given in Table 13.
cTAl NT L‖ µG
(at.%) (1013 cm−2) (nm) (cm2/Vs)
undoped 0.3±0.1 30±6 600±120
0.7 1.6±0.1 30±4 600±80
1.7 2.4±0.1 28±3 560±60
3.6 2.8±0.1 20±2 400±40
8.7 2.90±0.05 10±1.5 200±30
Table 13: Grain boundary trap density (NT ), grain size (L‖) and in-grain electron mobility (µG)
for undoped and Al doped ZnO films prepared with different target Al concentrations. The values
were obtained by using the combined Seto and DZP model according to Eq. (138) to fit the room
temperature Hall-effect data. The error estimation includes the scatter of the data points as well as
a weak correlation between NT and L‖.
A clear trend towards lower trap densities in the ZnO films with decreasing target Al con-
centration is evident. This corresponds to a shift of the µDZP+Seto(Ne) curves to lower Ne
values as indicated by the horizontal arrow in Figure 76. Furthermore, it is interesting to
note that already low Al doping (0.7 at.%) leads to about 5 times higher NT values compared
to undoped ZnO, while the crystalline quality of the undoped and AZO films prepared with
cTAl=0.7 at.% was found to be comparable in terms of mosaicity and micro-strain (Chapter
6.2). This suggests that the higher trap densities in the AZO films are attributed to the
decoration of the grain boundaries with Al related defects, which affect charge transport but
are not detectable by XRD at low Al concentrations. A further increase of the Al concentra-
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tion from cTAl=0.7 at.% to 8.7 at.% results in a another doubling of the trap density and a
significant degradation of the film crystalline structure.
Moreover, in Figure 76 no distinction between films grown on fused silica and c-plane sapphire
is made, since both types of films exhibit very similar µ(Ne) values. In case of the targets with
cTAl above 3.6 at.% this is explained by the XRD studies revealing the non-epitaxial growth
of the AZO films due to the high Al content (Section 6.2.2). However, it is remarkable that
even for cTAl=0.7 at.%, where highly ordered epitaxial growth on sapphire was achieved, most
of the µ(Ne) data is comparable to that of polycrystalline films and maximum mobilities of
≈55 cm2/Vs at Ne ≈4.0x1020 cm−3 are only obtained for a few epitaxial samples deposited
at TS=500◦C. This implies that due to the mosaic structure, leading to the presence of small
angle grain boundaries, the charge transport in the epitaxial AZO films is also governed by
grain boundary scattering.
The absolute values of NT are in the same order of magnitude as reported by Ellmer et al.
who compared defect densities of ZnO based TCO films prepared by several different depo-
sition techniques [76]. They concluded that NT is increasing with higher discharge voltages,
which was interpreted as an indication that the trap defects are originating from energetic
particle bombardment during growth [33, p. 61]. The results obtained in this work clearly
show that in addition also the incorporation of the dopant itself into the host ZnO lattice
causes an increase of the trap defect density and thus the film dopant concentration plays a
decisive role for the charge transport properties of ZnO thin films.
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Figure 77: Comparison of Hall-effect data for reactively sputtered undoped, Al and Ga doped ZnO
thin films with similar target dopant concentrations. The lines and labels are the same as in Figure
76.
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A similar effect is also obtained from the analysis of the Hall-effect data of the Ga doped
ZnO films as shown in Figure 77. When compared to the AZO films with the closest Al
target content the GZO films exhibit similar maximum Hall mobilities of ≈40 cm2/Vs and
≈55 cm2/Vs for polycrystalline and epitaxial substrates, respectively. The observed shift of
the GZO data points towards higher electron densities is reflected in a somewhat higher trap
defect density of (2.3±0.1)x1013 cm−2 at the same in-grain mobility. Since both groups of
sample were prepared using the same experimental setup and range of deposition conditions
this indicates that also the type of dopant influences the trap density in ZnO thin films.
Although, the underlying defect formation mechanism remains unclear it is concluded that
Ga doping of ZnO leads to higher grain boundary trap densities compared to Al doping.
The second parameter obtained from the modelling is the lateral grain size L‖, from which
the in-grain mobility can be directly calculated using Eq. (38). Table 13 shows that L‖
decreases from about 30 nm in undoped ZnO to 10 nm for highly doped AZO films prepared
with cTAl=8.7 at.%. The absolute values of L‖ roughly agree with the lateral extension of the
columnar structure of the films observed in the X-TEM images. However, a direct comparison
of L‖ to a ’real’ grain size of the samples remains difficult because of the presence of sub-
crystallites within the growth columns. Nevertheless, a qualitative agreement between the
observed degradation of the crystalline structure of ZnO and the trend to lower L‖ when
increasing the doping concentration above cTAl=1.7 at.% is found. This corresponds to a
decrease of the in-grain mobility which results in a reduced slope of the µDZP+Seto curves in
Figure 76 and explains the lower achievable maximum Hall mobility when increasing cTAl
from 0.7 to 8.7 at.%. The interpretation of the absolute in-grain mobility values is difficult
due to the unclear physical meaning of µG itself, which is why a discussion is mostly avoided
in literature. The comparably high µG values reported here are a consequence of the employed
Seto model which assumes that there is no electron scattering within the ’ideal’ grain i.e. on
the length scale of L‖. In general, L‖ may be regarded as an effective mean free path between
scattering events at potential barriers originating from 2-dimensional structural defects (’grain
boundaries’). Apparently, higher Al concentrations lead to a higher density of such defects
which is probably related to defect clustering and secondary phase formation (see Chapter
6.5).
It should be noted that the modelling of the envelope curve of the (µ,Ne) data points as
discussed above yields estimations of the minimum NT and maximum L‖ values for each
sputter target composition, respectively. Thus, within the framework of the Seto model,
the scatter of the data below the µDZP+Seto curves is attributed to higher trap densities
and/or lower grain sizes due to the variation of substrate temperature and pO2. Moreover,
the effective mobility limit may not be reached in all of the samples due to additional electron
scattering at dislocations that are unaccounted for in the employed model but can be present
in high densities in polycrystalline materials (see [33, p. 57]).
Another interesting observation is that despite a broad variation of deposition parameters and
the Al concentration no AZO films with carrier densities above ≈7x1020 cm−3 were obtained
in this work and the data points in Figure 76 end abruptly at this value. This is puzzling since
AZO thin films with Ne well above 1x1021 cm−3 have been reported in earlier works [302, 261].
On the other hand a limitation of the maximum achievable electron density is predicted by
the theoretical work of Lany and Zunger on point defect formation in ZnO [34]. They
have shown from first principles that the formation enthalpy of zinc vacancies, VZn, decreases
strongly when the Fermi energy shifts into the conduction band with increasing electron
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concentration. Therefore, the probability of formation and the density of VZn defects acting as
electron acceptors is enhanced by higher n-type doping levels. Eventually, at a certain critical
Ne value these compensating defects will form spontaneously and thus counteract any further
increase of the electron concentration [110]. Unfortunately, a quantitative prediction of the
saturation electron density for Al or Ga doped ZnO from the theory is hardly possible, since
the calculations require a full thermodynamic simulation including chemical potentials of the
elements involved [105]. Also an estimation of an ’equilibrium’ temperature is needed, which
is certainly different from the substrate temperature, due to the energetic flux of sputtered
and ionized particles. Hence different maximum Ne values may be observed for different
deposition methods. Nevertheless, compensation by zinc vacancies is a plausible reason for
the observed limitation of Ne to ≈7x1020 cm−3 for the reactive sputter deposition method
used here.
6.4.2 Summary
In summary, it is found that the free electron mobility in degenerately doped polycrystalline
ZnO thin films is limited by a combination of ionized impurity scattering and grain bound-
ary scattering that dominate the charge transport in different electron density regions. The
observed increase of µ(Ne) with increasing electron density is explained by the saturation of
electron trap defects located at the grain boundaries leading to reduced electron scattering at
grain boundary potential barriers according to the model of Seto. Doping with low concen-
trations of Al and Ga leads to a significant increase of the grain boundary trap defect density
compared to undoped ZnO films, while the (bulk) crystalline quality remains unaltered. Fur-
ther increase of the dopant concentration leads to degradation of the film crystalline structure,
which results in a reduced lateral ’grain-size’ L‖ equivalent to a higher density of potential
barriers. Consequently, higher electron densities are required at higher target dopant concen-
trations (cTD) to saturate the trap defects and reduce the potential barrier height such that
the maximum electron mobility is reached, which itself begins to decrease as cTAl is increased
above 1.7 at.% (see Tab. 11). In optimized Al and Ga films prepared with cTD=0.7-0.8 at.%
grain-boundary scattering is negligible due to the sufficiently low trap densities and maximum
mobilities of ≈55 cm2/Vs were achieved at Ne=4x1020 cm−3. These values are close to the
theoretical mobility limit of ZnO caused by ionized impurity scattering at the dopant atoms
themselves, which is described in the framework of the DZP model. Altogether, the discussed
limitations of µ(Ne) in ZnO lead to the conclusion that a practical minimum resistivity limit
of ≈2x10−4 Ω cm exists. Lower resistivities can only be achieved by a substantial increase
in Ne above 1x1021 cm−3 accompanied by reduction of the mobility due to ionized impurity
clustering. However, both together will lead to an enhanced optical absorption in the visible
and NIR spectral range rendering the material unattractive for most TCO applications.
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6.5 Quantification of electrical activation of Al and Ga
6.5.1 Introduction
From the previous discussion of electrical transport properties of highly doped ZnO it was
concluded that the mobility in AZO and GZO is limited by ionized impurity scattering for
electron densities above 4×1020 cm−3. Since the limitation of the free electron mobility by
ionized impurity scattering is inversely proportional to the density of ionized impurities Nii
(see Eq. (27)), it is desirable to reduce their concentration as much as possible to achieve
highest µ values. Certainly, the main contribution to Nii are the ionized substitutional Al+Zn
or Ga+Zn donors (N
+
DZn
) which are responsible for the high electron densities in the doped ZnO
films. Moreover, data analysis using the Seto model for grain-boundary limited transport
revealed a trend towards higher grain-boundary defect densities and reduced in-grain mobil-
ities with increasing Al or Ga content in the ZnO films.
Therefore, in order to achieve maximum mobilities in transparent conductive n-type ZnO
it seems attractive to reduce the Al or Ga content to a minimum necessary for sufficient
conductivity. This is equivalent to achieving as high as possible electrical activation of the
dopant atoms. The effective dopant activation αD, sometimes referred to as doping efficiency,
is defined as the ratio of the electron density to the density of dopant atoms ND, where the
subscript ”D” stands for either Al or Ga.
αD :=
Ne
ND
(139)
In order to quantify αD, one needs to accurately measure the concentrations of charge car-
riers and dopant atoms in the films. Especially the latter represents a major experimental
challenge at typical doping levels of only a few at.%. This is probably the main reason why,
despite substantial research efforts to improve the properties of ZnO based TCOs, systematic
and reliable experimental quantification of the dopant activation are almost non-existent in
literature (see Table 14).
deposition max. TS dopant characterization activation Ref.
method (◦C) (%)
RMS unheated Al HE + RBS 35% [114]
MS 150 Al HE + EPMA <25% [134]
RMS unheated Al HE + RBS <85% [303]
RFMS 330 Al HE + SIMS ∼40-70 % [258]
PECVD 200 Al HE + ERD ∼20-100% [304]
PLD 400 Ga modelling of µH(T ) ∼43% [262]
CVD 470 Ga HE + EPMA 5-60% [305]
Table 14: Published results on dopant activation in ZnO. Dopant activation values were either taken
directly or calculated according to Eq. (139) from data published in the given references.
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For example, in case of reactive magnetron sputtering of AZO on unheated substrates a
maximum activation of 35% was determined by a combination of RBS and Hall-Effect
[114]. Other authors measured the dopant concentration by methods like electron micro-probe
analysis (EPMA) [134] or secondary ion mass spectrometry (SIMS) [258], where quantification
relies heavily on calibrated standard samples and empirical sensitivity factors. In the case
of plasma-enhanced CVD grown AZO recalculating effective activation using the reported
elastic recoil detection (ERD) and Hall-Effect data yields values ranging from 30 % to 100 %
[304]. These results reflect the large uncertainty in film composition for dopant concentrations
below 1 at.% . A thorough examination of the available literature data reveals that most of
the results rely on films with Zn excess grown at low substrate temperatures or with relatively
low mobility values (µ< 30 cm2/Vs). Also many reports are based on questionable results of
composition analysis, where often a discussion of the experimental errors is missing.
6.5.2 Results: Analysis of elemental composition data
Therefore, this work is focused on obtaining the elemental composition of Al and Ga doped
ZnO as accurately as possible, by employing the ion beam analysis techniques introduced in
Chapter 4.5. Initially ERD was used to measure the H, Al, O and Zn concentrations in AZO
films on fused SiO2 substrates sputtered from the target with cTAl=1.7 at.%. An important
result is that even for unheated substrates the H concentration remains below the detection
limit of about 0.2 at.%. Consequently, any significant influence of residual hydrogen on the
electrical properties of Al:ZnO can be excluded. However, it turned out that especially the
quantification of the Al content by ERD is complicated by the low count rates and difficulties
with the separation of the Al signal. Therefore, RBS was chosen as the main analysis method
and applied to the samples originating from the other ZnAl and ZnGa sputter targets. For this
purpose certain sample series were prepared also on glassy carbon under identical deposition
conditions as for the standard fused silica substrates used for electrical characterization. A
typical RBS measurement result for an AZO film on carbon substrate is shown in Figure 78.
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Figure 78: Typical RBS spectrum and corre-
sponding SIMNRA simulation of an Al doped
ZnO film on glassy carbon substrate. The film
was reactively sputtered using the ZnAl target
with cTAl=3.6 at% at TS=320◦C. The film Al
concentration is increased to cFAl=6.3 at% due
to Zn desorption during growth.
The main advantage of the low-Z substrate is that especially the oxygen and Al peaks are not
overlapping with any signal from the substrate, which improves reliability of quantification by
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means of the SIMNRA simulation. By repeated fitting of the RBS spectra using slightly dif-
ferent starting values, and also allowing for a systematic uncertainty of the total beam charge
of up to 3 %, the experimental uncertainty of the oxygen (cFO) and Al (cFAl) concentrations
was determined to be about 1 at.% and (0.2 .. 0.3) at.%, respectively.
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Figure 79: Concentration of a) Zn b) Al and
c) O vs. substrate temperature of Al doped
ZnO films grown by reactive sputtering from
ZnAl alloy targets with four different Al con-
centrations (filled circles). The nominal Al
concentration at room temperature calculated
from the ZnAl sputter target composition is
indicated by crossed circles. An enrichment of
Al with increasing TS as a result of preferential
Zn desorption is observed within each sample
series. This is accompanied by an excess of
oxygen above the 50 at.% expected for ideal
substitution of Zn by Al, which is pronounced
especially for the highest Al target contents of
3.6 at.% and 8.7 at.%.
Figure 79 shows the evolution of the elemental composition of Al doped ZnO films as a function
of the substrate temperature for four different ZnAl alloy targets with cTAl ranging from 0.7
to 8.7 at.%. The corresponding electrical properties and film growth rates were already
discussed in Chapter 6.1 (see Figure 54 and 55). Within each sample series a continuous
increase of the film Al concentration with increasing substrate temperature is observed. At
room temperature data points corresponding to the target Al content, i.e. cFAl=cTAl/2, have
been added to the figure. From the agreement with the cFAl values at low TS it follows that
in the case of unheated substrates the film Al concentration corresponds to the target Al
content within the experimental error limits. For the two targets with cTAl=0.7 and 1.7 at%
the Al enrichment in the films is approximately linear with TS and cFAl increases by a factor
of 4 to 5 at TS=500◦ relative to the RT value. On the other hand a pronounced increase
of the slope of cFAl(TS) is observed for the samples deposited using targets with cTAl=3.6
and 8.7 at.%, respectively. The latter occurs at TS values which agrees approximately with
the optimum substrate temperatures T ∗S , above which the onset of the deterioration of the
electrical properties and micro-structure was observed in Chapter 6.1. However, it should be
noted that in the case of cTAl=1.7 at.% the same deterioration was found for TS>350◦C, but
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no increase in cFAl(TS) similar to the higher cTAl targets can be observed here. Therefore, it
is suggested that these two effects are not directly correlated but rather occur at different
substrate temperatures. Hence, it is expected that for cTAl=1.7 at.% the Al enrichment above
the linear cFAl(TS) regime sets in only above 500◦C.
As the oxygen enrichment (see Fig. 79c) is comparatively low, the Al accumulation in the films
at increasing TS is mainly balanced by a decrease of the Zn concentration. This is attributed
to the low vapour pressure of Zn causing its preferential desorption during film growth, which
is enhanced at elevated substrate temperatures. Also an increase in the O concentration
above the stoichiometric value of 50 at.% is observed with increasing Al enrichment in the
films. Whereas for the lowest target Al concentrations and lower substrate temperatures the
film composition may still be described as Zn1−xAlxO, this is no longer valid for films grown
using targets with cTAl=3.6 and 8.7 at.%, where maximum oxygen concentrations of about 55
at.% were obtained. This indicates that the previously discussed modifications the crystalline
structure (Chap. 6.2) and the optical properties (Chap. 6.3) of these Al:ZnO samples are
accompanied by a considerable fraction of Al that is no longer simply substituting for Zn and
the incorporation of additional oxygen into material due to the presence of the reactive Al.
By combining the electron density obtained from Hall-effect measurements, the film thickness,
d, determined by spectroscopic ellipsometry and the ion-beam analysis results, the effective
donor activation is calculated as :
αD =
Ne
ND
= Ne d
N˜RBS cFD
(140)
where N˜RBS is the areal atomic density of the film in at/cm2 and cFD the film dopant con-
centration in at.% as determined by SIMNRA fitting of the RBS spectra. An examination of
the experimental uncertainties in the effective activation shows that the main contributions
to ∆αD arise from errors in Ned and cFD. Especially the latter is a limiting factor for accurate
activation measurements in the case of the lowest Al concentrations determined by RBS in
this work. It should be noted that the electrical measurements yield Ned so that an indepen-
dent determination of the film thickness is not required to obtain the effective activation (see
Eq. (70)). Consequently, only the experimental error of the Hall voltage which is below
4% must be taken into account here. The relative error in N˜RBS is typically in the order of
1%. Furthermore, the Al concentration was found to be constant across the film thickness for
all electrically conductive AZO films. Only for the insulating samples grown at the highest
substrate temperatures using cTAl=3.6 and 8.7 at.% concentration gradients leading to an ac-
cumulation of Al near the film surface were observed. Therefore, this effect does not influence
the determination of αD.
The effective electrical activation of the Al donor as a function of the substrate temperature
for the AZO sample series corresponding to the four different target compositions is shown
in Figure 80. Two distinct regimes in αAl(TS) can be observed, which are related to the
optimum substrate temperature T ∗S discussed in Chapter 6.1. For TS<T ∗S , where an increase
of Ne with TS was found for all sample series, the activation remains constant within the
error limit. On the other hand, αAl(TS) drops significantly for TS>T ∗S , due to the combined
effect of increasing cFAl along with a decrease in electron density. Eventually, this even leads
to insulating films (αAl=0) for the targets with cTAl=3.6 and 8.7 at.% at TS above 400◦C and
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300◦C, respectively, where the Al concentration in the films reaches maximum values of about
19 at.%. In the case of the series with cTAl=0.7 at.%, this second regime is not visible, because
the decrease in Ne sets in only above T ∗S=500◦C.
Therefore, it can be concluded that the generally observed initial improvement in Ne with TS
is not the result of a higher doping efficiency, but is rather caused by the accumulation of Al
in the film, while αAl(TS) remains constant below T ∗S . However, the decrease of the electron
density for higher TS values is attributed to the electrical deactivation of the dopant.
The maximum Al activation is only about 35%, which is consistent with a published value
for AZO on unheated substrates [114].
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Figure 80: a) Film concentration of Al and
b) electrical activation of Al in ZnO vs. sub-
strate temperature for the four different target
Al concentrations. The nominal Al concentra-
tion at room temperature calculated from the
ZnAl sputter target composition is indicated
by crossed circles.
A plot of Al activation against cFAl reveals that the maximum activation is achieved only for
Al concentrations below a critical value of cFAl=(2.5±0.5) at.% (Figure 81a). Depending on
the fraction of Al in the sputter target, this critical Al concentration is reached at different
substrate temperatures, which explains the shift of T ∗S to higher values with decreasing cTAl.
Since in the case of cTAl=0.7 at.% the temperature induced Al enrichment in the films is
not sufficient to exceed the critical Al concentration, the corresponding αAl(TS) remains
constant in the temperature range up to 500 ◦C. On the other hand, for cTAl=8.7 at.% all
films have cFAl above the critical value independent of the substrate temperature, explaining
the overall reduced effective Al activation in these samples. Another effect of the increased
Al concentration in the AZO films is shown in Figure 81b. Up to cFAl=8 at.% there is little
variation in the mass density of the films calculated from the RBS data according to Eq.
(124). Most values scatter around 5.2 g/cm3 within the experimental error of about 0.2
g/cm3, which is a result of uncertainties in the film thickness and composition measurements.
However, if the Al concentration in the films increases above 12 at.%, as it is the case in the
series with cTAl=3.6 and 8.7 at.% at elevated TS , a significant decrease of mass density down
to 4.4 g/cm3 is observed.
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Figure 81: a) Electrical activation of Al and b) mass density of Al doped ZnO as a function of the
Al concentration in the films cFAl for the four different target Al contents cTAl. When cFAl increases
above a critical value of approximately 2.5 at.% the Al activation decreases, which eventually leads to
electrically insulating films. The mass density decreases with increasing cFAl from values close to bulk
wurtzite ZnO towards the bulk value of corundum Al2O3, shown as horizontal dashes lines.
In the case of Ga doped ZnO complementary PIXE measurements13 were performed in order
to obtain the atomic ratio of Ga to Zn from which their individual absolute concentrations
are then calculated by combination with the RBS analysis result (see Chapter 4.5.2). The
high sensitivity of the PIXE setup yields a relative uncertainty of 3 % at cFGa=1 at.%, which
arises from counting statistics and the fitting routine within GUPIX. This illustrates that
even very low Ga concentrations can be measured reliably with PIXE, whereas the relative
error for Al determined by RBS would already be 20 % for cFAl=1 at.%.
Figure 82a shows that on unheated substrates the Ga concentration in the films is given by
cTGa/2=0.4 at.% and increases up to 3 at.% at TS=600◦C. The TS dependence of the GZO
film elemental composition, determined by the combination of the RBS and PIXE methods,
resembles the observations made for AZO. Again, the increase in cFGa is associated with a
decreasing Zn concentration and a small excess of oxygen above the stoichiometric limit.
Thus, with increasing substrate temperature, the elemental composition deviates from the
commonly used Zn1−xGaxO sum formula and is given by Zn44Ga3O53 at TS=600◦C.
Also the effective activation of the Ga dopant as a function of TS clearly shows the two
regimes found earlier. For temperatures below 400◦C, where the maximum in Ne occurs
in this sample series (Fig. 52), a constant activation of (47±4) % is observed. Increasing
the substrate temperature above this value results in a decreasing Ga activation due to the
dropping Ne at continuously increasing cFGa.
13PIXE measurements were performed in collaboration with Dr. Frans Munnik (HZDR).
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Furthermore, both in AZO and GZO films, the electron density shows a characteristic increase
when pO2 is decreased at constant TS , which is followed by a roughly constant Ne below a
certain pO2 value (Figure 50a and 51). In order to clarify the origin of thisNe(pO2) dependence
a second GZO sample series grown at variable pO2 at fixed TS of 400◦C is investigated in the
following. The compositional analysis reveals that cFGa is not only a function of the substrate
temperature but also increases towards lower oxygen partial pressures (Figure 82b). It is
concluded that film growth at high pO2 partially suppresses the preferential desorption of
zinc, which limits the enrichment of the Ga dopant in the films. However, even at the highest
oxygen partial pressure of ≈105 mPa the cFGa is two times higher at TS=400 ◦ compared to
deposition on unheated substrates.
Although the changes in the effective Ga activation as a function of pO2 are not as pronounced
as in the case of high TS , three regimes can be distinguished. In the range of 60 to 100 mPa
the activation is constant at the same maximum value as observed in the TS series, which
means that the increase in Ne by reducing pO2 to 60 mPa is caused by the Ga enrichment
in the films rather than by a supposed increase in electrical activation. For pO2 below 60
mPa Ga deactivation sets in due to the further increasing Ga concentration, explaining the
previously observed saturation of Ne(pO2) in this regime. A comparison with the drop in
αGa(TS) above 400◦C implies that this Ga deactivation mechanism occurs when cFGa exceeds
a critical value of (1.6±0.3) at.%. The third regime is characterized by the decrease of Ga
activation for high oxygen partial pressures above 100 mPa, where cFGa is only about 0.8 at.%.
The latter suggests that a second deactivation process is active here.
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Figure 82: Ga concentration and effective Ga activation in polycrystalline GZO vs. substrate temper-
ature a) and vs. oxygen partial pressure b) as determined by combination of RBS, PIXE and Hall-effect
measurements. The dashed lines indicate different regimes of dopant activation. The corresponding
electrical properties were discussed in Figure 52b and 51, respectively.
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6.5.3 Discussion
It is known that, besides the creation of shallow donors due to the substitution of zinc by
the trivalent dopant atoms, also intrinsic donor type defects or hydrogen impurities may con-
tribute to the measured Ne [14, 103] and affect αD. However, in agreement with the low
hydrogen concentrations obtained by ERDA measurements, the electron densities in the un-
doped ZnO films are about two orders of magnitude lower than the Ne values of AZO and
GZO films prepared in the same range of deposition conditions (see Fig. 76). Taking this into
account would merely cause a reduction of αD by less than 2 % in absolute terms, which is
negligible compared to the other experimental uncertainties discussed above. Therefore, the
effect of intrinsic donor defects and hydrogen on αD is excluded from the further considera-
tions.
On the other hand, theory predicts a low formation enthalpy for the zinc vacancy, V2−Zn , in
degenerate n-type ZnO [34]. Thus, double charged acceptor type defects may form in a sig-
nificant concentration N2−A acting as efficient electron traps.
Consequently, the electron density is given by Ne=N+DZn- 2N
2−
A and Eq. (139) can be formally
rewritten as:
αD =
N+DZn − 2N2−A
ND
=
N+DZn
ND
(
1− 2N
2−
A
N+DZn
)
(141)
In the second step a distinction has been made between all dopant atoms in the film (ND) and
those situated on a zinc lattice site (NDZn), which are fully ionized at room temperature due
to their low ionization energy. Now the first factor on the right hand side can be interpreted
as the probability of dopant atom incorporation into the ZnO matrix as substitutional donor.
The second factor denotes the intrinsic compensation effect due to the formation of V2−Zn .
A quantification of the individual contributions of these two effects requires a self-consistent
mathematical treatment of the point defect equilibrium in ZnO [306, 34], which is beyond
the scope of this work. However, assuming that all Al or Ga atoms occupy Zn-sites in the
ZnO lattice ( N+DZn/ND=1) and that compensation is dominating, one may estimate the ac-
ceptor concentration from Eq. (141). In the case of Al doping, where a maximum activation
of 35% was observed at TS=300 ◦C, this results in N2−A =5.0×1020 cm−3, whereas for Ga
doped ZnO films with a maximum of αGa=47 % at TS=400◦C a lower acceptor concentration
of N2−A =2.5×1020 cm−3 is calculated. A comparison with the results of Look et al., who
obtained acceptor concentrations in the range of (1019..1020) cm−3 for PLD grown GZO films
by modelling temperature dependent Hall-effect data [262, 90], shows that the estimations
based on the presented data yield higher N2−A values at lower electron densities. Taking into
account the contribution of such high concentrations of double charged acceptors to ionized
impurity scattering by a factor Ne/(Ne + 6N2−A ) (see Equations (27) and (33)) would result
in an unrealistically low theoretical electron mobility limit of µ < 20 cm2/Vs for degenerately
doped ZnO (see Appendix C). The latter disagrees with the high mobility values above µ=45
cm2/Vs for Ne in the range of 4 to 6x1020 cm−3 observed in the present work. Furthermore,
the substantial difference in N2−A , and hence in the maximum effective dopant activation, for
AZO and GZO films can not be explained by the theory of point defect formation in ZnO
alone. In particular, the density of intrinsic VZn acceptors depends predominately on the
Fermi level position and should not depend on the type of extrinsic dopant [34].
Due to these reasons it is implausible that the observed dependence of αD on the substrate
temperature is solely determined by compensation of n-type doping by zinc vacancies. There-
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fore, also the fact that a certain fraction of the dopant atoms are not occupying Zn lattice sites
in ZnO (N+DZn/ND<1), leading to a reduced effective activation, must be considered. This
argument is supported by the significantly lower standard formation enthalpies of Al and Ga
containing oxides relative to ZnO (-350 kJ/mol) (see Table 4). Thus, the incorporation of
dopant atoms into secondary phases like Al2O3 (-1676 kJ/mol) and Ga2O3 (-1089 kJ/mol) is
energetically favoured above the desired substitution of Zn atoms by Al or Ga in the ZnO lat-
tice. The fraction of dopant atoms, which become effectively deactivated by this mechanism
is expected to increase with an increasing energy difference between the formation of the host
compound (ZnO) and the competing secondary phase. Indeed, a recent density functional
theory study of Körner et al. implies that the difference in the formation enthalpies of
Al2O3 and Ga2O3 results in a lower energy needed to form Ga+Zn as compared to Al
+
Zn donor
defects in ZnO [307]. This is consistent with the observed higher maximum dopant activation
of Ga (αGa=47 %) relative to Al (αAl=35 %) in the reactively sputtered ZnO films.
Moreover, the maximum concentration of dopant atoms that can be dissolved in the host
lattice (N+DZn) is limited by their solid solubility. Reported values are in the range of
(0.3 .. 2) at.% for Al in ZnO [308, 309, 310] and (0.5 .. 1.5) at.% for Ga in ZnO [310, 311],
respectively, depending on the preparation conditions and the characterization methods of the
resulting material. The latter are in reasonable agreement with the critical concentrations for
Al (2.5±0.5) at.% and Ga (1.6±0.3) at.% obtained in this work. Therefore, the previously
observed decrease in dopant activation, when cFD exceeds the critical value due to preferred Zn
desorption at elevated substrate temperatures or low pO2, is ascribed to the limited solubility
of the dopant atoms in ZnO.
On the other hand, oxygen rich deposition conditions suppress the Al+Zn and Ga
+
Zn formation
and promote the formation of compensating V2−Zn defects [34, 307], which leads to a decrease
of the second factor in Eq. (141). Hence, the observed decrease of the effective dopant acti-
vation in GZO at high oxygen partial pressure where cFGa is below the solubility limit can be
attributed to these processes. In addition, also the oxidation of Al and formation of Al2O3
was proposed as a deactivation mechanism acting during AZO film growth under oxygen rich
conditions [312].
Altogether, the above mentioned arguments suggest that a certain fraction of Al and Ga
dopant atoms in the investigated ZnO films are not substituting for Zn but are rather electri-
cally deactivated by secondary phase formation. The results of the XANES investigation of
Al doped ZnO films with various Al concentrations are not consistent with the formation of
the expected α-Al2O3 or cubic ZnAl2O4 spinel phases (see Chapter 6.2.4). Instead the shape
of the Al K-edge is attributed to the formation of a saturated ZnO-Al2O3 solid solution,
which is interpreted as a metastable homologous phase (ZnO)mAl2O3 (m=3) [86, 279]. The
latter is expected to be electrically insulating and in addition its stoichiometry is close to the
elemental composition range of Zn31..25Al15..19O54..56 obtained for the insulating AZO samples
grown at TS>T ∗S using the highest target dopant concentrations of cTAl=8.7 and 3.6 at.%.
Consequently, the observed dependence of the effective Al activation on cFAl and TS may be
explained in terms of the coexistence of the homologous phase, where the built-in Al atoms
are electrically inactive, and wurtzite ZnO doped by Al+Zn. In films with cFAl below the critical
limit of ≈2.5 at.% the volume fraction of (ZnO)3Al2O3 is small compared to ZnO and grows
proportional to the Al concentration, resulting in a constant αAl close to its maximum value
of 35 %. When cFAl exceeds the solubility limit in the ZnO phase (TS>T ∗S) an increasing frac-
tion of Al is build into the homologous phase, which leads to a decreasing effective activation.
Eventually, above Al concentrations of about 15 at.%, the AZO films become insulating due
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to the large volume fraction of the insulating (ZnO)3Al2O3 phase.
Although the Ga K-edge was not studied in this work, based on current literature data an
analogous deactivation mechanism is believed to be active in Ga doped ZnO, where simi-
lar layered (ZnO)mGa2O3 phases have been both predicted theoretically [313] and reported
experimentally [291].
6.5.4 Summary
In summary, the elemental composition and the effective dopant activation in reactively sput-
tered AZO and GZO films have been quantified by a combination of ion beam analysis meth-
ods and Hall-effect measurements. As a result of the preferential Zn desorption, during film
growth at elevated TS and low pO2, a characteristic enrichment of dopant atoms in the films,
accompanied by a reduced Zn concentration, is observed. Below a certain critical dopant
concentration limit, these growth conditions lead to increased electron concentrations, while
the effective dopant activation remains close to its maximum value of 35% and 47% for Al and
Ga doping, respectively. If the dopant concentration in the films exceeds cFAl=(2.5±0.5) at.%
or cFGa=(1.6±0.3) at.%, for instance by further increasing the substrate temperature above
T ∗S , the dopant activation decreases. The observed limitation and variation of the effective
dopant activation in n-type ZnO in dependence of TS and pO2 are consistently explained in
terms of two deactivation mechanisms. It is argued that besides charge carrier compensation
by acceptor type zinc vacancies, also a fraction of the dopant atoms is not acting as substi-
tutional cationic donors in ZnO. The latter is ascribed to a local range order of the dopant
atoms resembling the structure of homologous phases (ZnO)mX2O3, where X indicates Al
or Ga. The higher doping efficiency of Ga is consistent with the higher formation enthalpy
of Ga containing secondary phases as compared to Al. In the case of Al doped ZnO, the
formation of the insulating (ZnO)3Al2O3 is inferred from the Al K-edge signal probed by
XANES. The observed decrease of effective dopant activation in the AZO samples grown at
TS>T ∗S is attributed to the increasing volume fraction of this undesired phase resulting from
the limited solubility of the dopant atoms in the ZnO phase.
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7.1 Introduction
Research on TiO2 as a potential TCO material started only recently after a breakthrough
publication by Furubayshi et al. who reported electrical resistivity below 3×10−4 Ωcm in
Nb doped anatase TiO2 (a-TiO2) thin films prepared by PLD from ceramic TiO2/Nb2O5 tar-
gets onto single crystalline SrTiO3(100) substrates [22]. Shortly afterwards the same group
showed that also Ta acts as effective electron donor in anatase TiO2 and that the host material
tolerates a substitution of Ti atoms by Nb or Ta up to a dopant concentration of cFD=5 at.%
without secondary phase formation [23]. These findings triggered a wave of scientific interest
in TiO2 based TCO materials due to the low material cost and the possibility to combine
transparent conductivity with further properties like the high refractive index and the well
known photo-catalytic effect of TiO2 surfaces.
Table 15 gives an overview on literature reporting on the growth of transparent conductive
a-TiO2 based layers by different deposition methods. A comparison of the electrical prop-
erties shows that record mobilities of µ ≈25 cm2/Vs were achieved in epitaxial films grown
by PLD using low Nb and Ta doping levels of cFD=0.33 at.%, whereas the minimum resis-
tivity of about 2.5×10−4 Ωcm is reached by increasing the dopant concentration to ∼2 at.%
resulting in higher electron densities at the cost of decreased mobility. Independent of the
dopant concentration, the dopant activation was reported to be αD=(85..95) %, enabling
electron densities above 2×1021 cm−3 in a-TiO2 which is unusually high compared to the
conventional TCOs. Although these investigations demonstrated the potential of a-TiO2 as
a TCO material, neither the PLD technique nor epitaxial substrates are suitable for typical
large area TCO applications. Consequently, the investigations were extended to magnetron
sputter (MS) deposition and low-cost glass substrates. The main focus was put on rf-MS
of mixed oxide targets and more recently on DC-MS of oxygen deficient electrically conduc-
tive ceramics [314]. As shown in Table 15, the best reported electron mobilities for rf-MS
of Nb:TiO2 were in the range of (8 .. 13) cm2/Vs, even for epitaxial growth on SrTiO3 or
LaAlO3 crystals, indicating stronger electron scattering due to lower film quality compared
to PLD [315, 316]. Moreover, it was soon realized that direct growth of TiO2 layers on heated
amorphous substrates (glass) results in polycrystalline films with mobilities below 1 cm2/Vs
[317]. As a solution to this problem, a two-step method consisting of deposition of amorphous
TiO2 on unheated substrates and post-annealing in reducing atmosphere was used by several
authors. Initially, harsh annealing conditions of 600 ◦C in 1 atm H2 for several hours were
employed which resulted in maximum mobilities of up to 8 cm2/Vs at Ne=1.5×1021 [26, 317].
It was speculated that the improved mobility is due to the large crystallite size of several µm
observed in the annealed Nb:TiO2 films [315]. Recently, Neubert et al. could show that the
same mobility values can be reached in polycrystalline Ta:TiO2 by more practicable vacuum
annealing at only 425 ◦C [314]. However, nearly all of the above-mentioned studies were fo-
cused on MS of ceramic targets which includes the drawbacks of low deposition rate, limited
variability of oxygen deficiency in the films and high target costs in comparison to metallic
targets. Noteworthy electron mobilities up to 4 cm2/Vs in Nb:TiO2 prepared by reactive MS
were reported by Yamada et al. [317]. However, Yamada and co-workers operated the
reactive magnetron discharge in the oxidized mode.
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material cFD method substrate Tmax µ Ne αD Ref.
(at.%) (◦C) (cm2/Vs) (cm−3) (%)
Nb:TiO2 0.33 PLD STO(100) 550 27 2.4×1020 >85 [22]
2.0 16 1.6×1021 >90
Ta:TiO2 0.33 PLD STO(100) 550 <30 2.8×1020 >95 [23]
1.67 18 1.4×1021 >95
Nb:TiO2 0.67 pDC-RMS
(metallic)
STO(100) 400 18 3.8×1020 ≈65 this
work
Nb:TiO2 2.1 rf-MS LAO(100) 400 13 1.4×1021 >75 [315]
Nb:TiO2 4.65 rf-MS STO(100) 400 8 ≈2×1021 ≈50 [316]
Nb:TiO2 2.0 PLD
+H2 anneal
glass RT
600
8 1.5×1021 >85 [26]
Ta:TiO2 1.35 DC-MS
(ceramic)
+vac. anneal
glass RT
425
8 8.0×1020 66 [314]
Nb:TiO2 0.67 pDC-RMS
(metallic)
+vac. anneal
glass RT
400
≈5 3.6×1020 ≈65 this
work
Nb:TiO2 2.1 DC-MS
(ceramic)
+vac. anneal
glass RT
400
≈4 1.3×1021 >65 [318]
Nb:TiO2 2.0 DC-RMS
(metallic)
+H2 anneal
glass RT
600
3.9 1.7×1021 >90 [317]
Nb:TiO2 2.1 rf-MS glass
+seed layer
400 3.6 1.6×1021 >90 [315]
Table 15: Summary of literature data on electrical properties of degenerately doped anatase TiO2
thin films prepared by different methods: pulsed laser deposition (PLD), radio-frequency (rf-), di-
rect current (DC-) and pulsed DC reactive (pDC-R) magnetron sputtering (MS). The type of target
material is given in brackets to distinguish between reactive (metallic) and compound sputtering (ce-
ramic). The maximum deposition or annealing temperature is denoted by Tmax, while µ and Ne are
the maximum electron mobility and density at room temperature, respectively. The maximum dopant
activation (αD) is directly taken from the references if reported or otherwise calculated using Eq. (139)
assuming the metal ratio of the film equals the target composition.
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As a result very low deposition rates of only 0.02 nm/s were obtained and harsh annealing
(1 atm H2, 600 ◦C, 1 h) was required to reduce the oxygen rich films and activate the Nb
dopant.
Therefore, in this chapter, pulsed DC reactive MS of Nb:TiO2 is investigated with the aim
of understanding the influence of phase composition and oxygen deficiency on the electrical
and optical film properties. For this purpose three routes of film preparation are investi-
gated including direct growth at elevated substrate temperatures, post deposition annealing
of amorphous layers and epitaxial growth (Section 7.2). The previously developed method of
pO2 fine tuning using discharge current control has been used to control the oxygen deficiency
in the films, while maintaining high deposition rates. This approach aimed at stabilizing the
oxygen deficient anatase TiO2 phase and achieving maximum electron mobilities. An optical
model of the dielectric function of Nb:TiO2 with different crystalline structure and conduc-
tivity is established in Section 7.3. The origin of the apparent structure dependence of the
charge transport in polycrystalline and epitaxial anatase TiO2 layers is discussed in Section
7.4 in context of the dominant electron scattering mechanisms.
7.2 Control of phase formation and oxygen deficiency of Nb:TiO2
7.2.1 Direct growth of polycrystalline Nb:TiO2 at elevated temperatures
As a first step a wide range deposition parameter study was performed using conventional
oxygen flow (ΦO2) control at constant discharge power of 500 W and an Ar partial pressure
of 0.7 Pa to establish a parameter window in terms of ΦO2 and substrate temperature where
anatase TiO2 films can be obtained by pDC-RMS. It is found that films prepared on fused
silica substrates using the pure Ti and the TiNb alloy target (cTNb=2.2 at.%) show the same
dependence of phase composition on the growth parameters (Figure 83). The phase compo-
sition of the films with a thickness ranging from 150 to 350 nm was determined by grazing
incidence XRD exploiting its high sensitivity to nano-crystalline inclusions. Deposition at
oxygen flows below 5.5 sccm results in metal rich strongly absorbing films and thus only
higher oxygen flows are discussed here. For deposition temperatures below 150 ◦C the films
are X-ray amorphous independent of the oxygen flow with no detectable diffraction peaks be-
sides an amorphous halo originating from the f-SiO2 substrate. Between TS=150 and 300 ◦C,
polycrystalline films consisting of a mixture of anatase and rutile phase were obtained. Above
300 ◦C the phase composition shows a dependence on the oxygen flow. For ΦO2 ≤ 6.25 sccm
the mixed phase occurs, while growth at flows above 6.5 sccm yields pure anatase phase films
(blue area). However, the anatase phase is not thermodynamically stable at high substrate
temperatures, which is the reason for the appearance of mixed or even pure rutile phase films
when TS is increased above 550 ◦C at ΦO2 between 6 and 6.5 sccm. Apparently, higher oxygen
flow stabilizes the anatase phase on amorphous substrates at higher substrate temperatures.
This is in agreement with the reported evolution of the phase composition of rf-MS deposited
TiO2 films where a small oxygen fraction (< 1%) in the process gas was required to obtain
a-TiO2 using oxygen deficient n-type ceramic targets [315]. In the present work, oxygen defi-
cient electrically conductive TiO2 films (ρ < 0.1 Ωcm) are obtained only using O2 flows below
6.5 sccm (orange area) and they exhibit exclusively mixed or rutile crystalline structure.
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Figure 83: a) Dependence of phase composition and resistivity of TiO2 and Nb:TiO2 layers deposited
on fused silica at constant discharge power of 500 W, pAr=0.7 Pa using conventional O2 flow control.
The coloured areas indicate conductive films (orange) and pure anatase films (blue). The hatched area
corresponds to the width of the pO2-ΦO2 hysteresis region of the reactive discharge. b) Evolution of
phase composition in dependence of the oxygen flow (in sccm) and the substrate temperature (in ◦C).
The Hall mobilities in these films are below 1 cm2/Vs indicating electron hopping transport.
This is attributed to the presence of the rutile phase, for which large effective electron masses
above 20 me have been reported in case of single crystals [319]. Recent theoretical band-
structure and lattice dynamics calculations suggest that this high effective mass is caused
by strong polaron enhancement of the electron conduction band mass [123]. These results
show that sub-stoichiometric anatase TiO2 films can not be grown on fused silica using the
conventional flow control method. The changeover range of ΦO2 separating the region of
insulating anatase from conductive mixed/rutile phase layers corresponds to the oxygen flow
range, where the pO2-ΦO2 hysteresis of the reactive discharge occurs (hatched area). In ad-
dition, the increment step of used flow controller is limited to 0.1 sccm O2. Thus, it is not
possible to stabilize and precisely adjust the oxygen partial pressure in the transition mode
using conventional ΦO2 control for the reactive MS process.
As it was shown in Chapter 5, the reactive current-voltage curve of Ti sputtered in Ar/O2
exhibits type B behaviour (secondary electron emission coefficient decreases upon oxidation)
and stabilization in the transition mode requires current controlled operation. Therefore, in
a second step the oxygen flow is fixed and the discharge current, IT , is used as a control
parameter. The effect of IT variation on the deposition rate at constant oxygen flow is shown
in Fig. 84a. For a given ΦO2, the deposition rate increases continuously as IT is increased.
This is due to the sputter removal of the surface oxide formed on the Ti target, leading to
an increased Ti sputter yield. When the oxygen flow is increased, higher current densities
are required to remove the oxide forming on the target surface, explaining the shift of the
growth rate curve to higher discharge currents. This demonstrates that for any given oxygen
flow a current range can be found, where the discharge is stabilized in the transition mode
and the growth rate as well as the oxygen partial pressure vary continuously as function of
IT . Consequently, the optimum film stoichiometry, determined by the metal to oxygen flux
ratio, is obtained at a higher discharge current value for higher ΦO2. This effect is unique to
reactive sputtering of metallic targets and can be used to enhance the deposition rate even
further; the only limitation being the cooling capacity of the magnetron.
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In the following the oxygen flow is fixed to 5 sccm. From previous experiments it is al-
ready known that at this ΦO2 value stable operation in the transition mode is possible for
IT < 1300 mA (see Fig. 46). In this regime, IT control enables a precise adjustment of the
oxygen partial pressure with minimum reproducible pO2 steps of ∼2 mPa (compare Fig. 49).14
Optimum electrical film properties are obtained at pO2=(33..34) mPa (see below), which cor-
responds to a growth rate of ∼1.3 nm/s as indicated in Fig. 84a. This is about twice the
deposition rate reported by Neubert et. al for DC MS of reduced Ta:TiO2−x ceramics [314]
and significantly larger than the 0.02 nm/s reported by Yamada et al. for RMS of Nb:TiO2
in the oxidized mode [315]. Thus, IT controlled stabilization of the reactive MS discharge in
the transition mode is a promising technique for high throughput large area deposition of Ti
based TCOs.
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Figure 84: a) Film growth rate as function of discharge current for different oxygen flows. b) Effect
of oxygen partial pressure fine tuning by discharge current control at constant ΦO2=5 sccm on the
resistivity of Nb:TiO2 layers prepared by: direct MS deposition on unheated (blue) and heated (orange)
fused silica substrates; post annealing of amorphous films on Corning glass in vacuum (red); and
direct deposition on heated SrTiO3(100) single crystals (black). The grey area indicates the onset of
pronounced optical absorption in the visible spectral range.
The effect of oxygen partial pressure variation on the electrical resistivity of Nb:TiO2 layers
prepared at different substrate temperatures using the control of IT at constant oxygen flow
is shown in Fig. 84b. On unheated fused SiO2 substrates (TS<50 ◦C), X-ray amorphous
films with ρ=5 Ωcm are obtained at the lowest oxygen partial pressure of pO2= 30 mPa
(blue bullets). The resistivity increases above 100 Ωcm at pO2 ≥ 36 mPa. Increasing the
substrate temperature to TS=400 ◦C results in polycrystalline films exhibiting a decrease of
resistivity by two orders of magnitude to ρ=7×10−2 Ωcm at pO2= 29 mPa (orange squares).
Although ρ may be reduced by further decreasing pO2 below 30 mPa, this is not feasible
because of increasing optical absorption in the visible spectral range (grey shaded area), which
is attributed to excess of Ti in the films. Moreover, GIXRD and Hall-effect measurements
reveal that these oxygen deficient layers are characterized by an increasing fraction of the rutile
phase (indicated by dashed line) and electron mobilities below 1 cm2/Vs. Consequently, in
case of direct growth on heated f-SiO2 substrates, further improvement of electrical and optical
14Even finer pO2 adjustment may be possible using the IT control method. However, the minimum detectable
pressure difference is limited to ∼1 mPa due to the accuracy of the employed capacitance pressure gauge.
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properties is prevented by preferential rutile formation and enhanced optical absorption at
low pO2.
In order to explore possibilities to decouple stoichiometry control and phase formation, two
alternative approaches to the direct growth on heated fused silica are investigated in the
following. The first is the two-step process consisting of the growth of amorphous Nb:TiO2
layers on unheated substrates at different pO2 and subsequent crystallization by vacuum
annealing. The second approach is direct growth on heated SrTiO3 (STO) substrates, with
the intention to stabilize the anatase phase at low pO2 values by epitaxial lattice matching.
7.2.2 Post deposition vacuum annealing of amorphous Nb:TiO2
Prior to the annealing of amorphous films, an upper limit for the annealing temperature,
TA, is established by stepwise rapid thermal annealing (RTA) of a polycrystalline anatase
Nb:TiO2 film (deposited on fused silica at 400 ◦C, ΦO2= 7 sccm) in Ar atmosphere. Figure
85a shows the evolution of the anatase/rutile phase composition after each annealing step.
Up to TA= 600 ◦C, the anatase (101) peak area remains constant while its FWHM slightly
decreases. This may indicate relaxation of micro-strain and/or anatase grain growth. How-
ever, starting at TA= 600 ◦C, the rutile (110) peak appears and its a area increases with
further increasing the annealing temperature. This onset of rutile nucleation is in agreement
with the reported anatase to rutile phase transformation temperature of pure bulk anatase
in air [117]. The simultaneous vanishing of the anatase (101) peak indicates that the anatase
to rutile transformation is complete at about 900 ◦C. Consequently, avoid rutile nucleation
during post annealing of the amorphous layers, i.e. the two-step process, TA is limited to 550
◦C.
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Figure 85: a) Evolution of phase composition of polycrystalline Nb:TiO2 in dependence of the an-
nealing temperature during RTA in Argon with 5 minutes holding time per temperature step. b)
In-situ resistivity dependence on the annealing temperature monitored with a four-point-probe during
stepwise vacuum annealing of initially amorphous Nb:TiO2 films prepared at different pO2 on fused
silica substrates.
During vacuum annealing (p < 5×10−5 Pa) of the initially amorphous layers, the resistivity,
ρ, is monitored in-situ using a custom made four-point-probe. The latter was calibrated
using reference samples of the same geometry and known resistivity as determined by the
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van-der-Pauw method (see Section 4.1). Figure 85b shows the evolution of the resistivity
as a function of the annealing temperature for two Nb:TiO2 layers deposited at different pO2
values. Upon heating (50 ◦C steps, 10 min holding time) the resistivity decreases gradually
until at a certain critical temperature, T cA, a significant decrease of ρ by several orders of
magnitude within a few minutes is observed. This is attributed to the crystallization of the
amorphous material into the anatase TiO2 phase, as shown in Fig. 86b, which leads to the
activation of the Nb dopant impurities. In case of the sample prepared at 34 mPa this occurs
at T cA ≈ 450 ◦C and further increase of TA does not lead to further reduction of the resistivity
indicating that the sample is fully crystallized. During the cooling down phase, a metallic
temperature dependence (dρ/dT> 0) is observed, whereas the films exhibit a negative dρ/dT
coefficient before crystallization. This indicates that a semiconductor to metal (more precisely
degenerate semiconductor) transition occurs due to the crystallization of anatase by vacuum
annealing. It is noteworthy that this is accompanied by a resistivity decrease of more than
five orders of magnitude. Moreover, a shift of T cA to higher values is observed when pO2 is
increased during deposition of the amorphous material. This is in contrast to a report by
Hoang et al., who observed the opposite trend, during annealing of Nb:TiO2 in pure H2
[189]. The origin of this effect is still an open question but the difference may be explained by
an influence of hydrogen on the anatase phase formation. A comparison of the ρ(T ) curves in
Fig. 85b also shows that the final room temperature resistivity increases as pO2 is increased
during film deposition. This suggests that vacuum annealing at TA< 550 ◦C is sufficient to
form the anatase phase and activate the Nb dopant, but apparently this temperature is not
high enough to cause significant oxygen loss from the film. Since under oxygen rich conditions
the formation enthalpy of Nb+Ti donors increases, while the compensating Ti vacancies form
with higher probability [124], the effective dopant activation is determined by the oxygen
content of the as-grown material.
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Figure 86: a) Scanning electron microscopy image of vacuum annealed Nb:TiO2 films on fused silica
prepared at different oxygen partial pressures. The formation of micro-cracks is enhanced with in-
creasing pO2. b) XRD patterns of as grown and vacuum annealed Nb:TiO2 showing the crystallization
of amorphous material into pure polycrystalline anatase phase.
Furthermore, it is observed that the electrical resistivity of the vacuum annealed films on
fused silica substrates is not stable over time and increases within few minutes after the sam-
ples were exposed to ambient conditions. Some samples that were initially highly conductive
as measured by the in-situ four-point-probe, even turned insulating after few days. The scan-
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ning electron microscopy (SEM) images of the annealed films shown in Fig. 86a reveal that
this effect is due to the formation of micro-cracks. Thus, the films consist of large crystalline
’blocks’ with a lateral size of several micrometers, where current transport is possible if the
blocks are percolated. It is important to note that the large blocks visible in the SEM images
are not single crystallites but rather consist of a large number of smaller crystallites which can
be inferred from the secondary electron contrast variation within each block. This argument
is corroborated by the work of Junghähnel, who could show by the electron backscatter
diffraction (EBSD) technique, that the blocks in vacuum annealed Nb:TiO2 films are indeed
agglomerates of crystallites with a typical lateral extension of about 100 nm that grow radially
around a nucleation center [320].
The observed time evolution of the electrical resistivity is explained by the propagation of
these cracks through the material, which indicates that the post-annealed films on f-SiO2 are
under tensile in-plane stress. There are two possible reasons for the development of such
stresses during annealing: (i) volume contraction of the amorphous material upon crystalliza-
tion (increasing density) and (ii) mismatch of the thermal expansion coefficients of film and
substrate (compare Fig. 32). Additional Nb:TiO2 films were prepared on ’Corning Eagle2000’
glass (CEG) substrates using the same deposition and annealing conditions as for the films on
fused silica. Films on both substrates show the same behaviour regarding anatase nucleation
and evolution of resistivity during during in-situ vacuum annealing. However, in contrast to
the films prepared on f-SiO2 (α=5.5×10−7 K−1), the resistivity of Nb:TiO2 prepared on CEG
(α=36×10−7 K−1) is found to be stable after vacuum annealing. Thus, it is concluded that
the observed cracking of the vacuum annealed Nb:TiO2 films on f-SiO2 is mainly attributed
to the low thermal expansion coefficient of the substrate. Therefore, cracking of the films can
be effectively suppressed by the use of substrate materials with a small thermal expansion
coefficient mismatch to crystalline TiO2 (α> 45×10−7 K−1; see Table 1).
The resistivity of vacuum annealed films deposited on CEG substrates is depicted in Figure
84b by red bullets. Isothermal vacuum annealing at 400 ◦C for one hour in the deposition
chamber directly after film growth on unheated CEG results in the same electrical properties
as obtained in the in-situ annealing setup within error limit. The slightly lower required an-
nealing temperature compared to in-situ vacuum annealing is most likely an artefact related
to the different positions of the thermocouples used for temperature measurement in both
setups. The vacuum annealed Nb:TiO2 films exhibit a minimum resistivity of 3.5×10−3 Ωcm
at pO2= 34 mPa, which is about two orders of magnitude lower compared to the direct growth
at 400 ◦C. Such improvement of resistivity of TiO2 based TCOs by post-deposition annealing
instead of direct growth on heated substrates was also reported by several authors [317, 315].
The origin of this effect is not fully understood yet, but there is growing experimental evidence
that crystallization during post-annealing leads to the formation of larger anatase crystallites
and hence a lower defect density in the films, which enhances the electron mobility. Indeed,
the Hall mobility of the post-annealed optimum layer on CEG is increased from less than
1 cm2/Vs to about 5 cm2/Vs (see next Section).
Figure 87a shows a comparison of the corresponding transmittance and reflectance spectra
before (blue) and after isothermal vacuum annealing (red). The average visible transmittance
is about 70% for both cases. However, the difference between the interference maxima of the
transmittance spectrum of the annealed sample and the transmittance of the CEG substrate
indicates that the Nb:TiO2 layer absorbs a considerable fraction of visible light. This is con-
firmed by the calculated optical absorptance spectra showing a residual absorption of about
7% at 550nm (Fig. 87b), which is in good agreement with the expected absorption calculated
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from the film thickness of 300 nm and the extinction coefficient k(500 nm)=0.096 as deter-
mined by optical modelling of the spectroscopic ellipsometry spectra (not shown). Moreover,
an increase of the absorptance in the near infrared spectral range is observed which explains
the decrease of both transmittance and reflectance at wavelengths above 1000 nm upon vac-
uum annealing. This effect is ascribed to an increasing free electron density caused by the
activation of the Nb dopant during crystallization of the anatase phase. On the other hand,
the change of the optical absorptance in the visible spectral range upon annealing is negligible.
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Figure 87: Effect of vacuum annealing on optical properties of a 300 nm thick Nb doped TiO2 layer
on Corning glass. a) Photometric transmittance (T) and reflectance (R) spectra and b) calculated
absorptance. The decrease of T and R in the infrared spectral region above 1000 nm is due to the
increased free electron absorption caused by Nb donor activation upon crystallization.
This suggests that the residual absorption, in particular in the highly resistive virgin sample,
is not caused by the free charge carriers, but rather by electrically inactive (deep) point
defects. Although the discussed electrical and optical properties of Nb:TiO2 achieved by
vacuum annealing are already acceptable for certain applications, further improvement of
the resistivity is not to be expected, since further decrease of pO2 favours rutile nucleation
whereas at high pO2 an increase of ρ is observed which points to a lowered dopant activation.
Furthermore, an increased tendency to cracking after vacuum annealing is observed with
increasing pO2, as shown in Fig. 86a, which eventually leads to insulating films even on CEG.
Therefore, the next section is focused on achieving highest possible electron mobilities by
stabilizing the anatase phase via epitaxial growth on lattice matched substrates.
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7.2.3 Epitaxial growth on SrTiO3(100)
In order to investigate the effect of crystallographic ordering on the charge transport in
Nb:TiO2 epitaxial films are prepared on SrTiO3(100) substrates. The lattice mismatch be-
tween STO (a=0.3095 nm) and the a-axis of a-TiO2 is (0.3905-0.3785)/0.3905=3.1 %. There-
fore, it is expected that the anatase phase of TiO2 is stabilized in a wide pO2 range when
deposited on STO, similar to case of TiO2 growth on LaAlO3 substrates during RF-MS of
oxygen deficient ceramic targets with additional oxygen flow as reported by Yamada et al.
[315]. Moreover, this approach allows to study the influence of the oxygen deficiency intro-
duced by reactive magnetron sputtering at variable pO2 on the Nb doping efficiency in anatase
TiO2.
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Figure 88: a)-c) Electrical properties of Nb doped TiO2 layers and d) effective activation of Nb
dopant in anatase TiO2 as function of oxygen partial pressure. Direct epitaxial growth on STO(100)
single crystals is compared to the two-step method of vacuum post-annealing of amorphous films on
’Corning Eagle’ glass substrates. Lines are guide to the eye only.
Figure 88 shows the dependence of the electrical properties of epitaxial Nb:TiO2 on the
oxygen partial pressure. With decreasing pO2, the resistivity decreases to a minimum value
of 8.8×10−4 Ωcm at p∗O2=33 mPa. Hall-effect measurements show that this is due to a
simultaneous increase of both electron density and mobility. A maximum mobility of 18
cm2/Vs is achieved by pDC-RMS which is the highest mobility value for magnetron sputtered
anatase TiO2 based TCOs reported so far (compare Table 15). This mobility value is even
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approaching the record mobilities reported for high quality epitaxial films prepared by PLD
[22, 23]. Below the optimum pO2, the electron density decreases slightly, whereas the electron
mobility of the epitaxial layers drops significantly by a factor of about three, resulting in an
increase of the electrical resistivity. The Hall-effect data for vacuum annealed polycrystalline
Nb:TiO2 on glass is added to Figure 88 for comparison (red dots). Both, polycrystalline and
epitaxial films show the same electron density within error limit, which indicates that the Nb
dopant activation does not depend on the crystalline structure of the films. The elemental
composition of the films is determined by RBS measurements on twin samples deposited on
glassy carbon. A typical RBS spectrum of Nb:TiO2/C was already shown in Fig. 39. Due to
the large atomic mass of Nb, even small dopant concentrations can be determined precisely
using RBS. It is observed that in all samples, independent of the oxygen partial pressure in the
range of (30..52) mPa, the Nb concentration is (0.66±0.05) at.%, corresponding to a density
of (5.8±0.4)×1020 Nb atoms per cm3 in a-TiO2. Moreover, the measured Nb concentration
in the films corresponds to one third of the target Nb concentration of cTNb=(2.2±0.2) at.%
within error limits. Hence, the target metal ratio is directly transferred to the growing films
such that their composition may be written as Ti1−xNbxO2 where x=0.02. The mass density
of the layers is determined as (3.9±0.3) g/cm3, which agrees well with the bulk value of
3.8 g/cm 3 (see Table 1). The variation of the oxygen deficiency induced by the change of
pO2 during growth is found to be below the error limit of RBS and the film composition is
determined as cTi=(32.5±0.3) at.% and cO=(66.8±0.8) at.% for all films.
By combining the Nb concentration and electron concentration measurements the effective
Nb activation in dependence of pO2 is calculated according to Eq. (140). Fig. 88b shows
that a maximum Nb activation of (66±7) at.% is achieved at p∗O2=33 mPa. This value is in
agreement with the maximum dopant activation reported for magnetron sputtered Ta:TiO2
[314] and Nb:TiO2 [318] layers. Higher dopant activation values were only reported for PLD
grown Nb or Ta doped TiO2 films (see Table 15). However, it should be noted that in these
works, the dopant concentration in the layer was not quantified, but the activation was rather
calculated based on the nominal target composition.
When pO2 is increased, a continuous Nb deactivation is observed, and αNb drops below 10%
at pO2 > 45 mPa. First principles calculations of point defect formation in anatase show
that the Nb+Ti formation enthalpy is increased, whereas the Ti vacancy formation enthalpy is
lowered under oxygen rich conditions [124]. Thus the observed decrease of Nb activation is
probably attributed to compensation of electron doping due to the formation of Ti vacancies
acting as electron acceptors. For pO2 < 33 mPa also a slight decrease of Nb activation is
observed, which corresponds to the drop of electron density. This effect cannot be explained
in the framework of point defect formation in a-TiO2 but is probably related to the onset of
rutile nucleation and a concomitant change in defect formation enthalpies (see below).
It is important to note here, that both epitaxial and polycrystalline films show the same Nb
dopant activation, demonstrating that activation is governed by processes on the point defect
level whereas the degree of ordering of the crystallites plays no role. However, compared to the
epitaxial layers the electron mobility of polycrystalline films prepared by vacuum annealing
is significantly lower and does not exceed 5 cm2/Vs. This explains their higher resistivity
compared to the epitaxial films prepared at the same pO2. Clearly, the charge transport in
the anatase phase films is strongly affected by their crystalline ordering, which will be further
discussed in Section 7.4.
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Figure 89: Aligned symmetric ω-2Θ XRD scan of the epitaxial anatase Nb:TiO2 sample grown on
STO(100) at pO2=37 mPa. The main film and substrates peaks are labelled showing the out-of-
plane c-axis texture of the film. All unlabelled peaks are sattelites of the main peaks that stem from
wavelengths other than Cu-Kα as indicated for the STO(200) peak. No rutile TiO2 phase or other
secondary phases are observed.
The crystalline structure of the epitaxial films was investigated by XRD, to study effect of
pO2 variation on the electrical properties. Fig. 89 shows an aligned ω-2Θ XRD pattern of
epitaxial Nb:TiO2 grown at pO2=37 mbar. Besides the substrate SrTiO3(h00) peaks, only the
anatase (00l) diffraction peaks appear in the symmetric scan. No other crystalline impurity
phases are detected. Furthermore, the rocking curve widths of both diffraction orders of
the a-TiO2(00l) peaks are equal (FWHM ∼0.9◦) as shown in the inset. This indicates that
the film is c-axis textured according to the relationship a-TiO2[001] ‖ STO[100] and shows
a mosaic tilt of the crystallites with respect to the anatase c-axis. The expected epitaxial
growth of a-TiO2 on SrTiO3(100) is confirmed by XRD pole figure measurements of lattice
planes that are tilted with respect to the surface normal as shown in Fig. 90. Both, the
anatase (101) and (112) planes show fourfold symmetry when the sample is rotated about the
anatase c-axis. A well defined single domain epitaxy is observed and the in-plane epitaxial
relationship is a-TiO2[100] ‖ STO[001]. This is in contrast to the epitaxial growth of TiO2
on LaAlO3(011), where the formation of two rotational anatase domains was reported by
Hirose et al. [38]. These multiple domains in a-TiO2 layers on LaAlO3 are caused by the
presence of crystallographic twins within the LaAlO3 substrate.
The determined XRD parameters characterizing the evolution of the crystalline structure of
the epitaxial Nb:TiO2 layers in dependence of pO2 are summarized in Figure 91. Starting
at high oxygen partial pressures, both, the rocking curve width and integral breadth of the
a-TiO2 (004) peak are constant, indicating that the crystalline structure does not change as
shown in Fig. 91a. Therefore, the increasing resistivity at pO2>37 mPa does not correlate
with the evolution of the crystalline structure probed by XRD. This suggests that the decrease
of electron density is indeed related to changing concentrations of point defects. Moreover,
the concomitant decrease of electron mobility with Ne is characteristic of grain boundary
limited transport, which will be discussed in Section 7.4.
When pO2 is decreased below 37 mPa, however, the crystalline quality of the layers begins
to deteriorate. This is reflected both in an increased rocking curve width, indicating larger
mosaic tilt, and a simultaneous increase of 2Θ broadening. From the peak shape analysis
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Figure 90: a) Combined XRD pole figure of Nb:TiO2 on STO(100) showing the in-plane epitaxial
relation between film and substrate. Each ring of reflexes corresponds to a set of lattice planes with a
tilt angle χ relative to the surface normal (center of the figure) as indicated in b).
of the (004) and (008) diffraction peaks using the double Pseudo-Voigt method described
in Chapter 4.4, the crystallite size along the c-axis, L⊥, is found to be equal to the film
thickness (arrows in Fig 91b). Therefore, the increasing 2Θ integral breadth with larger
diffraction angle is attributed to a variation of the anatase (00l) lattice spacing (micro-strain).
For pO2 > 37 mPa the films exhibit a constant micro-strain of (0.26±0.03) %, whereas the
micro-strain increases to (0.57±0.06) % at pO2 = 30 mPa as as inferred from the increasing
slope of the Williamson-Hall plot.
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Figure 91: a) 2Θ integral breadth and rocking curve width of anatase (004) diffraction peak of
epitaxial Nb:TiO2 films on STO(100) in dependence of oxygen partial pressure. b) Separation of
size and strain contributions to the 2Θ integral breadth using a Williamson-Hall plot according
to the procedure introduced in Chapter 4.4. The increasing slope of the linear fits indicates higher
micro-strain in films grown at low pO2.
A detailed analysis revealed that the increasing structural disorder in the epitaxial films is
related to the nucleation of the rutile phase at low oxygen partial pressures as shown in Figure
167
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92. In the sample grown at the lowest pO2 of 30 mPa the appearance of additional broad
rutile (111) and (222) diffraction peaks is observed. The absence of any other rutile peaks, in
particular the most intense (110) reflex located at 2Θ=27.44◦, indicates that the rutile phase
nucleates with a specific crystallographic relationship within the anatase matrix. Based on
the symmetric XRD scans, the out-of-plane relationship is a-TiO2 [001] ‖ r-TiO2[111]. The
in-plane orientation of the rutile crystallites could not be determined since the low diffracted
intensity prevented pole figure measurements of asymmetric XRD reflexes corresponding to
the rutile phase. In addition a shoulder above the anatase (004) peak is identified as (112)
oriented anatase crystallites. Altogether, the structural investigations suggest that the forma-
tion of rutile, which disturbs the anatase phase formation is the origin of the drop of electron
mobility at low pO2. This effect may be attributed to the low electron mobility within rutile
TiO2 itself caused by its high effective electron mass [319, 123]. Moreover, the rutile nu-
cleation may also increase the density of crystallographic defects like grain boundaries and
dislocations which enhances the electron scattering. Thus, although the STO substrate still
stabilizes the anatase phase in the epitaxial layers, the oxygen deficiency favours the forma-
tion of rutile TiO2 inclusions. This result is in qualitative agreement with the previously
discussed trend to rutile formation during direct growth of polycrystalline TiO2 layers under
metal rich deposition conditions.
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Figure 92: XRD detail of Nb:TiO2 grown on STO(100) substrate at different oxygen partial pressures.
The appearance of additional anatase (a-TiO2) and rutile (r-TiO2) peaks at pO2=30 mPa is indicated
by arrows. Unlabeled peaks are due to diffraction of (◦) Cu-Kβ and (•) W-Lα wavelengths from
STO(h00) planes. The tungsten lines are not present in one of the scans, since the X-ray tube was
exchanged between the measurements. The intensity is normalized to the substrate peaks originating
from diffraction of Cu-Kα X-rays (not visible in graph).
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7.3 Optical modelling of structural and free electron effects
To model the complex dielectric function ε(ω) of the Nb:TiO2 films, the multiple oscillator
approach as introduced in Chapter 4.2 is employed. Both, ellipsometric (ψ,∆) and photomet-
ric (T,R) spectra were analysed in a simultaneous fitting procedure using the model dielectric
function (MDF) given by Eq. (79). The latter consists of three components describing the
contributions of: (i) the free-electrons in terms of the classical Drude model (εFE), (ii) the
fundamental optical transitions across the band-gap (εBG) using the PSEMI-M0 oscillator,
and (iii) higher energy interband transitions with critical points outside of the experimental
spectral range using a zero broadening Sellmeier pole (εHI).
In order to discuss the effects of crystalline structure and free charge carriers on the dielectric
function of Nb:TiO2, two extreme cases are compared in Fig. 93. The optical properties
of electrically insulating (εFE=0) and amorphous layers, as obtained by deposition on un-
heated fused silica substrates at pO2=50 mPa, are well described by a combination of a single
PSEMI-M0 oscillator in combination with a Sellmeier pole (Fig. 93a-c). A comparably
high PSEMI broadening (BP=340 meV) is required to achieve a good fit of the fundamental
absorption edge, indicating tailing of electronic states into the band-gap. An indirect optical
band-gap of Eg=(3.24±0.05) eV is obtained by calculating the absorption coefficient α ac-
cording to Eq. 85 and linear fitting of
√
α as a function of photon energy using the Tauc plot
method (not shown). This value is in good agreement with the experimental optical band-
gap of 3.2 eV for crystalline anatase [46]. For photon energies below the fundamental band-to
band transition, the real part of the dielectric function, ε1, converges to the ’high-frequency’
dielectric constant, ε∞, which determines the dielectric background within the Drude model
(see Eq. 18). A value of ε∞=(5.42±0.03) corresponding to a refractive index of n = √ε∞=
2.328 at ~ω=0.5 eV is obtained here, which is slightly lower than the isotropically averaged
experimental value for crystalline anatase (ε∞,iso=5.66).15 This is attributed to a lower mass
density of the amorphous phase, relative to crystalline a-TiO2.
Figure 93d-f shows the optical properties of conductive epitaxial anatase Nb:TiO2 grown on
STO at 400 ◦C near the optimum oxygen partial pressure.16 In this case, a more complex
MDF is required to model the experimental data since two additional effects are present com-
pared to the amorphous layer.17 First, it is observed that the fundamental absorption edge
splits into two transitions. Consequently, a parameterization of εBG involving two PSEMI-
M0 oscillators is employed to model the fundamental absorption edge and the parameters are
summarized in Fig. 93e. The best fit results in a decreased PSEMI broadening of about 170
meV indicating a lower density of electronic states within in the band-gap, compared to the
amorphous case.
Furthermore, the PSEMI-M0 oscillator positions and amplitude ratio are in good agreement
with the predicted dielectric function shape of anatase TiO2 based on electronic band struc-
ture calculations by Landmann et al. [119]. This correspondence increases the confidence in
the validity of the obtained MDF of the epitaxial a-TiO2 layers in the visible to UV spectral
15The isotropically averaged dielectric constant is obtained using the formula ε∞,iso = (ε∞,‖ε2∞,⊥)1/3 for the
values listed in Table 1.
16Transmittance spectra could not be measured for the epitaxial samples, since the used STO substrates are
single side polished.
17Note that an isotropic optical model was used here in order to be able to fit the data in the whole experimental
spectral range. Determination of anisotropic optical constants for uniaxial c-axis oriented films from (ψ,∆)
spectra is possible only in case of zero absorption (see [213, p. 13-19] for details).
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Figure 93: Experimental (open circles) and simulated (solid line) ellipsometric (ψ,∆) and photometric
transmittance and reflectance spectra of: a)-b) amorphous insulating Nb:TiO2 grown on unheated
fused silica and d)-e) epitaxial conductive (Ne=3.0×1020 cm−3, µ=14 cm2/Vs) Nb:TiO2 prepared on
STO(100) at 400 ◦C. The obtained model dielectric functions are shown in c) and f), respectively. The
effect of free charge carriers (Drude model) on the dielectric function is shown in f) by comparison
to another low conductivity epitaxial film grown at higher oxygen partial pressure. The given optical
model parameters are rounded to the last significant digit.
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range as shown in Fig. 93c and 93f, respectively. Secondly, a Drude term according to the pa-
rameterization given in Eq. (82) is added to the MDF to model the free electron contribution
to the dielectric function in the near-infrared spectral range. The effect of free electrons on
ε(ω) is illustrated by a comparison of two epitaxial samples with different conductivity grown
near optimum (Ne=3.0×1020 cm−3) and high pO2 (Ne<5.0×1019 cm−3). The fundamental
absorption of both samples can be modelled with the same parameters as listed in the graph,
except for a blue shift of the first PSEMI-M0 position by ∆E01 ∼ 100 meV as indicated in
Fig. 93f, which is attributed to a weak Burstein-Moss effect. The observed decrease of the
real part of ε(ω) in the infrared region, marked by the red arrow is due to the free electron
absorption and the best fit Drude parameters are given. Assuming that the optical electron
density equals the Hall electron density an effective electron mass of m∗=(0.44±0.04) me is
calculated from the Drude amplitude, AD, using Eq. (82). This value is slightly higher than
derived by Furubayashi et. al from optical modelling of Fourier-transform IR spectra of
epitaxial Nb doped TiO2 layers [39]. However, considering the experimental uncertainty of
about 10%, the agreement between both methods is acceptable. Furthermore, using Eq. (82)
an optical mobility of µopt=16 cm2/Vs is obtained from the Drude broadening parameter,
BD, which agrees well with the measured Hall mobility of 14 cm2/Vs. A high frequency
dielectric constant of (5.73±0.03) at ~ω=0.5 eV is obtained for the (highly resistive) epitaxial
Nb:TiO2 layer. This value is considerably larger than that of the amorphous layer and close to
the anatase bulk value of ε∞,⊥= 5.8 reported by Gonzales et al. [56]. It is noteworthy, that
due to this large high frequency dielectric constant, the plasma frequency ωp ∝ (
√
ε∞m∗)−1
of degenerately doped anatase TiO2 films is red shifted compared to conventional TCOs like
ZnO where ε∞ ≈ 3.7. Therefore, optical absorption due to free electrons in the visible spec-
tral range is suppressed and a-TiO2 remains highly transparent at comparably high electron
concentrations even if the electron mobility is low.
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7.4 Limits to charge carrier mobility in degenerately doped anatase TiO2
It is generally accepted that the electron transport in anatase TiO2 is dominated by scattering
at the polarization fields induced by longitudinal optical (LO) phonons [62, 39]. Quantum-
mechanically this can be understood as emission and absorption of phonons by the electron
travelling through the crystal [321]. Although this scattering mechanism is present in all
polar semiconductors, it plays only a minor role in the conventional TCO materials like
ZnO since ionized impurity scattering (IIS) becomes dominant at degenerate doping levels.
This is not the case in a-TiO2, even for electron concentrations above 1×1021 cm−3, as the
electron-impurity Coulomb interaction is effectively screened by the large static dielectric
constant.18 Therefore, the mobility related to LO phonon scattering is discussed in more
detail here. The theoretical treatment of electron-phonon interaction in polar semiconductors
goes back to the work of Fröhlich and Mott who first calculated the time of relaxation in
non-degenerate polar crystals at low temperatures [321]. Later Howarth and Sondheimer
extended the theory to the case of arbitrary degeneracy and temperature and established a
general expression for the electronic conductivity in polar semiconductors [322, 323]. Based
on these works, Look et al. proposed the following expression for the electron mobility due
to polar optical phonon scattering [90]:
µpo(T ) =
23/2pi~2ε0
(
e~ωLO/kT − 1
)
e0(~ωLO)1/2 m∗3/2 (ε−1∞ − ε−1s )
χ(T ) (142)
where ωLO is the LO phonon frequency and χ(T ) is a numerical correction term in the order of
1 that varies slowly with temperature. Equation (142) was successfully employed to calculate
the mobility in single crystals and epitaxial films of ZnO using an analytical approximation
for χ(T ) [90] or by simply setting χ(T ) = 1 [324][33, p. 43]. However, in case of a-TiO2,
inserting m∗=0.3 me [39] and the lowest anatase LO phonon energy ~ωLO=45 meV [56],
these approaches yield µTiO2po (300 K)=(100..140) cm2/Vs which is significantly larger than the
reported experimental lattice mobility of µL,⊥(300 K) = 30 cm2/Vs of anatase single crystals
with Ne ≈1×1018 cm−3 [62]. This discrepancy is likely caused by two unresolved issues: (i)
In contrast to ZnO there is more than one LO phonon branch in a-TiO2 due to the large
number of 12 atoms in the anatase unit cell [56]. Thus, Eq. (142) must be extended to
include occupation terms (e~ωLO/kT − 1) for several LO modes. (ii) In general χ(T ) can be
calculated numerically using a series expansion given by Howarth and Sondheimer [322].
However, in the case of room temperature and variable doping level this is not straightforward
since it is not known after which term to break off the calculation with sufficient accuracy.
Therefore, given that experimental mobility data of high quality anatase single crystals are
scarce in literature, a quantitative calculation of µTiO2po is not feasible for now. Nevertheless, it
is important to note that because of the µpo ∝ m∗−3/2(ε−1∞ − ε−1s )−1 dependence in Eq. (142)
the polar optical mobility in a-TiO2 is strongly anisotropic and decreases with increasing
electron density due to the increase of the effective electron mass caused by the shift of the
Fermi level into the non-parabolic conduction band.
Figure 94 shows a scatter plot of the room temperature Hall electron mobility versus density
18Using the DZP model for ionized impurity scattering introduced in Chapter 2.3 together with the material
constants listed in Table 1 yields an ionized impurity mobility of µTiO2ii =600 cm2/Vs in a-TiO2 compared
to only µZnOii =60 cm2/Vs in ZnO at 300 K and electron density of 1×1021 cm−3.
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data of anatase TiO2 obtained in this work (coloured symbols) in comparison to data reported
by various other research groups (black symbols). The data is distinguished into epitaxial films
and single crystals (open symbols) and polycrystalline films (full symbols). All epitaxial films
are c-axis oriented such that the current transport is perpendicular to the c-axis (subscript
⊥). An upper limit to the electron mobility perpendicular to the c-axis, µDZP,⊥, is calculated
using the DZP model for the ionized impurity scattering mobility, µii(Ne), introduced in
Chapter 2.3 combined with a constant lattice mobility of µL,⊥= 30 cm2/Vs [62]:
1
µDZP,⊥(Ne)
= 1
µL,⊥
+ 1
µii(Ne)
. (143)
This model appears to be valid for electron densities up to ∼3×1020 cm−3, whereas for higher
Ne a deviation towards lower mobilities is observed for the PLD grown Nb and Ta doped
epitaxial films of Furubayashi and Hitosugi et al. [22, 23].
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Figure 94: Scatter plot of room temperature Hall mobility vs. electron density of not doped (n.d.)
and Nb or Ta doped anatase TiO2. The results obtained by pDC-RMS in the present work (red and
blue colour) are compared to literature values (black symbols): epitaxial Nb (◦) and Ta () doped
layers prepared by PLD [22, 23, 39] or rf-MS [315, 316] ; polycrystalline Nb (•) and Ta () doped
films prepared by PLD [26] or MS of ceramic targets [318, 315, 314].
While Furubayashi et al. proposed additional electron scattering due to neutral dopant
impurities as a possible reason [39], this explanation seems rather implausible at RT given
the degenerate nature of the films and the low ionization energy of NbTi and TaTi. Moreover,
they did not consider the formation of Ti vacancies, V4−Ti , which lead to compensation of
n-type doping and may account for the reported increasing concentration of presumably
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’neutral’ Nb dopants as well as the decrease of electron mobility due to their contribution to
ionized impurity scattering. However, based on the generalized DZP model for IIS, it can
be shown that additional electron scattering due to charged Ti vacancies is not sufficient to
explain the observed decrease of electron mobility for Ne>4×1020 cm−3 in epitaxial a-TiO2
based TCO layers (see Appendix C). For instance, using the charge balance equation, a V4−Ti
concentration of 2.5×1020 cm−3 atNe= 1.1×1021 cm−3 is calculated from the data reported by
Furubayashi et al. [39], which yields a theoretical total mobility limit of about 22 cm2/Vs
whereas experimentally ≈9 cm2/Vs were measured. Instead, the decrease of the mobility
can be easily explained by taking into account the increase of the effective electron mass
with increasing doping level. According to Eq. (142), one finds µpo ∝ m∗−3/2 and at room
temperature, a simple correction for the (polar optical) lattice mobility as a function of the
electron density is obtained:
µnpL,⊥(Ne) = µL,⊥
(
m∗0,⊥
m∗(Ne)
)3/2
(144)
where µL,⊥ andm∗0,⊥ are the lattice mobility and effective mass at low electron concentrations,
while m∗(Ne) can be calculated using the non-parabolicity model of Pisarkiewizc given
by Eq. (29), as indicated by the superscript ’np’. For epitaxial Nb doped a-TiO2 layers
values of m∗0,⊥= 0.3 me and a non-parabolicity constant of C=0.32 eV−1 were reported by
Furubayashi et al. [39]. Based on these values, the lattice mobility as a function of Ne is
calculated using Eq. (144) and combined with ionized impurity scattering according to Eq.
(143). This yields a total mobility, µnpDZP,⊥, which is shown as grey dotted line in Fig. 94.
Although, this approach correctly describes the magnitude of the mobility decrease to about
one half of the maximum mobility at Ne=1×1021 cm−3, the mobility drop sets in at too low
electron densities compared to the experimental data. This is probably a result of the simple
non-parabolicity model that is valid only for electron transport in a single conduction band.
However, it was recently shown that in degenerately doped a-TiO2 more than one conduction
band contributes to the electron transport [120]. Thus, m∗ has a more complex dependence
on EF (Ne) than can be modelled using the approximation of Pisarkiewizc.19
In order to obtain an analytical µL(Ne) relation, the semi-empiricalMasetti expression given
by Eq. (34) is utilized here. Neglecting the ionized impurity term, this reads:
µ∗L,⊥(Ne) = µL,⊥ −
µ1
1 + (Nβ/Ne)β
. (145)
The total mobility, µ∗DZP,⊥(Ne), is again obtained by combination with the ionized impurity
scattering mobility according to the DZP model given by Eq. (143). As shown by the solid
red line in Fig. 94 this results in good agreement with the experimental data for the c-axis
oriented epitaxial layers using a residual mobility of µL,⊥ − µ1= 2 cm2/Vs together with the
parameters Nβ=1.7×1021 cm−3 and β=1.7. Interestingly, these values are close to the em-
pirical parameters for ionized impurity clustering in In2O3 and SnO2 reported by Ellmer et
al. [76, 33] (compare Table 3), but the similarity might be fortuitous.
In case of polycrystalline a-TiO2 layers, charge transport is isotropic in all crystallographic
directions and the total mobility can be obtained by isotropic averaging of the anisotropic
19Note that in the conventional TCOs (ZnO, CdO, SnO2 ..) the single band non-parabolicity approximation
acc. to Eq. (29) is appropriate since the CBM derived from the empty metal s-states indeed consists only
of one energy band (see [28]). This is in contrast to the d-state character of the CBM of TiO2.
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components of the single crystal electron mobility. The lattice mobility of a-TiO2 parallel
to the c-axis, µL,‖ at low electron concentrations and RT, however, was not experimentally
determined so far - although an anisotropic mobility in anatase single crystals was briefly
mentioned by Forro [62]. Yet, based on Eq. 142, it is possible to estimate a room tempera-
ture value of µL,‖ relative to µL,⊥ using the known anisotropy of the effective electron mass
and of the dielectric constants of anatase:
µL,‖ = µL,⊥
(
m∗⊥
m∗‖
)3/2
ε−1∞,⊥ − ε−1s,⊥
ε−1∞,‖ − ε−1s,‖
. (146)
Inserting an effective mass anisotropy ratio of 0.2/0.6=1/3 as reported by Hirose et al. for
epitaxial anatase films with low electron concentrations [38] and the dielectric constants, as
listed in Table 1, results in µL,‖ ≈ 6 cm2/Vs. Using equations (145) and (143), the total mo-
bility parallel to the c-axis, µ∗DZP,‖(Ne), is obtained which is added to Fig. 94 for reference.
The calculation of the total mobility for the isotropic (polycrystalline) case requires isotropic
averaging of effective mass according to m∗iso = (m∗⊥2m∗‖)1/3 ≈ 0.3 me and likewise for ε∞,iso
and εs,iso. Inserting these values into Eq. (146), i.e. by replacing all subscripts ‖ with ’iso’,
yields µL,iso ≈ 15 cm2/Vs. Finally with Eq. (143) one obtains the total mobility µ∗DZP,iso(Ne)
for polycrystalline anatase which is shown as the solid blue line in Fig. 94. The result demon-
strates that due to the pronounced anisotropy of a-TiO2 - in particular of m∗ - the maximum
electron mobility in polycrystalline films is limited to about half the mobility of (00l)-oriented
epitaxial films.20 This argument is supported by the observation that mobilities above 10
cm2/Vs in polycrystalline anatase layers have not been reported so far (compare Table 15).
Having established the upper mobility limits for epitaxial and polycrystalline anatase films
arising from LO phonon and ionized impurity scattering and Nb+Ti, it is observed that the ex-
perimental µ(Ne) values obtained in the present work are below the limiting curves and show
a trend to increase with Ne (coloured symbols in Fig. 94). The latter may be indicative of the
contribution of ionized acceptor defects (V4−Ti ) to IIS. Combining the previously determined
electron and Nb concentration values, compensating Ti vacancy concentrations of 1.3×1020
cm−3 to 5.0×1019 cm−3 for Ne ranging from 4.5×1019 cm−3 to 3.6×1020 cm−3, respectively,
are calculated using the charge balance equation. A comparison of the calculated total mo-
bility values arising from IIS at both the ionized Nb donors and Ti vacancies shows that this
effect is not sufficient to explain the observed decrease of mobility with decreasing Ne in the
epitaxial films (see Appendix C). Thus, it is plausible that Ti vacancies (V4−Ti ) are responsible
for the decrease of effective Nb activation with increasing pO2, whereas the additional IIS
caused by their presence does not contribute significantly to the total electron mobility.
These arguments suggests that the charge transport in the Nb:TiO2 layers prepared in the
present work is governed by grain-boundary scattering. In analogy to the previously discussed
case of ZnO (Chapter 6.4), the Seto model for grain-boundary limited transport is employed
here and combined with the two limiting µ∗DZP (Ne) curves for epitaxial and polycrystalline
a-TiO2, respectively, using Matthiesen’s rule. The data points are approximated using the
areal density of trap defects at the grain-boundaries, NT , and the lateral ’grain size’ L‖ as fit
parameters.
20Note that the term describing the anisotropy of the dielectric constants in Eq. 146 is close to unity, with a
relative deviation of less than 5%. Therefore, the obtained anisotropy of the electron mobility is predomi-
nantly attributed to the effective mass anisotropy of a-TiO2.
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The resulting combined total mobility µ∗DZP,⊥+Seto(Ne) and µ∗DZP,iso+Seto(Ne) for the epitax-
ial and polycrystalline cases are shown in Figure 94 as red and blue dashed curves, respectively.
structure cTNb NT L‖
(at.%) (1013 cm−2) (nm)
polycrystalline undoped 5.5±0.3 5±1
polycrystalline 0.66 5.5±0.3 5±1
epitaxial 0.66 5.3±0.4 27±4
Table 16: Grain boundary trap density (NT ) and lateral grain size (L‖) for undoped and Nb doped
a-TiO2 films of different crystalline structure. The values were obtained by using the combined Seto
and DZP model according to Eq. (138) and (143) to fit the room temperature Hall-effect data. The
error estimation includes the scatter of the data points as well as a weak correlation between NT and
L‖.
Table 16 gives a summary of the obtained best fit parameters. It is found that L‖ of epitax-
ial films is about 5 times larger compared to the polycrystalline films, which is reasonable
considering the high structural quality of the epitaxial layers on STO(100) as evidenced by
the XRD investigations above. Moreover, the transport data of both epitaxial and polycrys-
talline layers grown by pDC-MS can be described by the same trap defect density value of
about 5×1013 cm−2. This is of the same order as in the pDC-MS grown Al doped ZnO layers
discussed earlier, but about a factor of 5 higher compared to a report on PLD grown epitaxial
Nb:TiO2 films [39].21 It is speculated that the higher defect density in sputtered films may
be related to a higher flux and/or energy of negative oxygen ions during film growth.
It is interesting to note that the data of, both, the undoped and Nb doped polycrystalline
films can be modelled using the same set of (NT ,L‖) values explaining the mobility ’dip’
at Ne=1×1020 cm−3 (blue dashed line). This is a clear evidence for grain-boundary limited
transport in polycrystalline anatase TiO2 since no other scattering mechanism shows this
kind of µ(Ne) dependence (compare [33, p. 53]). Furthermore, this observation is in contrast
to the case of ZnO where grain boundary defect density was found to increase strongly even
for low Al or Ga doping levels (see Chapt. 6.4). This suggests that in a-TiO2 the grain
boundary-related trap defects are not due to Nb doping but can be attributed to intrinsic
structural defects. In addition, the parameterization obtained here also gives a reasonable
approximation of the RT Hall data of Ta-doped a-TiO2 films prepared by DC sputtered of
ceramic targets () as reported by Neubert et al. [314]. Thus, it can be concluded that
NT is comparable for the different sputtering techniques and does not depend on the type of
dopant.
Taking into account the discussed reduction of the electron mobility due to the isotropic av-
eraging of the phonon scattering limited lattice mobility in combination with grain boundary
scattering, a practical resistivity limit of ρmin ≈5×10−4 Ωcm is inferred from Fig. 94 for poly-
crystalline transparent conductive a-TiO2. Lower resistivity can only be obtained by further
increasing the dopant concentration at the cost of mobility, which results in enhanced optical
21Indeed, the mobility drop at Ne=1×1019 cm−3 for the epitaxial PLD grown a-TiO2 films visible in Figure 94
can be described using the simple transport model described here with a trap density of NT=1×1013 cm−2
and the same grain size of ∼30 nm.
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absorption in the visible spectral range and thus limits the applicability of such a material as
TCO.
7.5 Summary
In this chapter, it has been shown that, in contrast to the conventional regulation of oxygen
flow at constant discharge power, a more precise adjustment of the oxygen partial pressure
during film growth by pDC-RMS can be achieved by controlling the discharge current at con-
stant oxygen flow. Using this method, the oxygen deficiency of TiO2 based TCO films was
varied systematically with the aim of combining low resistivity with high transmittance. For
this purpose, the results of the characterization of Nb:TiO2 films prepared by three different
approaches have been presented.
Direct deposition on heated fused silica substrates resulted in polycrystalline films, with prop-
erties ranging from transparent and highly resistive at high pO2 to optically absorbing in the
visible spectral range and ρ>5×10−2 Ωcm at low pO2. The high resistivity was found to be a
result of very low electron mobilities of less than 1 cm2/Vs. These poor electrical properties
have been attributed to the preferential formation of the rutile TiO2 phase under metal rich
growth conditions, which renders the directly grown polycrystalline Nb:TiO2 films inadequate
for TCO applications.
It has been shown that the resistivity of the films can be improved by decoupling the oxygen
deficient film growth and the phase formation. Optimum polycrystalline Nb:TiO2 prepared
by post deposition vacuum annealing of initially amorphous layers on glass substrates with
matching thermal expansion coefficient show maximum electron mobilities of 5 cm2/Vs lead-
ing to a resistivity below 4×10−3 Ωcm. This improvement is due to the formation of large
and pure anatase phase crystallites upon vacuum annealing which is accompanied by the
activation of the Nb dopant impurities. Based on the analysis of ellipsometry and photomet-
ric spectra a parameterization of the dielectric function has been established, which allows
to model the optical properties of Nb:TiO2 ranging from insulating amorphous to highly
conductive epitaxial layers. The good agreement between optically and electrically deter-
mined electron mobility and density suggests that the classical Drude model is applicable to
Nb:TiO2, explaining the low optical absorption due to the red shift of the plasma frequency
mainly caused by the large high frequency dielectric constant of anatase.
Further increase of the electron mobility up to 18 cm2/Vs in Nb:TiO2 has been achieved by
pDC-RMS on heated STO single crystal substrates, which is shown to facilitate a stabilization
of the anatase phase by single domain epitaxy of anatase TiO2 in a wide range of oxygen par-
tial pressures. The high mobility is attributed to the low effective mass for charge transport
perpendicular to the anatase c-axis in the highly ordered films. However, it has been shown
that also in epitaxial Nb:TiO2 film the rutile nucleation at low oxygen partial pressures limits
the minimum obtainable resistivity.
A comparison of electron densities and Nb concentrations revealed that the effective Nb
dopant activation is the same in epitaxial and polycrystalline films and reaches a maximum
value of about 66 %. The observed drop of dopant activation with increasing pO2 has been
attributed to the formation of compensating Ti vacancies under oxygen rich deposition con-
ditions, that act as electron acceptors.
The free electron mobility limit in anatase TiO2 layers at room temperature has been discussed
in terms of electron scattering by longitudinal optical phonons. The decrease of mobility in
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epitaxial films at high Ne has been ascribed the an increase of the effective electron mass
due to the shift of the Fermi energy into the non-parabolic conduction band. Moreover,
the observed decrease of the maximum mobility in polycrystalline compared to c-axis tex-
tured epitaxial anatase films is shown to be a consequence of isotropic averaging over the
pronounced anisotropy of the effective electron mass. In contrast to the conventional TCOs,
ionized impurity scattering due to ionized Nb dopants and Ti vacancies is found to be neg-
ligible due to the screening of charge defects caused by the large static dielectric constant of
a-TiO2. The observed mobility ’gap’ at an electron density of about 1×1020 cm−3 was consis-
tently explained in terms of electron scattering at grain-boundary induced potential barriers
which are present both in polycrystalline and epitaxial films. Altogether, an analytical model
describing the dependence of the room temperature mobility on the electron density has been
established, which may be used to predict the material limit of achievable electrical properties
in degenerately doped anatase TiO2 based TCOs.
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8 Conclusion and Outlook
The present thesis addresses the room-temperature charge carrier transport properties and
the activation of extrinsic cationic dopants in ZnO and TiO2 based transparent conductive
oxide (TCO) thin films prepared by pulsed DC reactive magnetron sputtering. The work
was guided by the question to which extent the electrical and optical properties of these
materials can be ultimately improved for use as transparent electrodes in modern electro-
optical devices. The influence of the oxygen partial pressure, substrate temperature, dopant
concentration and substrate type on the properties (Al,Ga) doped ZnO and Nb doped TiO2
thin films has been studied systematically. The correlations between electrical, structural and
optical properties as well as the elemental composition of the films have been characterized
by a combination of Hall-effect, XRD, spectroscopic ellipsometry, spectral photometry, RBS
and PIXE techniques including complementary XANES and TEM studies. This experimental
approach enabled a comprehensive investigation of the ZnO and TiO2 based material systems
including the following achievements:
• An alternative process control method based on the material specific current-voltage-
pressure characteristics of the reactive magnetron discharge has been established, which
allows to precisely control the oxygen deficiency of the sputter deposited films.
• The Al and Ga dopant activation in ZnO have been quantified systematically for a
wide range of Al concentrations and deposition conditions. For the first time, a direct
comparison of the Ga and Al doping efficiency was possible, demonstrating that Ga is
a more efficient electron donor in ZnO.
• The fundamental understanding of the mechanisms leading to the deterioration of elec-
trical properties of Al doped ZnO layers at elevated growth temperatures has been
extended, which may serve as a basis for the realization of deposition processes for high
performance ZnO based TCO layers.
• For the first time, it has been demonstrated that high free electron mobilities in polycrys-
talline and epitaxial Nb:TiO2 layers can be achieved by reactive magnetron sputtering
from alloy targets. The suppression of the rutile phase formation and the control of
the Nb dopant activation by fine tuning the oxygen deficiency have been identified as
crucial for the growth of high quality TiO2 based TCO layers.
• Analytical models have been established that describe the charge transport in degen-
erately doped ZnO and anatase TiO2 thin films allowing the prediction of material
specific electron mobility limits by identifying the dominating charge carrier scattering
mechanisms.
• The dielectric functions of degenerately doped ZnO and TiO2 have been modelled com-
prehensively by combining spectroscopic ellipsometric and photometric data in a wide
spectral range. This approach has provided new insights into the origin of the transition
from highly conductive to electrically insulating ZnO layers due to the incorporation of
Al and demonstrated the suppression of the free carrier absorption in TiO2 due to its
high refractive index.
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Current-voltage-pressure characteristics of the reactive magnetron discharge
The investigation of the current-voltage relationship of the reactive magnetron discharge in
Ar/O2 atmosphere has shown that the material specific change of the ion induced secondary
electron yield upon oxidation of the metallic targets results in two distinct types of I-V
curves. While Zn and Al belong to the type of metals characterized by an increase of sec-
ondary electron emission, Ti and Nb show the opposite behaviour when oxidized. It has
been demonstrated that both types of reactive magnetron discharges can be stabilized in the
transition mode without external feedback loops by controlling either the discharge voltage
for Zn, ZnAl, and ZnGa or the discharge current for Ti and TiNb alloy targets, respectively.
This approach has been employed successfully for the fine tuning of the oxygen partial pres-
sure at constant O2 gas flow during deposition by exploiting the oxygen getter effect of the
sputtered metal. Controlling the oxygen deficiency of, both, ZnO and TiO2 based transparent
conductors in this way was shown to be crucial to achieve the highest electron mobility and
optical transmittance.
Al/Ga dopant activation and charge transport in ZnO
Al and Ga doped ZnO films with dopant concentrations in the range of (0 .. 19) at.% of Al
and (0 .. 3) at.% of Ga, respectively, covering a spectrum from intrinsic semiconductors over
highly conductive degenerate semiconductors to disordered insulators, have been prepared by
reactive magnetron sputtering. It has been observed that for a given sputter target composi-
tion an optimum oxygen partial pressure and substrate temperature exist where the minimum
resistivity occurs. The existence and the shift of the optimum substrate temperature to lower
values with decreasing oxygen partial pressure and higher target dopant concentration has
been explained by a competition of several processes. The observed initial improvement of
electron density when increasing the growth temperature starting from unheated substrates
has been attributed to the accumulation of Al/Ga in the films while the electrical donor
activation remains constant. The concomitant increase of electron mobility originates from
a combination of structural defect annihilation during growth and reduced grain boundary
scattering due to the saturation of grain boundary related trap defects caused by the higher
density of electrons. In contrast, the simultaneous deterioration of electrical and structural
properties above the optimum substrate temperature was attributed to an accumulation of
Al/Ga above a certain critical concentration, which is in the order of reported solubility limits
of Al/Ga in ZnO. The latter is reached at lower growth temperatures if films are grown under
oxygen deficient conditions or using higher target dopant concentrations.
A detailed investigation of the degraded Al:ZnO samples revealed a deactivation of the
Al donor, build-up of micro-strain, increasing structural disorder, widening of lattice con-
stant, blue shift and broadening of fundamental optical absorption edge, presence of mixed
tetragonal and octahedral oxygen coordination of Al and phase separation into ZnO and
ZnAl2O4 during post-deposition annealing - all of which have been consistently explained
by an atomic arrangement of the Al atoms that resembles the structure of a theoretically
predicted metastable (ZnO)3Al2O3 homologous phase [279, 280]. In part, these degradation
effects have also been observed in Ga doped ZnO, albeit less pronounced due to the lower
absolute Ga concentration, suggesting that a similar deactivation mechanism is present in
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GZO. These findings extend the present knowledge on effects of extrinsic doping and sec-
ondary phase formation on the electro-optical properties of ZnO.
The experimental results obtained in the present work enable for the first time a direct quan-
titative comparison of Al and Ga dopant activation in ZnO prepared in the same range of
deposition conditions. Is has been shown that Ga is a more efficient electron donor with an
effective maximum activation of (47±4) % compared to Al with a value of less than 35 %,
which has been attributed to the smaller difference in formation enthalpy between ZnO and
the secondary phases that contain Ga than those which contain Al. These results confirm
theoretical calculations of point defect formation energetics in ZnO predicting that substitu-
tion of Zn by Ga is energetically more favourable than substitutional doping by Al [307].
The room temperature Hall-effect data of degenerately doped ZnO-based layers could be
described by an analytical model revealing that the charge transport is determined by scatter-
ing at ionized impurities and grain boundary potential barriers. In optimized polycrystalline
Al:ZnO and Ga:ZnO films maximum mobilities of (44..46) cm2/Vs at electron densities of
(4..6)× 1020 cm−3 have been achieved, approaching the fundamental material limit given by
electron scattering at the ionized donor impurities themselves. Moreover, it has been shown
that increasing Al and Ga concentrations correlate with higher grain boundary related trap
defect densities in ZnO, extending the current view that these defects originate mainly from
the bombardment by energetic particles during growth [33, p. 61][76]. Based on these find-
ings, it is argued that a lower resistivity limit of 2×10−4 Ωcm exists above which the optical
absorption by free charge carriers becomes detrimental for ZnO based TCO applications.
Nb dopant activation and charge transport in TiO2
Nb doped TiO2 polycrystalline and epitaxial films with a fixed dopant concentration of
0.66 at.% Nb have been grown by reactive pulsed DC magnetron sputtering using several
preparation routes. It has been demonstrated that the preferential rutile phase formation
under oxygen deficient growth conditions counteracts the formation of highly conductive and
transparent TiO2 based TCO layers during direct growth on heated glass substrates. The
most promising technique for obtaining polycrystalline anatase TiO2 layers with high electron
mobilities is the two step method including the growth of amorphous oxygen deficient lay-
ers on unheated substrates and subsequent crystallization and Nb activation during vacuum
annealing. The Nb activation is found to be highly sensitive to the oxygen deficiency of the
layers and reaches a maximum value of about 66 %. Based on the comparison of electrical
properties between polycrystalline and epitaxial c-axis oriented anatase Nb:TiO2 layers, a
model is presented that explains the significantly lower electron mobility in polycrystalline
anatase in terms of the highly anisotropic electron-phonon scattering. In view of the results
obtained in this work, a practical resistivity limit of about 5×10−4 Ωcm is predicted for poly-
crystalline degenerately doped anatase TiO2. Reaching this limit requires an increase of the
Nb dopant concentration and a precise control of the oxygen deficiency in order to suppress
the rutile phase formation and achieve the maximum dopant activation in the layers. De-
spite the comparably low electron mobility in polycrystalline TiO2 layers, they are promising
for specific TCO applications since the high refractive index significantly suppresses the free
charge carrier induced optical absorption in the visible spectral range.
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Outlook
The employed material specific method of discharge stabilization and oxygen partial pressure
fine adjustment during reactive MS of oxides is a promising alternative to existing process
control schemes. Recent experiments indicate that this method is applicable to the large
area magnetron sputter deposition of ZnO based TCO layers [325, 326]. Further experiments
investigating the current-voltage-pressure relationship of reactive MS discharges of other ox-
ide/nitride systems together with self-consistent modelling of the plasma-target surface inter-
action including secondary electron emission may give insight into the fundamental processes
involved. This may explain the pronounced non-linearity and the material dependence of the
current-voltage relation and enable predictions of whether the method can be transferred to
control the stoichiometry of other reactively sputtered thin film materials.
Further insight into the mechanisms determining the Al dopant activation in ZnO may be
gained by comparison of the XANES Al-K edge spectra to first principles calculations of the
atomic structure of Al related defects in ZnO. A recent study suggests the possibility that
defect complexes could play a role in the Al dopant incorporation in ZnO [327]. In view of the
observed difference between the effective Ga and Al dopant activation it would be interesting
to quantify the electrical activation of other dopant elements in ZnO. In particular a compar-
ison to other group III donors like B and In may help to identify general doping rules and
defect formation mechanisms. Due to the large variety of shallow dopants, ZnO may serve as
a model material system for the experimental verification of point defect calculations based
on first principles thermodynamics. In the light of the discussed ionized impurity scattering
model, a significant improvement of the electron mobility in homogeneously and convention-
ally doped ZnO is not to be expected. However, alternative concepts like modulation doping
or transition metal doping should be explored in more detail with respect to achieving high
electron mobilities as was successfully demonstrated for In2O3 based TCOs [36, 37].
Since thermal post-treatment of initially amorphous TiO2 layers has been shown to result
in the highest electron mobilities, rapid thermal methods like flash lamp or laser annealing
should be explored aiming at ultra-fast crystallization and dopant activation. This would
greatly improve the chances of integration of TiO2 based TCOs into modern in-line large-
area production processes. Following the argumentation presented in this work, electron
mobilities above 10 cm2/Vs are not to be expected in polycrystalline anatase TiO2 due to the
pronounced anisotropy of the dominant electron-phonon scattering. Thus, a promising ap-
proach to further increase the electron mobility would be the investigation of seed layers that
introduce a preferred c-axis orientation in anatase TiO2 thin films. So far, first experiments
have demonstrated that the seed layer method can be used to obtain electron mobilities in
directly grown TiO2 layers which are comparable to those obtained by the post-annealing
method [189, 315].
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Appendix A: Inkson-Berggren-Sernelius model for band-gap
narrowing
An analytical model describing the band-gap narrowing in n-type degenerately doped semi-
conductors was developed by Inkson [328]. It is based on the assumption of a free electron
gas of density Ne interacting with a uniform background of positively charged impurity ions.
Anisotropy of the conduction band bottom (CBM) is ignored. The band gap decrease due to
electron-electron self-interaction (∆Eee) is given by [298]:
∆Eee = − e
2
0 kF
2pi2ε0εs
[
1 + pi kTF2 kF
− kTF
kF
arctan
(
kF
kTF
)]
(147)
where εs is the static dielectric constant and kF is the Fermi wavevector:
kF =
(
3pi2Ne
)2/3
(148)
and kTF is the inverse Fermi screening length:
kkF =
(4 kF
pi a∗0
)1/2
. (149)
The effective Bohr radius a∗0 is
a∗0 =
4piε0εs ~2
e20 m
∗ (150)
and non-parabolicity of the conduction band is introduced by using the expression ofPisarkiewizc
(Eq. 29) to calculate the effective electron mass m∗(Ne) at the CBM as a function of the
electron density [82]. Furthermore, according to Berggren and Sernelius the band gap
narrowing due to electron scattering at the screened impurity ions (∆Eei) is given by [298] :
∆Eei = − e
2
0 Ne
ε0εsa∗0 k3TF
(151)
This model was used to calculate the theoretical dependence of the optical band-gap of ZnO
on the electron density including the Burstein-Moss effect according to (Eq. 4):
E∗g (Ne) = Eg + ∆EBM + ∆Eee + ∆Eei (152)
The results are presented in Fig. 75 together with experimental data for Al and Ga doped
ZnO films.
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Appendix B: Parameters for TRIDYN simulations
All TRIDYN [168] simulations were performed using an updated version of ’tridynfzr.exe’ from
Jan-2002 with modified data output together with the graphical user interface TRIDYN.GUI.22
As a reference, the employed input settings and parameters are listed here, to enable recal-
culation of data and estimations discussed in this work. For further details on the meaning
and calculation of the parameters the reader is referred to the TRIDYN user manual [162].
parameter setting / value
recoil behaviour subtreshold free
inelastic interaction model equipartition
max. order of collisions 1
model of diffusion diffusion and reemission
bulk binding energy (eV) 0
cut off energy (eV) 0.5
stopping correction (eV) 1
max. atomic fraction of metal in target 1
max. atomic fraction of argon in target 0
max. atomic fraction of oxygen in target 1/2 (ZnO); 2/3 (TiO2)
surface binding energy of Ar 0
Table 17: General TRIDYN settings.
Surface binding energies of atoms in compounds were calculated using the solid-gas model
with variable surface binding energy. In this framework the oxygen dissociation energy of
EDiss(O2)=5.16 eV was used and the interaction between oxygen atoms in the target was
neglected. For the calculation of atomic densities the metal was chosen as the principal
component with mass densities of ρZn=7.14 g/cm3 and ρTi=4.50 g/cm3, respectively.
compound mass density -∆H f atomic density surface binding energy
(g/cm3) (kJ/mol) (1022 cm−3) (eV)
AnBm AB AB AB A B AA AB=BA BB
ZnO 5.6 351 8.29 6.57 11.2 1.35 6.89 0
TiO2 (rutile) 4.2 944 9.49 5.65 14.4 4.89 13.7 0
Table 18: Input parameters used for TRIDYN calculations.
22The TRIDYN GUI v0.95 was programmed by Dr. Bartosz Liedke (b.liedke@hzdr.de, HDZR)
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Appendix C: Influence of ionized acceptor defects on charge
transport in TCOs
The analytical Dingle-Pisarkiewiecz-Zawadski (DZP) model for ionized impurity scat-
tering (IIS) in degenerate semiconductors introduced in Section 2.3 holds for charge carrier
scattering at a single type of charged point defects which are randomly dispersed in the lat-
tice. Since the dominant charged impurities in TCOs are typically the (positively charged)
extrinsic ionized donor impurities deliberately introduced to create free electrons, the DZP
model is often sufficient for the description of charge transport in these materials. However,
both, first principles calculations of point defect formation in ZnO and anatase TiO2 [34, 124]
and experimental observations reported in literature [90, 262] and in the present work suggest
that degenerate n-type doping of TCOs is generally accompanied by the formation of intrinsic
metal vacancies, such as V2−Zn and V
4−
Ti , acting as electron acceptors. As the concentration of
these intrinsic acceptors depends only on the energetics of the host lattice and the position of
the Fermi, EF , with respect to the conduction band edge, this compensation effect can be re-
garded as a material property of TCOs. When the concentration of compensating negatively
charged defects is sufficiently high, they may contribute significantly to the ionized impurity
scattering of free electrons and impose a fundamental material limit to the achievable charge
carrier mobility.
Under the assumption that IIS can be described as statistically independent scattering at
two populations of charged defects [90], namely electron donors with a concentration ND
and charge state ZD and electron acceptors with density NA and charge state ZA, the total
mobility (at RT) is given by
1
µ
= 1
µL
+ 1
µii,D
+ 1
µii,A
, (153)
where µL is the lattice mobility including phonon scattering effects, and the last two terms
describe the IIS mobility due to charged donors and acceptors. According to Eqs. (27)-(31)
these terms have the general form:
µii,D =
Ne
Z2DND
f(Ne,m∗, εs) and µii,A =
Ne
Z2ANA
f(Ne,m∗, εs) , (154)
where f depends only on material properties of the host crystal and the electron density, Ne.
Furthermore, the charge neutrality condition must be fulfilled, which reads
Ne + ZANA = ZDND (155)
in case of degenerate n-type doping, where the assumption of full ionization is feasible because
the energy difference between EF and the (shallow) donor and acceptor energy levels is large
compared to kT (compare Fig. 1). Inserting Eqs. (154) and (155) in (153) allows to calculate
an effective IIS mobility, µii,eff, including both populations of charged defects
µii,eff =
Ne
Z2effNeff
f(Ne,m∗, εs) =
Ne
ZD(Ne + ZANA) + Z2ANA
f(Ne,m∗, εs) . (156)
Using Eqs. (153), (155) and (156) together with the material properties listed in Table 1,
the total mobility of degenerate n-type TCOs at room temperature as a function of electron
density can be calculated for different combinations and concentrations of donor and acceptor
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defects. The calculated mobility may then be compared to experimentally determined Ne and
ND values to decide whether IIS at acceptor defects plays a significant role for the charge
transport in the considered material. For this purpose the total mobility of ZnO and a-TiO2
based TCOs is shown in Figure 95 for different acceptor concentrations. For the calculation it
was assumed that the extrinsic donor impurities form single charged point defects (e.g. Al+Zn
and Nb+Ti).
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Figure 95: Total mobility in a) degenerate n-type ZnO and b) anatase TiO2 as function of electron
density calculated based on the DZP theory for ionized impurity scattering. The total mobility due
to electron scattering at single charge donor impurities, µDZP, is shown as black solid line. In case of
TiO2, the semi empirical mobility limit including the effect of increasing effective mass on the lattice
mobility is shown as dashed black line (see Section 7.4 for details). The coloured dashed lines show
the effect of compensating intrinsic metal vacancies on the total mobility.
It should be noted that the probability of formation (and thus the density) of intrinsic acceptor
defects increases as the Fermi level shifts into the conduction band with increasing electron
density [34, 124]. Therefore, in reality the total electron mobility may be an interpolation of
the different curves of constant acceptor concentration shown in Figure 95. Nevertheless, Fig.
95 is useful to estimate upper mobility limits when both the electron concentration and the
donor (dopant) concentration in the films are determined experimentally.
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